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PREFACE 


In  keeping  with  the  mission  of  AGARD,  the  Structuies  and  Materials  Panel  (SMP)  has  traditionally  provided  aircraft 
deterioration  control  information  to  member  nations  through  its  Corrosion  Subcommittee.  This  Specialists'  Meeting  on  High 
Temperature  Surface  Interactions  continues  that  tradition.  In  today's  climate  of  life  extension  for  military  aircraft,  the  topic 
of  corrosion  control  assumes  a  role  of  greater  importance.  This  specialists'  meeting  focused  on  controlling  the  deteriorative 
effects  of  the  flight  environments  on  aircraft  engine  materials. 

It  was  noted  that  not  all  corrosion  control  techniques  are  tremendously  expensive.  The  simple  washing  of  aircraft  and 
engines  with  fresh  water  and  simple  cleaners  greatly  helps  to  preclude  corrosion  failures.  Considering  engine  corrosion,  there 
are  several  surface  degradation  problems  that  are  encountered.  These  include:  high  temperature  oxidation;  hot  corrosion, 
sulfidation;  fretting  and  wear.  These  topics  and  the  state-of-the-art  solutions  including  protective  coatings,  were  addressed  in 
five  sessions  in  two  and  a  half  days.  It  is  expected  this  information  will  prove  useful  to  the  maintenance  community  of 
NATO’s  aircraft. 

The  publication  of  the  proceedings  of  this  specialists'  meeting  brings  to  closure  the  existence  of  this  subcommittee. 


John  J.  de  Luccia 

Chairman,  Subcommittee  on  Corrosion 


Traditionnellement,  et  conformement  a  la  mission  de  l'AGARD,  le  Panel  AGARD  des  Structures  et  Materiaux  (SMP)  a 
foumi  aux  pays  membres  de  l'OTAN  des  informations  concemant  le  controle  de  la  deterioration  de  structure  d’aeronefs  par 
le  biais  de  son  sous-comite  pour  la  corrosion.  Cette  reunion  de  specialistes  sur  les  interactions  haute  temperature/surface 
perpetue  cette  tradition.  Le  vif  interet  manifesto  aujourd’hui  par  la  communaute  aeronautique  pour  la  prolongation  du  cycle 
de  vie  des  avions  militaires  ne  fait  que  souligner  l'importance  de  la  maitrise  de  la  corrosion.  Cette  reunion  de  specialistes  a 
porte  sur  la  maitrise  des  effets  corrosifs  de  l'environnement  operationnel  sur  les  materiaux  constitutifs  des  moteurs  d’avion. 

II  a  ete  note  que  toutes  les  techniques  de  lutte  contre  la  corrosion  ne  sont  pas  necessairement  ties  couteuses;  le  simple 
fait  de  laver  le  fuselage  et  les  moteurs  des  avions  avec  de  1'eau  douce  et  un  detergent  evite  le  plus  souvent  les  defaillances 
provoquees  par  la  corrosion.  Dans  le  cas  particular  de  la  corrosion  des  moteurs,  les  problemes  de  degradation  de  surface 
sont  divers  et  comprennent  l’oxydation  a  haute  temperature  (le  calaminage),  la  corrosion  a  chaud,  la  sulfuration,  le 
frottement  et  l’usure.  L’ensemble  de  ces  questions,  ainsi  que  des  solutions  incorporant  les  demieres  techniques,  y  compris  les 
revetements  anticorrosion,  ont  ete'  examinees  en  cinq  seances  au  cours  des  deux  jours  et  demi  de  la  reunion.  Ilya  tour  lieu  de 
croire  que  ces  informations  seront  d’une  grande  utslite  pour  les  organismes  de  maintenance  des  avions  de  l’OT AN. 

La  publication  du  compte-rendu  de  cette  reunion  de  specialistes  marque  la  fin  des  travaux  de  ce  groupe. 


John  J.  de  Luccia 

Chairman,  Subcommittee  on  Corrosion 
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HIGH  TEMPERATURE  SURFACE  INTERACTIONS:  OVERVIEW 
by 

Robert  A.  Rapp 

Department  of  Materials  Science  and  Engineering 
The  Ohio  State  University 
Columbus,  Ohio  43210  U.S.A. 


SUMMARY 


A  novel  mechanistic  model  is  presented  to  explain  and  interrelate  thd  means  for 
vacancy  annihilation,  stress  generation  and  scale  adherence  for  cation/vacancy 
diffusion-limited  scale  growth  on  a  pure  metal.  Specifically,  the  climb  into  the  metal 
of  a  fraction  of  the  intrinsic  interfacial  misfit  edge  dislocations  accounts  for 
vacancy  annihilation,  ultimately  leading  to  cooperative  dislocation  glide  in  both  the 
metal  and  the  scale. 

The  hot  corrosion  of  metals  by  thin  fused  salt  films  is  treated  in  terms  of 
oxide  solubilities,  electrochemical  experimentation,  and  corrosion  mechanisms.  The 
chemistry  of  mixed  sodium  sulfate/vanadate  melts,  and  the  influence  of  vanadate  on  the 
solubilities  of  oxides,  are  presented. 

Temperature  limitations  to  the  protection  of  carbon/carbon  substrates  by  Sic 
conversion  coatings  are  discussed.  Specifically,  the  rate  of  vitreous  silica  film 
growth  on  Sic,  the  partial  pressures  of  SiO  and  CO  at  the  SiC/Si02  interface,  and  the 

conditions  for  active/passive  volatilization  of  Sic  are  considered.  The  vapor 
pressures  for  volatile  iridium  oxides  as  a  function  of  temperature  and  oxygen  pressure 
are  calculated. 

Analyses  and  experimental  verification  of  simultaneous  chromizing/aluminizing 
coating  of  Ni-base  alloys  in  a  chloride-aativated  cementation  pack  are  explained. 

These  inwardly  grown  diffusion  coatings  promise  improved  resistance  to  thermal  fatigue 
and  to  hot  corrosion. 


1.  INTRODUCTION 

An  overview  of  the  corrosion  of  materials  at  elevated  temperatures  including 
some  mechanistic  interpretation  and  methods  for  minimization  of  corrosion  or  coating  of 
materials,  represents  an  imposing  task  which  obviously  cannot  be  treated  extensively  in 
detail  here.  Therefore,  I  have  chosen  for  consideration  four  different  subtopics  with 
which  I  have  been  involved,  as  an  indication  of  the  status,  opportunities,  and  problems 
in  high  temperature  corrosion.  The  areas  discussed  are: 


1.  Scale  Growth  on  a  Pure  Metal  by  Cation/Vacancy  Diffusion 

2.  Hot  Corrosion  of  Materials 

3.  Protection  of  Carbon-Carbon  Composites 

4.  Codeposition  Diffusion  Coatings  by  the  Pack  Cementation  Method 


2.  SCALE  GROWTH  ON  A  PURE  METAL  BY  CATION/VACANCY  DIFFUSION 

Ever  since  the  earliest  studies  of  oxidation,  this  subject  has  been  one  of 
interest  and  importance.  To  predict  the  parabolic  scaling  rate  for  a  pure  metal 
forming  a  dense,  adherent  one-phase  scale,  Wagner  (1)  needed  only  to  assume  that  the 
scale  interfaces  were  in  local  equilibrium  with  the  contacting  gas  and  metal  phases. 
However  a  classic  question  for  scale  growth  by  cation/vacancy  diffusion  which  has 
endured  (until  recently) ,  is  the  exact  mechanism  for  the  annihilation  of  vacancies  at 
the  metal/scale  interface.  The  relevant  diffusional  fluxes  are  indicated  schematically 
in  Fig.  1.  Previously,  the  assertion  has  been  made  that  vacancies  arriving  throuqh 
the  scale  are  annihilated  by  the  climb  of  dislocations  in  the  metal,  or  else  by  vacancy 
condensation  at  grain  boundaries  or  at  second  phase  boundaries  (alloy)  in  the  metal 
(2) .  Limited  to  these  means,  a  perfect  single  crystal  could  not  be  oxidized  unless  it 
generated  dislocations  or  other  vacancy  sinks.  Likewise,  a  simple  calculation  shows 
that  the  dislocation  density  in  an  annealed  metal  is  not  adequate  to  support  the 
vacancy  annihilation  required  for  scale  growth. 

Last  year,  Pieraggi  and  Rapp  (3)  suggested  a  novel  mechanism  for  vacancy 
annihilation  at  the  metal/scale  interface  which  is  consistent  with  the  following  known 
(TEM)  characterization  of  the  locality: 

1.  epitaxial  metal/scale  relations,  leading  to  excellent  contact/ adhe rence ,  at 
the  metal/ scale  interface, 

2.  local  tensile  stresses  in  the  metal  and  compressive  stresses  in  the  scale 
at  the  interface 

3.  locally  high  dislocation  densities  in  the  metal  and  the  scale  near  the 
interface . 


Figure  2  shows  a  compute r-drawn  schematic  illustration  of  the  positions  for 
metal  atoms  and  cations  in  a  dominant  epitaxial  arrangement  for  a  particular  (simple) 
orientation  for  the  growth  of  HiO  on  Ni.  Consistent  with  the  18%  larger  cation  spacing 
in  the  oxide  compared  to  the  atom  spacing  in  the  metal,  the  equilibrium  metal/scale 
interface  is  comprised  of  a  two-dimensional  grid  of  intrinsic,  misfit  edge  dislocations 

of  spacing  s°  in  Fig.  3a  corresponding  to  approximately  two  extra  atomic  planes  in  the 
metal  for  each  13  atom  planes.  As  a  means  to  annihilate  vacancies  while  retaining 
epitaxy,  Pieraggi  and  Rapp  (3)  proposed  that  a  crossed  pair  of  the  interfacial  misfit 
dislocations  climb  into  the  metal,  while  the  residual  misfit  dislocation  network 
increases  its  spacing  to  s'  as  shown  in  Fig.  3b.  This  readjustment  introduces  elastic 
tensile  stresses  in  the  metal  and  compression  in  the  oxide  at  the  interface.  Continued 
oxidation  and  vacancy  annihilation  drives  the  dislocation  loops  deeper  into  the  metal 
and  activates  the  climb  of  other  pairs  of  interface  misfit  dislocations,  with  an 
associated  increase  in  interfacial  stress.  Upon  reaching  some  critical  stress, 
corresponding  to  a  dislocation  spacing  of  s'  in  Fig.  3c,  one  or  both  of  two  stress 
relaxation  processes  would  be  activated: 

1.  glide  of  edge  dislocations  in  the  oxide,  or 

2.  dissociation  of  the  dislocation  loops  in  the  metal  to  provide  glissile 
partials  which  return  by  glide  to  the  interface,  and  upon  recombination, 
enter  the  misfit  dislocation  grid  in  the  interface. 

Figure  4  illustrates  schematically  in  two  dimensions  the  progressive  operation 
of  the  interfacial  misfit  dislocations  for  the  annihilation  of  vacancies.  This 
proposed  mechanism  is  consistent  with  the  known  characteristics  of  the  metal/scale 
interface  (listed  earlier),  and  would  provide  the  needed  vacancy  sinks  even  for  the 
scaling  of  a  perfect  single  crystal.  Unfortunately,  direct  TEM  evidence  for  the 
validity  of  this  model  would  require  interfacial  lattice  resolution  in  a  heated  stage, 
which  is  not  yet  practical. 


3.  HOT  CORROSION  OF  MATERIALS 

The  corrosive  degradation  resulting  from  the  condensation  or  impingement 
deposition  of  thin  fused  salt  films  on  metallic  hardware  at  elevated  temperatures  is 
known  as  "hot  corrosion".  Consistent  with  the  early  suggestions  of  Bomstein  and 
DeCrescente  (4,5)  and  Goebel  et  al.  (6,7),  high-temperature  (Type  1)  hot  corrosion  is 
thought  to  involve  an  acidic  or  basic  fluxing  of  the  protective  oxide  on  a  metal  or 
alloy,  and  a  reprecipitation  of  the  oxide  as  non-protective  particles  in  the  salt  film. 
As  illustrated  schematically  in  Fig.  5,  Rapp  and  Goto  (8)  suggested  a  negative 
solubility  gradient  for  the  protective  oxide  in  the  fused  salt  film  as  a  criterion  for 
sustained  hot  corrosion.  The  development  of  solid-state  reference  electrodes  permits 
the  identification  of  local  values  for  the  oxygen  activity  and  basicity  (defined  as  - 
log  aNa  Q)  in  fused  Na2S04  melts  or  related  solutions,  or  even  in  fused  salt  films. 

Recent  measurements  (9)  have  led  to  quantitative  determinations  of  the  solubilities  of 
several  oxides,  and  their  dependencies  on  oxygen  activity  and  melt  basicity  in  fused 
Na2S04  at  1200K,  as  shown  in  Fig.  6.  The  large  separations  in  the  solubility  minima 
between  the  protective  acidic  oxides  Cr203  and  Al2o3  and  the  basic  oxides  for  the 

metals  Ni,  Co  and  Fe  point  to  a  problem  of  synergistic  dissolution  for  multiphase 
scales  on  high-temperature  alloys.  When  the  local  salt  basicity  is  found  between  the 
solubility  minima  for  two  oxides,  the  oxide  ions  released  upon  the  acidic  dissolution 
of  the  more  basic  oxide  will  serve  as  a  reactant  for  the  basic  dissolution  of  the  more 
acidic  (protective)  oxide.  Thus,  the  rate  of  dissolution  of  each  oxide  is  accelerated, 
as  demonstrated  recently  by  Hwang  and  Rapp  (10).  The  threat  of  synergistic  hot 
corrosion  emphasizes  the  importance  for  the  elimination  of  low  stability  oxides  during 
the  transient  oxidation  of  alloys  or  coatings. 

3.1  Reaction  Trace  During  Hot  Corrosion  of  Preoxidized  Nickel 

The  two  solid-state  electrochemical  probes  have  been  attached  to  coupons  of 
nickel  which  were  then  preoxidized  and  subsequently  exposed  to  thin  films  of  fused 
Na2S04  or  related  (chromate  or  vanadate)  solutions  in  a  S02/S03/02  gas  phase  (ll) .  The 

continuous  indications  of  the  average  oxygen  activity  and  basicity  for  the  fused  salt 
film  can  be  plotted  onto  the  Na-Ni-S-0  phase  stability  at  1200K  as  shown  in  Fig.  7. 

For  a  99%  pure  Ni  coupon,  after  an  initiation  period  of  about  15  min. ,  the  oxygen 
activity  of  the  salt  film  dropped  suddenly  into  a  regime  of  NiS  (and  Na2S)  stability, 

and  the  film  basicity  increased  significantly.  During  a  period  of  rapid  hot  corrosion, 
the  local  salt  chemistry  was  found  to  remain  on  the  basic  side  of  the  solubility 
minimus  for  NiO,  as  indicated  by  the  dashed  line  in  Fig.  7.  After  rapid  corrosion  for 
10  hours  had  consumed  the  coupon,  the  reference  electrodes  showed  that  the  salt  film 
reached  an  equilibrium  with  the  surrounding  gaseous  environment.  Auxiliary  SEM  and 
EDAX  measurements  have  shown  that  sulfides  were  indeed  formed  at  the  metal/soale 
interface  when  the  salt  film  infiltrated  the  initial  oxide  scale  to  contact  the  metal. 
The  observed  shift  in  basicity  upon  substrate  sulfidation  is  consistent  with  the  model 
proposed  by  Goebel  and  Pettit  (6). 
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The  sustained  basic  dissolution/reprecipitation  of  Nio  meets  the  negative 
solubility  gradient  criterion  of  Rapp  and  Goto  (s).  This  first  measurement  of  a 
"reaction  trace"  points  to  "cathodic  overpolarization"  as  the  primary  problem  in  hot 
corrosion.  In  Fig.  8,  the  solubility  plot  for  NiO  (12)  is  embellished  with  schematic 
drawings  of  the  solubility  gradients  expected  for  basic  and  acidic  dissolution  of  NiO. 
Clearly,  only  basic  dissolution  of  NiO  provides  the  negative  solubility  gradient  needed 
to  sustain  NiO  precipitation  in  the  salt  film.  Interestingly,  the  average  salt  film 
chemistry  was  dominated  by  the  substrate  interaction,  and  not  a  gas  phase 
equilibration.  When  99%  pure  Ni  was  provided  with  a  much  thicker  initial  oxide  scale, 
exposure  to  the  fused  Na2S04  salt  film  in  the  S02/S03/02  gas  resulted  in  negligible 

corrosion,  and  as  seen  in  Fig.  9,  the  salt  film  chemistry  remained  on  the  acidic  side 
of  the  Nio  solubility  minimum,  while  the  sulfidation  of  nickel  was  observed  to 
initiate  sustained  hot  corrosion  by  a  basic  salt  film,  a  very  basic  salt  composition 
was  also  found  to  support  sustained  hot  corrosion  of  preoxidized  nickel  without  the 
occurrence  of  Ni  sulfidation.  Thus,  the  negative  solubility  gradient  is  a  more  general 
criterion  for  sustained  hot  corrosion  than  is  substrate  sulfidation. 

3.2  Sulfate/Vanadate  Chemistry  and  Oxide  Solubilities 

Recently,  Zhang  and  Rapp  (13)  measured  and  interpreted  the  solubilities  of  the 
oxides  Hf02,  Ce02,  and  Y2o3  in  a  sulfate/ vanadate  solution  of  0.7Na2S04/0.3NaV03  at 

1200K.  These  oxides  may  find  application  as  components  in  thermal  barrier  oxide 
coatings  for  marine  gas  turbines  exposed  to  the  combustion  products  of  vanadium- 
contaminated  fuels.  Figure  10  provides  a  comparison  of  the  solubility  of  Ce02  in  pure 

Na2S04  to  that  in  the  sulfate/ vanadate  solution.  Obviously,  the  acidic  solubility  of 
Ce02  in  the  mixed  solution  is  much  higher,  leading  to  a  shift  in  the  solubility  minimum 

to  a  higher  value  at  a  more  basic  condition.  Because  this  increased  acidic  solubility 
is  tied  to  the  complexing  of  oxide  ions  by  metavanadate  ions  to  form  orthovanadate 
ions,  an  equivalent  increased  solubility  in  metavanadate  melts  must  be  expected  for  all 
oxides.  Hwang  and  Rapp  (14)  have  analyzed  the  acid-base  chemistry  of  sulfate/vanadate 
solutions  in  order  to  interpolate  and  extrapolate  the  limited  solubility  measurements. 
Figure  11  shows  the  calculated  vanadate  solute  concentrations  for  an  ideal  sodium 
sulfate/vanadate  solution  as  a  function  of  basicity.  By  use  of  these  values,  the 
solubility  of  cec>2  in  any  sulfate-rich,  Na^O^-Na^VO^  solution  can  be  calculated,  as 

plotted  in  Fig.  12,  upon  the  assumption  of  a  constant  activity  coefficient  for  the 
acidic  Ce(V03)4  solute.  Thus,  limited  measurements  of  Ce02  in  the  0.7  Na2S04-0. 3NaV03 

solution  can  be  interpolated  to  predict  the  solubility  for  other  sulfate/vanadate 
solutions.  Likewise,  upon  the  assumption  of  the  same  activity  coefficient  for  the 
acidic  solute  of  Cr203  in  the  sulfate/vanadate  solution,  as  for  the  pure  sulfate  melt 

(where  the  only  solubility  measurements  exist) ,  the  solubility  of  Cr203  in 

sulfate/vanadate  solutions  can  be  predicted,  as  shown  in  Fig.  13.  Obviously,  these 
assumptions  about  the  solution  thermodynamics  should  receive  experimental  testing.  In 
any  case,  the  presence  of  even  a  small  amount  of  vanadate  solute  in  sulfate  salt  films 
causes  a  significant  increase  in  the  acidic  solubility  of  any  oxide. 


4.  PROTECTION  OF  CARBON-CARBON  COMPOSITES 

4.1  Silicon  Carbide  Coatings 

The  exceptional  strength  of  carbon-carbon  composites  at  very  high  temperatures 
cannot  satisfy  potential  applications  unless  coating  systems  are  developed  to  prohibit 
the  outward  diffusion  of  carbon,  the  inward  ingress  of  oxygen,  and  the  rapid  growth  or 
excessive  volatilization  of  the  protective  oxide  scale  (film).  To  date,  Si-rich  SIC 
conversion  (diffusion)  or  CVD  coatings  have  sufficed  for  the  demonstration  of  coated 
C/C  blades  in  dynamic  tests  for  about  S  hrs.  in  a  combustion  product  environment  at 
about  1760  c  (3200  F) .  Figure  14  shows  an  extrapolation  of  the  parabolic  rate  constant 
data  of  Schlichting  (15)  for  the  growth  of  a  protective  vitreous  silica  film  on  Sic. 

For  the  stated  conditions  (5  hrs.  at  1760  C) ,  about  5  microns  of  Sic  would  be  converted 
to  Sio2.  In  the  absence  of  other  problems,  including  the  doping  of  lower  valent 

impurity  cations  which  reduces  the  silica  viscosity  and  increases  oxygen  permeability, 
Fig.  14  would  present  absolute  minimal  values  for  the  thickness  of  an  Sic  coating  to 
protect  C/C. 

However,  another  problem  is  likely  to  intercede  before  scale  growth  becomes 
excessive,  namely,  the  generation  of  gases  (bubbles)  at  the  Sic/Si02  interface,  as  is 

treated  for  2000K  (3141  F)  by  Fig.  15.  The  calculated  isobars  for  the  gases  SiO(v)  and 
CO(g)  along  the  sloping  line  for  SiC/Si02  coexistence  reveal  several  important  facts 

(16).  In  equilibrium  with  carbon  (three-phase  equilibrium),  the  C0(g)  partial  pressure 
equals  34  atm,  enough  to  percolate  gas  through,  and  damage,  the  vitreous  Sio2  layer. 

For  the  three-phase  Si/Sic/Si02  equilibrium,  the  vapor  pressures  for  both  SiO(v)  and 
co(g)  approximate  only  one  atmosphere,  with  the  consideration  that  some  overpressure 
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is  required  to  initiate  bubble  formation,  Fig.  15  is  nominally  consistent  with  the 
stated  3200  F  limit  for  Si-rich  Sic  coatings  on  c/C  composites.  In  fact,  a  boride 
compound  is  generally  introduced  into  the  carbon  matrix  to  serve  as  a  temporary 
"inhibitor"  to  reaction  via  oxygen  penetration  through  minor  flaws  in  the  protective 
coating.  The  coated  composite  cannot  vithstand  major  flaws. 

While  the  vaporization  of  silica  at  the  outer  interface  in  a  highly  oxidizing 
gas  is  not  a  limiting  problem.  Sic  or  Si02  can  destructively  volatilize  in  the  absence 

of  an  adequate  oxygen  flux  to  maintain  silica  growth.  Wagner  (17)  originally  described 
the  active/passive  oxidation  of  liquid  Si  in  He/02  gas  mixtures,  and  Hinze  and  Graham 

(18)  experimentally  observed  the  active/passive  oxidation  of  Si  and  Sic  in  Ar/02  gases. 

Because  of  slow  diffusion-limited  arrival  of  oxygen  to  a  substrate  in  an  inert  gas 
containing  only  a  small  oxygen  content,  the  loss  of  oxygen  by  SiO  evaporation  from  Si02 

may  not  be  supplied  by  an  adequate  arriving  oxygen  flux,  leading  tc  a  progressive 
reduction  in  the  local  oxygen  activity  at  the  silica/gas  interface  (see  Fig.  15).  In 
the  absence  of  the  protective  silica  film,  the  rate  of  oxidation  of  an  active  Sic 
substrate  becomes  equal  to  the  rate  of  arrival  of  oxygen-a  degradation  rate  which  can 
be  orders  of  magnitude  faster  than  passive  silica  growth  at  higher  local  oxygen 
activities. 

Recently,  Narushima  et  al.  (19)  experimentally  determined  the  critical  oxygen 
pressures  in  Ar/o2  gas  mixtures  to  passivate  pure  dense  CVD  Sic  at  quite  high 

temperatures  (1841-1923K) .  Their  results  are  presented  in  Fig.  16.  (Oxygen  pressures 
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are  expressed  m  Pascals  -  10  atm) .  The  measured  values  for  the  critical  transition 
oxygen  pressure  are  somewhat  lower  than  previous  measurements  for  less  pure,  less 
dense,  hot-pressed  Sic,  and  the  magnitudes  and  activation  energy  correspond  best  to  a 
condition  of  forming  Si02  on  Si-saturated  sic,  again  the  condition  for  minimum  total 

vapor  pressure  of  Fig.  15.  According  to  the  results  of  Narushima  et  al.  (19),  only  a 
serious  interruption  in  the  fuel  combustion  process  would  lead  to  active  Sic 
volatilization  at  the  highest  service  temperatures - 

4.2  Iridium  Barrier  Coating 

As  an  alternative,  future  coating  for  carbon/carbon  composites,  one  that  avoids 
the  vitreous  silica  protective  film  and  its  associated  problems,  a  coating  based  on 
metallic  iridium  or  an  iridium  alloy  has  been  suggested.  In  that  case,  a  refractory 
metal  carbide  bond  coat  would  separate  the  C/C  substrate  from  the  iridium,  which  is  an 
excellent  barrier  to  both  carbon  and  oxygen.  On  the  other  hand,  the  problem  with  Ir  is 
the  relatively  high  partial  pressures  of  its  volatile  oxides,  particularly  Ir02  (v) . 

Figure  17  is  a  plot  of  the  maximum  possible  Ir  recession  rate  resulting  from  the 
volatilization  for  the  sum  of  Ir  (v) ,  Iro  (v)  and  It02  (v)  as  a  function  of 

temperature  and  oxygen  partial  pressure  (20) .  To  exceed  (or  even  approach)  the  3200  F 
temperature,  clearly  a  thermal-shock  resistant  oxide  overlay  coating  must  be  used  to 
protect  the  Ir  both  from  erosion  and  from  oxidation/  evaporation.  Such  an  oxide 
overlay  coating  will  need  to  possess  a  controlled,  directional  porosity  to  withstand 
thermal  shock,  so  its  function  as  a  barrier  to  volatilization  is  only  realized  by  the 
maintenance  of  partial  pressure  gradients  for  oxygen  and  for  Ir02(v)  in  the  continuous 

pores  of  the  pvd  overcoat  oxide.  Such  a  layered  composite  coating  for  the 
carbon/carbon  substrate  has  not  yet  been  demonstrated. 


5.  CODEPOSITION  OF  CHROMIUM  AND  ALUMINUM  BY  THE  PACK  CEMENTATION  METHOD 


The  coatings  for  turbine  components  deposited  by  physical  vapor  deposition 
(evaporation,  sputtering,  plasma  spray)  are  both  expensive  and  subject  to  mechanical 
damage  by  thermal  fatigue.  On  the  other  hand,  diffusion  coatings  deposited  by  a 
halide-activated  cementation  pack  method  are  less  expensive,  exhibit  good  adherence, 
but  suffer  from  limited  control  of  composition.  In  particular,  generally  only 
aluminizing  is  practiced  for  Ni-base  alloys,  but  chromium  is  known  as  a  necessary 
coating  component,  especially  for  hot  corrosion  resistance.  Therefore,  the 
simultaneous  chromizing/aluminizing  diffusion  coating  of  Ni-base  substrates  is  required 
to  provide  improved  inexpensive  coatings.  The  composition  range  for  Ni-Cr-Al  alloys 
which  results  in  slow  growing  alumina  scales  is  well  known  (21-23). 

Thermodynamic  calculations  (24,25)  show  that  the  volatile  halides  (fluorides, 
chlorides)  of  aluminum  are  much  more  stable  than  the  corresponding  chromium  halide 
vapors.  Therefore,  a  halide-activated  pack  containing  pure  Cr  and  pure  Al  can  only 
aluminize.  Likewise,  any  fluoride-activated  pack  can  only  aluminize.  However,  because 
Cr-rich  Cr-Al  solid  solutions  exhibit  significant  negative  deviations  from  ideal 
thermodynamic  behavior  (26)  packs  comprised  of  specific  combinations  of  Cr-Al 
masteralloy  powder  and  certain  chloride  activator  salts  provide  comparable  partial 
pressures  for  the  volatile  chlorides  of  Cr  and  Al  in  the  pack.  Figure  18  presents  a 
computer-assisted  evaluation  of  the  equilibrium  partial  pressures  of  volatile  species 
in  a  pack  activated  by  NaCl  salt  at  1273X.  A  Cr-Al  masteralloy  composition  of  about  10 
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wt%  Al  provides  the  proper  ratio  of  PCrC1  to  PAlcl  such  that  both  Cr  and  A1  can  be 

codeposited  into  a  Ni-base  (or  Fe-base)  alloy.  Similar,  more  complex,  results  have 
been  calculated  for  less  stable  chloride  salts,  including  CrCl2,  FeCl2,  NH^Cl,  etc. 

(25).  For  a  'ess  stable  chloride  salt,  the  proper  masteralloy  composition  for  Cr/Al 
codeposition  is  moved  to  higher  Al  contents.  As  is  obvious  from  Fig.  18,  the  proper 
pack  conditions  are  quite  sensitive  to  masteralloy  composition  and  cannot  be  deduced  by 
trial  and  error. 

In  experimental  tests  of  the  theory,  very  good  success  has  been  achieved  in 
chromizing/aluminizing  low-alloy  steels  (27),  ferritic  Fe-Cr  steels,  and  austenitic 
steels  (28).  In  certain  packs,  a  small  content  of  a  reactive  element  ( Y,  Ti,  Zr)  can 
be  introduced  at  the  same  time.  For  a  few  Ni-base  superalloys,  chromizing/aluminizing 
has  resulted  in  inwardly  grown  diffusion  coatings  with  promising  microstructures  and 
compositions.  However,  further  detailed  characterization  and  testing  for  hot  corrosion 
and  cyclic  oxidation  resistance  is  required.  This  research  is  continuing. 
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Fig.  1:  General  schematic  illustration 
for  growth  of  scale  on  pure 
metal  by  cat i on  -  vacancy 
diffusion. 
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Fig.  2;  In-plane  (a)  and  frontal  (b) 
views  of  cation  and  metal  atom 
positions  for  parallel 
epitaxial  fnterfacial 
arrangement  of  NiO  scale  on 
(100)  Ni. 
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Fig.  3:  Schematic  Illustration  of 
i  n  te  r f ac i a  1  dislocation 
dynamics  in  vacancy  an- 
nihilation. 
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Fig.  4:  Schematic  illustration  of 
interfacial  dislocation 
dynamics  In  vacancy  an¬ 
nihilation.  Dashed  lines 
represent  dislocation  loops  in 
the  metal  beneath  the 
Interface. 


Fig.  5:  Dissolutlon-repreclpitatlon  of 
MO  oxide  driven  by  a  negative 
solubility  gradient  in  a  fused 
salt  film. 
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Fig.  7:  Trace  of  basicity  and  oxygen 
activity  measured  for 
preoxidized  99%  Ni  covered  with 
a  Na2S04  film  at  900C  in 

O.US02-02  gas  atmosphere 

(preoxidized  at  900C  for  4 
hours  in  02) .  Numbers 

designate  reaction  time  in 
hours  except  as  Indicated, 
severe  corrosion. 


Fig.  8:  Cases  of  self-sustaining  hot 
corrosion  for  a  pure  Ni  with  a 
thin  Na2S04  film  in  a  S02-02 

gas  atmosphere  (11). 


activity  measured  for  a 
preoxidized  99*  N1  covered 
with  a  Na2S04  film  at  900C  In 


0.1*  S02-02  gas  atmosphere 

(preoxidized  at  1000C  for  5 
hours  In  air).  Slight 
corrosion.  Coupon  thickness: 
2mm  (11). 


Fig.  10:  Comparison  of  solubilities  for 
Ce02  In  pure  fused  Na2S04  and 
In  0.7  Na2S04-0.3NaV03  at  900C 
In  1  atm  02. 
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Fig.  11:  Equilibrium  concentrations  of 
M«3V04,  NaVOj ,  and  VjO.  fn 
0.7Ha2S04-0.3NaV03  In  1  atm  0, 
at  900C.  1 
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Fig.  12:  Solubilities  of  CeO,  In  Na.SO.- 
C  C  4 
xNaVOj  solutions  at  900C  In  1 

atm  02  (x-0.3,  0.2,  0.1  and 
0.05). 
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Fig.  13:  Measured  solubility  of  Cr2o3  In 
pure  Na^SO^  and  calculated 
solubility  for  0.7Na2S04- 
0.3NaV0j  solution  at  900C  in  1 
atm  Oj. 
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Fig.  14:  Temperature  dependence  of  tlie 
oxidation  rate  of  "pure  SIC" 
In  air  (from  compilation  of 

data  by  Schllcbtlng6).  For  T 
<  1400-C,  partial  crtstoballte 
formation;  T  >  1400-C, 
decreased  viscostty  for 
vitreous  S102 • 
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Fig.  15: 
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I:  Silicon-Carbon-Oxygen  Phase 
stability  diagram  with 
superimposed  Isobars  for  2000K 
(3141  F)  (16). 
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Fig.  16: 
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for  CV0-S1C  active  oxidation 
compared  with  that  for  hot- 
pressed  StC  and  thermodynamic 
predictions  (19). 
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SUMMARY 

It  is  important  that  the  test  procedures  used  to  assess  the  resistance  of  superalloys 
to  hot  salt  corrosion  should  reliably  simulate  conditions  expected  in  service  and  the 
results  should  be  capable  of  interpretation  to  provide  a  prediction  of  likely  long-term 
behaviour.  Past  experience  has  shown  that  the  many  test  methods  available  have 
frequently  given  conflicting  measures  of  alloy  performance  and  intercomparability 
between  test  procedures  has  frequently  been  poor.  As  as  result  of  extensive  research  in 
Europe,  much  of  which  has  been  carried  out  within  the  COST  Project,  there  is  now  a 
better  understanding  of  the  critical  factors  that  must  be  controlled  to  provide  a 
reliable  and  reproducible  procedure  and  which  gives  corrosive  attack  similar  to  that 
encountered  in  service.  In  particular,  contaminant  flux  rate  has  been  identified  as  a 
key  parameter.  These  activities  ere  briefly  reviewed  and  progress  towards  the 
definition  of  a  unified  test  procedure  is  outlined.  Plans  for  a  new  international 
Intercomparison,  organised  under  the  auspices  of  VAMAS,  to  probe  the  validity  of  the 
procedure  are  described. 


INTRODUCTION 

In  assessing  materials  performance  it  is  important  to  measure  appropriate  properties  in 
conditions  relevant  to  the  expected  service  environment.  Considerable  progress  has  been 
made  in  many  areas  of  materials  science  and  engineering  in  moving  away  from  simple 
ranking  tests  to  more  sophisticated  measurement  procedures  which  give  data  of  value  to 
engineers  concerned  with  design,  maintenance  etc. 

There  are  many  test  procedures  available  for  assessing  the  hot-salt  corrosion 
resistance  of  superalloys  for  service  in  aero,  marine,  or  industrial  applications  and 
in  the  main  these  are  simple  ranking  tests.  However,  past  experience  has  shown  that 
when  various  test  methods  are  used  to  rank  alloys  in  terms  of  resistance  to  hot-salt 
corrosion  resistance  there  is  frequently  some  conflict  between  the  results  obtained. 
Tests  that  are  available  have  generally  been  developed  on  an  empirical  basis  and  may 
have  been  recommended  by  a  material  supplier  with  the  performance  of  a  particular  alloy 
in  mind  or  by  a  user  for  a  specific  industrial  application.  On  this  basis  therefore 
consistency  of  ranking  would  not  necessarily  be  expected  when  individual  test  methods 
are  used. 

Recently  there  have  been  some  significant  developments  in  the  general  approach  to 
materials  testing  for  corrosion  resistance  and  as  a  result  the  need  for  better  and  more 
harmonised  procedures  for  evaluating  hot  salt  corrosion  in  gas  turbine  materials  has 
become  evident.  In  the  first  place  there  is  a  greater  tendency,  certainly  within 
Europe,  tor  research  on  high  temperature  materials  to  be  carried  out  in  a  collaborative 
fashion.  Clearly  agreed  test  procedures  which  are  known  to  give  reliable  results  are 
essential  to  allow  test  programmes  to  be  shared  and  data  exchanged.  Also  designers  are 
becoming  more  aware  of  the  need  to  allow  for  corrosion  effects  in  component  design  and 
particularly  in  situations  where  Interactions  between  stress  and  the  corrosion  medium 
can  be  expected  to  limit  life  in  service. 

In  view  of  these  requirements  some  effort  has  been  made  to  develop  an  Improved 
understanding  of  the  mechanisms  Involved  in  hot-salt  corrosion  attack,  so  that  test 
procedures  can  be  defined  and  critical  parameters  controlled  in  the  context  of  the 
corrosion  mechanism.  In  this  paper  the  main  features  of  the  various  test  procedures  are 
briefly  reviewed,  the  results  of  previous  Intercomparisons  are  considered  and  the 
status  of  a  new  Intercomparison  to  test  a  draft  test  procedure  developed  within  the 
VAMAS  programme  is  outlined. 

LABORATORY  TESTING  PROCEDURES 

The  techniques  available  for  evaluating  resistance  to  hot-salt  corrosion  in  the 
laboratory  can  be  grouped  in  three  main  categories  viz 

( I )  crucible  tests 

(II)  furnace  tests 

(ill)  combustion  rig  tests 

The  main  features  of  each  and  the  typical  corrosion  morphologies  obtained  will  be 
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described  in  this  section. 

( i  )  Crucible  tests 

This  type  of  procedure  involves  immersion  of  specimens  at  an  appropriate  temperature  in 
a  molten  salt  based  on  sodium  sulphate,  but  with  additions  of  other  alkali  metal 
sulphates  to  form  a  low  melting  point  eutectic  mixture.  The  additions  are  necessary 
because  test  temperatures  are  usually  lower  than  the  melting  point  of  sodium  sulphate. 
In  order  to  control  the  sulphidising  potential  (pS,)  in  the  environment  to  that 
characteristic  of  the  combustion  gas  generated  in  service  it  is  desirable  to  bubble  air 
or  oxygen  containing  SO^/SO^  through  the  melt.  The  choice  of  the  correct  pS-  ensures 
the  stability  of  the  sulphate  produced  during  the  corrosion  process  and  is  particularly 
important  for  Type  II  corrosion  which  depends  on  the  formation  of,  for  example,  a 
CoS0..Na2S0.  eutectic  which  is  stabilised  by  a  relatively  high  p(S03).  Fig.l  shows  an 
example  of  the  type  of  attack  observed  on  IN7381C  after  exposure  at  900  °C  to  a 
(Kq  jNSq  9)2S04  salt  mixture. 

A  major  advantage  of  this  type  of  test  is  that  the  rate  of  corrosion  can  be  monitored 
continuously  by  measuring  the  corrosion  current  and  no  other  test  technique  has  this 
capability.  Also,  the  use  of  imposed  potentials  will  accelerate  the  corrosion 
reaction1*2  and  it  is  claimed  that  in  these  conditions,  alloy  rankings  correlate  well 
with  service  experience. 

Frequently  however  corrosion  product  morphologies  are  different  from  those  observed  on 
components  in  service  suggesting  that  the  crucible  test  involves  corrosion  processes 
which  do  not  occur  in  practice.  Factors  which  would  be  expected  to  Influence  the 
corrosion  mechanism  include  initial  salt  composition  and  also  the  changes  which  occur 
as  a  result  of  dissolution  of  corrosion  products,  eg  chromia.  Thus  the  extent  to  which 
saturation  and  renewal  of  salt  takes  place  is  crucially  important  in  the  corrosion 
process.  The  move  to  higher  test  temperatures  consistent  with  the  application  of 
advanced  materials  such  as  ceramics  or  intermetallics  would  eliminate  the  need  for 
additives  in  the  initial  melt  but  reduced  levels  of  condensation  may  limit  the  degree 
of  corrosion  attack. 

( ii )  Furnace  tests 

The  Dean  test3  which  involves  both  evaporation  and  subsequent  deposition  of  sodium 
sulphate  is  probably  the  most  appropriate  furnace  test  and  the  atmosphere  can  be 
controlled  to  give  a  pS-  typical  of  the  engine  environment.  Other  types  of  furnace  test 
involve  pre-deposition  of  sodium  sulphate  and  periodic  renewal,  the  salt-shower  test*  , 
or  the  use  of  a  synthetic  ash  simulating  that  found  on  components  in  industrial 
engines* .  Fig. 2  shows  the  corrosion  morphology  produced  on  IN738  after  exposure  in  a 
Dean  test  at  850  °C. 

Furnace  tests  do  not  require  complex  equipment  and  if  the  deposition  conditions  and 
sulphidising  potential  of  the  environment  are  carefully  controlled  realistic  assessment 
of  materials  performance  can  be  obtained.  The  major  disadvantage  is  that  it  is 
difficult  to  obtain  deposition  rates  that  simulate  real  engine  conditions. 

(iii)  Burner  Rigs 

Most  of  the  limitations  of  the  crucible  and  furnace  tests  can  be  overcome  with  burner 
rigs  and,  in  particular,  salt  chemistry  and  deposition  rate  can  be  specified  to 
simulate  most  engine  operating  conditions.  Also,  it  is  relatively  easy  to  impose  an 
erosion  component  on  the  degradation  process  and  erosion  is  believed  to  be  a 
significant  factor  in  some  modes  of  engine  operation.  The  simplest  form  of  burner  rig 
is  shown  schematically  in  Fig. 3  and  equipment  of  this  type  can  be  readily  operated  in 
the  laboratory.  However  the  ultimate  burner  rig  is  the  gas  turbine  engine  itself  and 
the  more  complex  systems  involving  high  velocity  gases  and  high  pressures  approach  this 
ultimate  configuration.  The  high  velocity  rigs  are,  of  course,  most  suited  to 
corrosion-erosion  testing.  In  general  rigs  are  expensive  to  operate,  are  suited,  in  the 
main,  to  short  term  exposures  only  and  corrosion  information  cannot  readily  be  obtained 
during  the  test  run. 


INTERCOMPARISON  OF  TEST  PROCEDURES 

The  various  methods  available  for  assessment  of  hot- salt  corrosion  resistance 
frequently  give  conflicting  results  and  there  have  been  several  attempts  to  compare 
test  procedures  to  provide  a  basis  for  comparison  of  data  from  different  sources. 

In  1970  the  results  of  burner  rig  testing  were  compared  for  six  different  allr/s  in  a 
programme  carried  out  by  ASTM.  The  findings  are  summarised  in  Fig. 4  for  U500  and  IN738 
and  although  the  average  rates  of  attack  were  similar  for  both  alloys  there  was  a 
considerable  amount  of  variability  especially  for  U500.  Also  the  laboratories  showing 
the  greatest  rates  of  attack  for  U500  did  not  show  a  similar  result  for  IN738.  A 
similar  exercise  was  carried  out  in  1978  as  part  of  the  COST50  programme,  the  European 
Collaborative  activity  on  gas  turbine  materials,  and  the  results,  for  various  burner 
rig  tests  are  shown  in  Table  1.  Here  it  is  evident  that  rankings  can  be  vastly 
different,  depending  on  test  conditions  and  the  results  for  IN597  (Nimonic  101)  clearly 
illustrated  the  problem. 
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DEPOSITION 

In  view  of  the  variability  in  data  obtained  from  test  facilities  for  hot-salt  corrosion 
resistance  some  effort  has  been  devoted  at  various  centres  in  Europe  to  developing  a 
more  detailed  understanding  of  the  mechanisms  involved  in  order  to  provide  an  improved 
basis  for  test-method  development.  A  key  issue  was  the  rate  at  which  Na2SO.  deposited 
on  specimens  in  rig  environments  and  deposition  rates  have  been  measured  for  typical 
operating  conditions. 

The  results  of  work  at  NPL  and  at  SNECMA  are  summarised  in  Figs. 5  and  6  and  it  can  be 
seen  that  deposition  rate  increased  with  decreasing  temperature  and  with  increasing 
sodium  contamination  consistent  with  simple  dew  point  considerations.  A  high  velocity 
burner  rig  at  CERL  was  used  specifically  to  study  deposition  and  a  linear  rate  of 
deposition  of  Na2SO.  was  observed  over  a  25  h  period  at  690-890  °C  which  was 
independent  of  the  form  in  which  Na  was  added  and  of  the  target  temperature  between 
790  °C  and  890  °C  but  was  30%  greater  at  690  °C.  Deposition  was  directly  proportional 
to  Na  content  of  the  fuel  up  to  "  20  ppm  by  weight  and  was  not  affected  by  the  presence 
of  3  wt  ppm  of  Mg  nor  by  an  order  of  magnitude  Increase  in  carbon  burden  due  to 
incomplete  combustion. 

It  was  evident  from  this  work  that  the  rate  of  deposition  was  affected  by  the  mass  flux 
of  sodium  in  the  combustion  gas  and  to  a  lesser  extent  by  the  temperature  but  the 
nature  of  the  contaminant  had  little  effect.  This  Information  along  with  other  data  on 
the  performance  of  burner  rigs6  suggests  that  deposition  rates  were  probably  controlled 
by  mass  flux  of  Na2S0.  through  the  burner  rig  and  by  the  adhesive  qualities  of  the 
deposit.  Deposition  rate  is  shown  as  a  function  of  total  mass  flux  in  Fig. 7  for  several 
burner  rig  facilities  and  it  is  evident  that  for  the  range  of  mass  flux  considered, 
there  was  a  close  to  linear  relationship. 

Thus  it  appears  that  mass  flux  of  contaminant  is  a  crucial  factor  in  controlling 
deposition  and  hence  corrosion  behaviour  and  this  parameter  may  provide  a  unifying 
basis  for  intercomparison  of  corrosion  data.  Hancock7  reached  a  similar  conclusion  and 
also  pointed  out  that  control  of  contaminant  flux  was  one  of  the  key  parameters  in 
achieving  realistic  simulations  of  engine  service  in  laboratory  tests,  although  the 
final  link  to  deposition  rates  was  not  considered  in  his  analysis.  Values  of 
contaminant  flux  rate  for  various  engines  were  quoted,  in  the  range  0.27  to  13  rag 
cnTZh,  which  were  broadly  consistent  with  those  obtained  for  typical  burner  rigs 
thereby  confirming  the  relevance  of  rig  testing. 

SPECIMEN  EVALUATION 

The  nature  of  corrosion  processes  is  such  that  it  is  not  uncommon  to  find  a  large 
variation  in  the  behaviour  of  samples  and  indeed  from  area  to  area  on  the  same  sample, 
and  it  is  clear  that  this  difficulty  has  confused  the  attempts  to  compare  the  behaviour 
of  materials  on  the  basis  of  test  results.  Thus,  in  recommending  improved  test 
procedures  an  equally  important  consideration  must  be  to  include  in  that  recommendation 
some  guidance  on  the  method  of  evaluating  the  results. 

Nicholls  and  Hancock8  have  proposed  a  statistical  approach  which  is  designed  to  deal 
with  variability  in  metal  or  coating  loss  typically  encountered  in  corrosion  testing. 
The  approach  has  been  illustrated,  for  the  case  of  coated  materials,  by  Saunders  and 
Nicholls6  who  showed  that  by  using  a  cumulative  distribution  plot  the  probability  of  a 
given  coating  loss  could  be  calculated.  Figure  8  shows  the  results  of  that  analysis. 
This  procedure  can  be  taken  one  step  further  by  the  use  of  extreme  value  statistics  in 
which  only  the  maximum  values  of  coating  loss  are  considered.  This  will  give  a 
distribution  skewed  to  the  right  and  if  represented  on  probability  paper  a  curve  will 
result.  This  model  has  a  cumulative  distribution  FImax  given  by: 

FIn,ax  -  <W  V  x  _  ^ 

•  exp  -  exp  ( - - — ) 
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where  p  and  o  are  the  extreme  value  location  parameter  and  standard  deviation, 
respectively.  Figure  9  represents  the  probability  of  maximum  corrosion  found  on  a 
coated  sample  where  the  deepest  penetration  actually  observed  was  99  pm  but  a  value  of 
114  pm  is  calculated  using  the  extreme  value  approach  outlined  above.  This  method  of 
data  analysis  is  particularly  appropriate  since  a  component  lifetime  is  usually 
controlled  by  a  worst-case  scenario. 

NEW  INTERNATIONAL  INTERCOMPARISON 

Underlying  Principles 

It  is  generally  accepted  that  dynamic  burner  rigs  represent  the  best  available  test 
procedure  for  assessing  hot-salt  corrosion  resistance  in  superalloys  but  comparison  of 
results  from  different  sources  is  difficult  due  to  variations  in  rig  design  and  to  a 
lack  of  a  standard  procedure.  A  further  difficulty  arises  through  inconsistencies  in 
measuring  and  reporting  corrosion  data.  Accordingly  an  Intercomparison  programme, 
involving  burner  rig  facilities  in  the  USA,  Europe  and  Japan  has  been  initiated  as  part 
of  the  VAMAS  (Versailles  Agreement  on  Advanced  Materials  and  Standards),  Project. 


In  the  first  phase  of  this  exercise  the  major  operators  of  burner  rigs  have  been 
surveyed  to  determine  the  details  of  the  operating  conditions  being  used  and  the 
dimensions  of  the  working  chamber.  On  this  basis  a  set  of  recommended  test  parameters 
has  been  derived  and  guidelines  for  operation  of  burner  rigs  have  been  produced.  The 
purpose  of  the  intercomparison  which  forms  the  second  phase  of  the  programme  is  to 
probe  the  validity  of  the  recommended  test  procedure  and  to  assess  the  extent  to  which 
a  similar  degree  of  corrosion  attack  will  be  achieved  for  a  harmonised  set  of  test 
conditions.  The  concept  of  the  contaminant  flux  rate  is  seen  as  the  critical  unifying 
parameter  providing  a  basis  for  the  intercomparison  of  data. 


Test  conditions  and  participants 

The  materials  to  be  used  will  be  IN738LC  and  Rene  80  and  each  will  be  assessed  in  the 
uncoated  and  coated  condition.  For  IN738LC  the  coating  will  be  the  platinum  alumlnide 
RT22  and  ATD2B  (Co,  21Cr,  10A1,  0.3Y)  will  be  used  on  Rene  80.  Tests  will  be  carried 
out  at  700  and  900  °C  to  examine  both  Type  II  and  Type  I  corrosion  attack  and  durations 
of  500  h  with  temperature  cycling  to  room  temperature  at  ten-hourly  intervals  are 
recommended.  Continuous  additions  of^  sea  salt  will  be  made  to  the  combustion 
environment  to  give  a  flux  of  13  mg  cm"  n~  equivalent  to  a  sodium  flux  of  4  mg  cm“zh“ 
in  the  combustion  gas,  assuming  no  deposition  within  the  combustor. 

An  Important  feature  of  the  procedure  is  an  assessment  of  deposition  rate  and  deposit 
chemistry  and  platinum  or  alumina  pins  will  be  exposed  in  the  test  environment  to 
enable  the  deposit  chemistry  to  be  determined. 

Full  details  of  the  test  conditions  are  given  in  the  Guideline  Document**  . 


Assessment  of  corrosion  attack 

A  key  feature  of  the  intercomparison  will  be  the  statistical  analysis  of  the  degree  of 
corrosion  attack  along  the  lines  discussed  earlier.  Specimens  will  be  examined  and 
weighed  at  each  shut-down  period  and,  on  completion  of  the  exposure,  one  sample  will  be 
used  to  obtain  a  full  analysis  of  corrosion  product  chemistry.  The  remaining  samples 
will  be  sectioned  and  examined  for  section  loss  at  three  points  along  the  length  with 
twenty- four  radial  measurements  being  made  on  each  section.  The  measurements  will 
indicate: 

-  loss  of  section 

-  general  internal  attack 

-  grain  boundary  attack 

-  position  and  depth  of  maximum  attack 

-  thickness  of  coating  remaining  (coated  samples) 

It  is  considered  that  an  accuracy  of  ±  5  pm  will  be  required  bearing  in  mind  the  errors 
involved  in  measurement  systems  and  in  preparation  but  modern  measuring  equipment  can 
achieve  repeatability  of  ±  2  pm. 

These  measurements  will  then  be  used  in  a  full  statistical  analysis  to  give  comparable 
assessments  for  each  burner  rig  system. 


C.tput 

The  VAMAS  Guideline  Document  will  be  modified  as  necessary  in  the  light  of  the  results 
of  the  intercomparison  and  the  revised  document  will  serve  as  a  basis  for  a  Code  of 
Practice  for  hot-salt  corrosion  testing.  Also  testpins  remaining  after  the  programme  is 
complete  will  be  available  as  reference  specimens  for  calibration  of  test  conditions  in 
burner  rigs  and  other  test  facilities. 


CONCLUSION 

The  correlation  between  contaminant  flux  rate  and  deposition  has  provided  the  basis  for 
rationalising  test  procedures  for  assessing  the  hot-salt  corrosion  resistance  of 
superalloys.  This  advance  along  with  improvements  in  the  methods  of  evaluation  of 
corrosion  attack  will  result  in  a  more  quantitative  approach  to  the  assessment  of  alloy 
behaviour  and  more  valid  design  data. 
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TABLE  1  Comparison  of  Relative  Corrosion  Resistance 
of  Four  Alloys  in  Various  Burner  Rigs 


Alloy 

Corrosion 

Resistance* 

NPL 

Low-velocity 

ri90 

850  °C 

0.16%  S  + 
500ppm  seawater 

SNECMA 

Low- velocity 
rig 

850  °C 

SULZFR 

High-velocity 

rl90 

850  °C 

0.4%  S  5ppm  Na 

5  ppm  V 

200  h 
data 

1400  h 
data 

0.25%  S 
only 

0.25%  S  + 
5ppm  NaCl 

IN597 

2 

4 

3 

1 

1 

IN738LC 

1 

2 

2 

2 

2 

IN713LC 

3 

1 

4 

3 

3 

XN100 

4 

3 

1 

4 

ND 

*1 

ND 


best 

not  determined 
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Fig  8:  A  cumulative  distribution  plot  of  the  effect  of  surface  processing  on  the 
corrosion  of  two  Fe-Cr-Al-Y  coatings;  308h  at  900  °C. 
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Fig  9:  Probability  plot  of  corrosion  on  an  area  of  maximum  attack  from  a  coated  MAR 
M509  component  after  4804h  in  sevice:  -  extreme  value  statistics  (u  -  73.3  pm, 
a  -  8.9  ym,  type  1  model  of  maxima):  .  data  from  a  low  magnification 
micrograph. 
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SUMMARY 

The  Canadian  Department  of  National  Defence,  in  conjunction  with  the  Engine  Laboratory 
of  the  National  Research  Council  Canada  (NRCC),  initiated  a  project  for  the  evaluation 
of  gas  path  coatings  on  the  Allison  T56  engine.  The  objective  of  this  work  was  to 
evaluate  blade  coatings  in  terms  of  engine  performance  effects  and  material  durability. 
The  project  included  a  study  of  the  influence  of  rebuilding  the  compressor  on  perfor¬ 
mance,  since  dismantling  and  rebuilding  was  required  for  the  coating  process. 

This  paper  describes  the  compressor  rebuild  study,  including  the  overall  objectives,  the 
test  set-up,  the  performance  effects,  and  the  uncertainty  of  the  measured  results.  The 
impact  of  this  work  on  the  coatings  project  is  also  documented.  This  paper  is  an 
updated  version  of  a  paper  (Reference  1)  presented  at  the  71st  AGARD  Propulsion  and 
Energetics  Panel  Symposium  on  Engine  Condition  Monitoring  -  Technology  and  Experience. 

1.0  BACKGROUND 

In  1983,  the  Canadian  Department  of  National  Defence  expressed  serious  concerns  over  the 
rapidly  escalating  cost  of  operation  and  maintenance  of  aircraft  gas  turbine  engines. 
The  components  of  major  concern  were  compressor  and  turbine  blades  and  vanes.  The 
increasing  rate  of  rejection  of  these  items  during  overhaul  prompted  a  reassessment  of 
the  time  between  overhaul  periods  for  certain  engine  types. 

The  blades  and  vanes  of  gas  turbine  engines  are  susceptible  to  deterioration  as  a  result 
of  erosion  and  corrosion.  The  deterioration  (increased  surface  roughness,  loss  of 
material,  and  alteration  of  aerodynamic  profile)  manifests  itself  in  terms  of  reduced 
stall  margin  and  lower  performance,  characterized  by  poorer  fuel  economy  and  increased 
operating  temperatures.  The  T56  engines  used  in  the  C130  Hercules  and  the  CP140  Aurora 
aircraft  have  proven  susceptible  to  this  type  of  deterioration. 

Recently,  advances  have  been  made  in  the  state  of  the  art  in  blade  coating  technologies. 
In  addition  to  offering  erosion  and  corrosion  protection,  these  new  "super  smooth" 
coatings  are  claimed,  by  their  manufacturers,  to  offer  significant  aerodynamic  perfor¬ 
mance  improvements.  Modern  blade  coatings  have  not  previously  been  qualified  on  T56 
engines.  Since  smoothness  effects  are  a  function  of  blade  Reynolds  number,  which  is 
dependent  on  engine  size  and  speed,  claims  based  on  evaluations  on  other  engines  were 
not  satisfactory.  Thus,  there  was  a  requirement  to  undertake  an  analytical  and 
experimental  engine  testing  program  to  identify  and  quantify  the  effects  of  coating  a 
compressor . 

As  the  program  involved  considerable,  high-accuracy  engine  testing,  the  Canadian  Forces 
requested  the  support  of  the  National  Research  Council  of  Canada  to  undertake  this 
evaluation  and  qualification.  While  the  engineering  documentation  (blade  frequency 
response,  durability  testing,  surface  finish,  etc.)  and  the  material  characteristics 
study  were  assigned  to  the  Materials  Laboratory,  the  Engine  Laboratory  was  requested  to 
perform  a  performance  evaluation  on  a  coated  engine.  The  Engine  Laboratory  has  actively 
supported  the  development  of  military  aero  engine  performance  monitoring  and  fault 
isolation  procedures.  Current  projects  are  aimed  at  correlating  changes  in  gas  turbine 
component  and  overall  engine  performance  to  physical  degradation  in  the  engine. 

The  Engine  Laboratory  was  requested  to  evaluate  the  effect  of  coatings  on  engine  perfor¬ 
mance  and  efficiency,  and  make  recommendations  for  subsequent  widespread  use  of  coatings 
for  operational  application  on  the  T56  and  other  gas  turbine  engines. 

Since  the  compressor  must  be  disassembled  In  order  to  be  coated,  it  was  deemed  necessary 
to  isolate  the  effect  on  performance  of  the  rebuild  from  that  of  the  coating.  To 
achieve  this,  a  program  comprising  three  consecutive  rebuilds  was  established  which 
would  quantify  the  portion  of  any  performance  shift  which  was  not  attributable  to  the 
coating  itself.  The  assessment  of  the  results  from  this  rebuild  program  forms  the  basis 
of  this  paper;  the  specific  objective  is  to  establish  the  magnitude  of  the  change  in 
compressor  and  overall  engine  performance  which  was  caused  by  the  disassembly/reassembly 
of  the  compressor  during  overhaul. 
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2.0  EXPERIMENTAL  INSTALLATION 

To  properly  assess  the  various  effects  of  a  compressor  rebuild  on  the  performance  of  a 
gas  turbine  engine,  a  sophisticated  test  set-up,  with  specialized  instrumentation  was 
required.  A  description  of  the  engine,  instrumentation  and  test  facility  used  for  this 
assessment  is  included  to  illustrate  the  complexity  of  this  project. 

2.1  ENGINE  DESCRIPTION 

The  test  vehicle  for  this  rebuild  study  is  an  Allison  T56-A14LFE  single  spool  turboprop 
engine  from  a  CP-140  Aurora  patrol  aircraft.  This  engine  is  an  excellent  candidate  for 
this  study  because  it  has  no  variable  geometry  or  transient  bleed  valve  operation  that 
might  vary  the  back-to-back  performance  of  the  engine.  The  T56  engine  has  a  fourteen 
stage  compressor,  with  bleed  valves  which  are  only  open  below  the  idle  speed,  a  six  can 
combustor,  and  a  four  stage  turbine.  The  single  shaft  is  coupled  to  a  reduction  gearbox 
mounted  forward  of  the  compressor.  For  the  NRCC  tests,  power  was  transmitted  through 
the  gearbox  to  a  flywheel  and  a  Froude  waterbrake  dynamometer,  which  replaced  the 
propeller  used  on  the  aircraft.  A  schematic  diagram  of  the  engine  test  set-up  is  shown 
in  Figure  1.  The  figure  illustrates  how  the  engine,  gearbox,  dynamometer,  and  inlet 
duct  were  arranged  in  the  test  stand. 

The  engine  control  is  one  of  a  constant  speed  design  using  a  governor  to  maintain  a 
constant  rotor  speed  of  13820  RPM.  Power  is  controlled  by  setting  the  turbine  inlet 
temperature  with  the  power  lever  angle. 

2.2  INSTRUMENTATION 

Instrumentation  used  on  the  T56  was  divided  into  two  categories,  external,  and  internal. 
The  external  instrumentation  included  a  high  Mach  number  airmeter  in  front  of  the 
engine,  compressor  inlet  pressure  and  temperature  rakes,  a  tailpipe  airmeter  mounted 
after  the  turbine,  vibration  sensors  on  the  engine  carcass,  and  turbine-type  fuel 
flowmeters.  The  high  velocity  airmeter  facilitated  accurate  flow  measurement  because  of 
the  large  local  difference  between  the  total  and  static  pressure.  A  diffuser  mounted 
behind  the  airmeter  reduced  the  airspeed  to  normal  engine  inlet  conditions.  The 
internal  instrumentation  consisted  of  total  temperature  and  pressure  probes  in  every 
stage  of  the  compressor,  as  well  as,  compressor  discharge  and  turbine  inlet  pressure 
and  temperature  rakes.  With  this  degree  of  instrumentation,  it  was  possible  to  monitor 
not  only  the  condition  of  the  overall  engine,  but  also  the  performance  of  its  major 
components,  and  the  individual  compressor  stages.  This  report  is  limited  in  scope  to  an 
assessment  of  the  data  collected  for  the  overall  engine  and  its  major  components. 

The  data  were  recorded  using  a  NEFF  620  data  acquisition  system  controlled  by  a  DEC  PDP 
11/34  computer.  Measurement  uncertainty  estimates  were  available  for  the  complete 
instrumentation  package.  Complete  methodology  for  the  fuel  flow  has  been  documented 
(Reference  2). 

2.3  TEST  FACILITY 

The  test  cell  used  for  the  rebuild  testing  at  the  Engine  Laboratory  NRCC,  at  Ottawa, 
Canada,  was  Cell  No.  2.  Ambient  air  enters  vertically  from  the  roof  through  a 
retractable  door.  The  planar  dimension  of  the  cell  is  a  constant  4.6  x  4.6  metres 
throughout  the  test  section.  Engine  exhaust  and  the  entrained  secondary  airflow  egress 
from  the  cell  through  a  collector/augmentor  tube  to  a  vertical  stack  that  discharges  to 
the  atmosphere.  There  is  no  acoustic  attenuation  in  the  inlet  or  outlet  of  the  test 
cell.  The  entire  cell  is  constructed  of  heavy  reinforced  concrete.  The  walls  are 
covered  with  a  100  mm  thick  acoustic  barrier  to  minimize  noise  propagation.  The 
control,  observation,  and  data  acquisition  room  is  located  on  the  starboard  side  of  the 
cell.  An  operator's  window  and  a  closed  circuit  television  camera  permit  visual 
monitoring  of  the  engine. 

3.0  SUMMARY  OP  TESTING  AND  REBUILD  PROCEDURES 

In  an  attempt  to  isolate  the  effects  of  a  compressor  rebuild  by  monitoring  small 
thermodynamic  performance  changes,  a  highly  structured  test  plan  was  required.  To 
achieve  this  goal,  a  test  sequence  was  established  which  would  best  suit  the  require¬ 
ments  of  the  rebuild  study,  based  on  the  knowledge  of  how  the  rebuilds  were  to  be 
performed . 

3 . 1  TEST  SEQUENCE 

To  establish  the  effects  of  rebuilding  the  compressor  on  overall  engine  performance,  a 
comparison  of  the  results  of  three  rebuilds  was  chosen.  A  larger  sample  would  have  been 
preferred,  however,  there  were  significant  cost  and  time  constraints  on  the  project. 
The  T56-A-14LFE  engine  chosen  for  the  testing  had  no  flight  hours,  in  order  to  develop  a 
legitimate  "as-new"  baseline.  Baseline  testing  of  the  engine  was  performed  to  establish 
the  "as-rece ived"  condition  of  the  engine.  Performance  signatures  of  the  overall  engine 
and  all  its  individual  components  were  then  quantified. 

In  the  experimental  program,  the  engine  was  run  at  a  fixed,  aerodynamically-corrected 
rotational  speed  to  provide  a  common  basis  for  comparison,  ie.  the  mechanical  speed  of 
the  engine  was  adjusted  using  the  dynamometer,  as  a  function  of  the  ambient  temperature. 
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The  procedure  used  for  each  test  run  established  a  series  of  increasing  power  settings, 
for  a  given  corrected  rotor  speed.  At  each  power  setting,  the  engine  was  allowed  to 
stabilize  for  five  minutes,  then  two  sets  of  data  were  recorded.  Typically,  up  to  six 
power  settings  (12  data  points)  were  recorded  for  each  test.  Several  different 
corrected  speeds,  ranging  from  13,000  to  14,500  RPM  were  run  to  assess  the  effects  of 
corrected  speed  on  any  performance  changes. 

After  the  baseline  testing  was  completed,  the  engine  was  sent  to  the  overhaul  contractor 
to  be  disassembled  and  rebuilt  following  normal  procedures.  On  return  to  NRCC,  the 
engine  was  retested  using  the  same  procedures  utilized  in  the  baseline  tests.  Following 
this  testing,  the  engine  was  sent  for  the  second  rebuild,  returned,  and  retested.  This 
process  was  repeated  for  a  third  rebuild. 

3.2  REBUILD  PROCEDURE 

The  disassembly  procedure  entailed  the  removal  of  the  turbine  and  combustor  modules, 
leaving  only  the  compressor.  The  compressor  casing  was  then  removed  from  the  rotor,  and 
the  stator  vanes  were  then  detached  from  the  casing.  The  rotor  discs  were  unstacked  and 
all  the  individual  blades  were  removed.  During  removal,  each  blade  was  numbered,  so 
that  it  could  be  returned  to  its  original  position  upon  reassembly.  After  disassembly, 
each  piece  underwent  a  petroleum  solvent  wash  followed  by  an  inspection  to  insure  that 
no  parts  were  damaged.  Corrugated  seals  for  stator  vane  segments  were  not  replaced,  nor 
were  labyrinth  seals  reworked.  Measurements  of  critical  dimensions  such  as  blade  tip 
clearances,  vane  axial  clearances,  and  rotor  balance  condition  were  recorded  before 
disassembly  and  after  reassembly.  During  the  first  rebuild,  these  measurements  revealed 
that  the  axial  clearance  between  the  rotor  and  stator  of  several  stages  was  out  of 
tolerance.  This  may  have  occurred  because  of  shifting  during  operation  or  improper 
assembly  of  the  original  build  by  the  manufacturer.  During  reassembly,  the  clearances 
were  set  within  the  specified  tolerances. 

Upon  reassembly  of  the  compressor  case,  the  stator  vane  axial  clearances  were  set.  The 
rotor  blades  were  replaced  in  the  same  numbered  order,  and  their  balance  checked.  The 
entire  compressor  was  then  mated  with  the  combustor  and  turbine  modules,  and  a 
functional  test  was  performed.  The  engine  was  then  returned  to  NRCC  for  testing. 

4 . 0  DATA  PRESENTATION 

Data  recorded  during  a  test  were  stored  in  basic  engineering  units  so  that  observers 
could  visually  check  the  data  quality  as  the  test  progressed.  After  a  test  was 
completed,  the  data  were  normalized,  and  used  to  calculate  performance  parameters  such 
as,  pressure  and  temperature  ratios,  corrected  air  and  fuel  flow,  etc.  These  performance 
parameters  were  then  curvefitted  to  quadratic  equations,  using  a  least  squares  method. 
The  independent  variable  for  curvefitting  engine  data  was  corrected  turbine  inlet 
temperature.  Comparisons  between  various  test  runs  were  then  made  using  the  curvefitted 
values  of  each  parameter.  All  data  presented  in  this  study  were  taken  at  100  percent 
corrected  rotor  speed,  or  13,820  RPM.  For  curvefit  comparisons,  the  reference  value 
used  for  the  corrected  turbine  inlet  temperature  was  2200  degrees  Rankine  (1220  Kelvin). 
To  facilitate  comparisons  with  manufacturer’s  data,  the  performance  parameters  are 
presented  in  the  U.S.  Inconsistent  system  of  units  (Reference  4). 

4.1  EFPECTS  OF  AMBIENT  CONDITIONS 

The  NRCC  test  cell  has  no  provision  for  controlling  che  ambient  inlet  air  temperature. 
The  engine  was  therefore  operated  over  a  wide  range  of  temperatures  experienced  over  the 
Canadian  seasons.  All  performance  data  were  corrected  to  standard  day  reference 
conditions  for  comparison.  Previous  experience  at  NRCC  (Reference  5)  and  other  test 

facilities  (Reference  6),  suggests  that  the  normal  standard  day  corrections  do  not 
ensure  that  the  data  will  collapse  to  a  single  curve.  Since  temperature  lapse  rate  data 
were  not  available  for  all  of  the  parameters  being  considered  in  this  study,  test  data 
presented  here  were  all  recorded  at  similar  ambient  temperature  conditions. 

The  use  of  the  long  inlet  duct  on  the  T56  (Figure  1)  causes  a  significant  pressure  loss 
and  distortion  at  the  compressor  face.  This  pressure  loss  simulates  an  altitude  of 
nearly  500  metres  and  a  ram  pressure  ratio  (compressor  inlet  total  pressure  divided  by 
the  static  pressure  at  the  exhaust  exit  plane)  of  approximately  0.97.  The  effect  of 
ram  pressure  ratio  on  output  power  is  accounted  for  using  the  manufacturer’s  procedures 
(References  7  and  8).  However,  there  are  no  guidelines  for  any  other  parameters  which 
may  be  affected  by  the  ram  conditions. 

Since  humidity  affects  the  thermodynamic  properties  of  the  engine  cycle,  the  following 
atmospheric  limitations  were  observed  to  avoid  condensation  in  the  inlet  air  stream  and 
minimize  performance  corrections  (Reference  3): 

maximum  relative  humidity:  75% 

maximum  absolute  humidity:  14  g  water  per  kg  of  air. 

5.0  TEST  RESULTS 

For  this  study,  fourteen  performance  parameters  were  chosen  to  describe  the  condition  of 
the  engine  for  each  power  setting.  The  selection  of  appropriate  parameters  was  made  to 
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analyze  the  performance  of  the  overall  engine  and  of  its  individual  components*  namely 
the  compressor*  combustor  and  turbine.  To  assess  the  compressor  behavior*  isentropic 
efficiency,  corrected  airflow,  corrected  speed,  and  compressor  pressure  and  temperature 
ratios  were  examined.  For  combustor  performance*  combustor  pressure  and  temperature 
ratios  were  analyzed.  Isentropic  efficiency  was  picked  as  a  suitable  parameter  to 
describe  the  performance  of  the  turbine.  Corrected  fuel  flow,  corrected  output  power, 
and  specific  fuel  consumption  were  chosen  to  define  overall  engine  behavior,  as  were 
engine  temperature  and  pressure  ratios.  Corrected  torque  was  added  as  a  redundancy 
check  on  corrected  output  power. 

Most  of  the  performance  parameters  chosen  for  this  study  are  commonly  used  in  the 
existing  literature  (Reference  9).  However,  on  the  T56  engine,  the  presence  of  both 
turbine  inlet  temperature  and  pressure  provided  several  additional  parameters  which  are 
normally  excluded  from  many  engine  test  results.  Combustor  pressure  and  temperature 
ratios  and  turbine  efficiency  are  notable  examples  of  such  additional  parameters. 

Since  only  the  compressor  was  disassembled  during  the  rebuild  sequence,  the  strongest 
emphasis  was  in  monitoring  changes  in  the  compressor  performance  and  in  turn,  the 
effects  on  the  overall  engine  performance.  Combustor  and  turbine  performance  are 
included  to  see  if  a  change  in  compressor  operation  affects  any  of  the  downstream 
components . 

5.1  DATA  QUALITY 

There  are  many  indicators  of  the  data  quality  in  any  given  set  of  engine  test  results. 
Influences  of  the  test  facility  on  engine  operation  are  best  typified  by  plotting  the 
inlet  and  exhaust  pressures,  and  temperatures  as  a  function  of  power  setting.  Indica¬ 
tions  of  engine  thermal  stability  may  be  detected  by  observing  the  repeatability  of  the 
readings  of  engine  spool  speed  and  temperature  and  pressure  ratios  throughout  the 
engine . 

For  this  study,  the  quality  of  the  data  for  each  test  was  determined  by  the  back-to-back 
repeatability  of  each  of  the  performance  parameters.  This  was  done  by  comparing  the 
deviations  of  the  individual  data  points  from  the  curvefitted  quadratic  equations 
derived  from  the  data.  A  mean  value  of  the  deviation  of  the  data  from  its  curve  was 
used  to  estimate  the  repeatability  of  each  parameter  within  each  test. 

To  establish  the  quality  of  the  data  recorded  within  each  rebuild-test  sequence,  an 
analysis  of  the  run-to-run  repeatability  was  performed.  This  analysis  consisted  of 
comparing  curvefitted  test  data  recorded  under  the  same  ambient  conditions  during  the 
same  rebuild  sequence.  A  mean  deviation  between  the  curvefits  of  each  of  the  perfor¬ 
mance  parameters  was  then  used  to  define  the  repeatability  within  each  rebuild. 

An  estimate  of  the  overall  repeatability  of  each  of  the  parameters  was  accomplished  by 
combining  the  back-to-back  and  run-to-run  repeatabilities.  With  these  estimated 
uncertainty  values,  a  true  comparison  of  the  build-to-build  effects  would  be  carried 
out . 

5.1.1  BACK-TO-BACK  REPEATABILITY 

For  each  power  setting  during  a  test,  two  complete  scans  were  recorded  by  the  data 
acquisition  system.  To  assess  the  back-to-back  repeatability,  the  values  of  these 
recorded  points  were  compared  to  the  values  of  the  curvefit  generated  points  at  a 
specified  corrected  turbine  inlet  temperature.  This  procedure  gave  an  indication  of  how 
close  the  repeated  data  points  were  to  each  other,  and  the  "goodness"  of  the  curvefit  to 
the  actual  data  points.  These  deviations  are  shown  in  Table  1  for  the  baseline  tests 
and  the  first,  second,  and  third  rebuilds.  A  representative  sample  of  the  back-to-back 
repeatability  of  compressor  efficiency  and  corrected  output  power  are  shown  in  Figures  2 
and  3,  respectively. 

The  compressor  efficiency  (Figure  2),  corrected  air  and  fuel  flows  (see  Table  1)  all 
show  very  tight  repeatability  (±0.02%  to  ±0.11%)  for  all  four  cases.  The  compressor 
pressure  and  temperature  ratios  also  indicate  very  small  deviations  from  the  curve 
(±0.01%  to  ±0.09%),  as  do  the  combustor  pressure  and  temperature  ratios  (±0.01%  to 
±0.07%),  and  the  engine  temperature  ratio  (±0.06%  to  ±0.18%).  The  corrected  output 
power  (Figure  3)  and  specific  fuel  consumption  reveal  a  larger  scatter  (±0.28%  to 
±0.38%),  especially  during  the  second  rebuild  (±0.49%  for  SFC).  The  turbine  efficiency, 
engine  pressure  ratio  and  the  corrected  torque  also  display  some  noticeable  data  scatter 
(±0.14%  to  ±0.39%). 

The  deviation  in  the  corrected  output  power  and  specific  fuel  consumption  are  to  be 
expected  because  each  of  these  parameters  were  calculated  from  two  or  three  measured 
quantities.  The  scatter  in  the  turbine  efficiency  is  also  expected  because  it  is 
calculated  using  an  approximate  value  for  the  specific  heat  ratio  within  the  turbine. 
In  addition,  the  turbine  efficiency  is  an  inverse  parabolic  function,  which  may  not  be 
conducive  to  a  least  squares  quadratic  curvefit. 

5.1.2  RUN-TO-RUN  REPEATABILITY 

Within  each  rebuild  test  sequence,  at  least  three  complete  runs  were  recorded  for  each 
corrected  rotor  speed  condition.  Having  established  the  agreement  of  the  test  data 
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with  the  generated  curvefits,  the  next  step  was  to  determine  how  well  these  curves 
collapsed  within  each  rebuild.  To  evaluate  the  run-to-run  repeatability  of  the  data 
within  each  rebuild,  the  values  of  curvefitted  data  were  compared  from  at  least  two  runs 
taken  at  similar  ambient  conditions.  These  deviations  within  the  rebuilds  are  shown  in 
Table  2  for  the  baseline,  and  the  three  rebuilds.  Unfortunately,  during  baseline 
testing,  no  two  tests  were  performed  at  or  near  the  same  inlet  temperature,  so  the 
repeatability  figures  for  the  baseline  (Table  2),  represent  the  average  of  the  repeat¬ 
abilities  of  the  first  and  second  rebuilds.  For  compressor  efficiency  and  corrected 
output  power,  the  repeatabilities  from  the  second  rebuild  can  also  be  seen  in  Figures  2 
and  3. 

Close  examination  of  the  run-to-run  repeatability  results  {see  Table  2)  showed  that 
compressor  efficiency  (Figure  2)  and  corrected  airflow  were  reasonably  close  (±0.15%  to 
±0.24%).  Corrected  fuel  flow  displayed  a  slight  aberration  during  the  second  rebuild 
(±0.41%),  as  did  specific  fuel  consumption  during  the  third  rebuild  (±0.54%).  The 
corrected  output  power  (±0.45%)  and  the  corrected  torque  (±0.41%  to  ±0.52%)  revealed 
significant  scatter  within  each  rebuild  (see  Figure  3).  Compressor  pressure  and 
temperature  ratios  were  extremely  repeatable  (±0.05%  to  ±0.08%),  as  were  the  combustor 
(±0.02%  to  ±0.07),  and  engine  pressure  and  temperature  ratios  (±0.07%  to  ±0.14%).  The 
corrected  speed  (±0.02%  to  ±0.18%)  and  the  turbine  efficiency  (±0.05%  to  ±0.16%)  were  in 
close  agreement. 

Certain  parameters,  such  as  turbine  efficiency  and  engine  pressure  ratio  had  better 
run-to-run  repeatability  than  back-to-back  repeatability.  In  the  case  of  turbine 
efficiency,  this  anomaly  presumably  results  from  difficulties  in  representing  the 
uniquely  shaped  efficiency  function  with  a  quadratic  equation. 

5.1.3  COMBINED  REPEATABILITY 

Before  a  comparison  of  the  rebuild  data  could  be  made,  it  was  necessary  to  establish  the 
overall  or  combined  repeatability  of  the  data  from  each  rebuild.  Since  the  same 
equipment,  instrumentation  suite,  data  system,  and  facility  were  used  for  each  test,  it 
is  unlikely  that  the  measurement  bias  errors  would  have  changed.  Thus  the  population  of 
observed  measurements  taken  at  the  same  environmental  conditions  for  a  given  engine 
build  would  be  combined  to  form  an  overall  datum  with  a  defined  data  scatter.  If  when 
compared  to  the  data  taken  under  similar  environmental  conditions  for  an  engine  rebuild, 
there  is  a  shift  outside  the  scatter  band,  then  a  performance  shift  would  be  deemed  to 
have  occurred.  A  statistical  approach  using  the  methods  described  in  Reference  10  was 
used  to  calculate  expected  bias  and  precision  errors,  and  the  measurement  uncertainty 
for  this  experiment.  These  results  are  shown  in  Tables  1,  2  as  expected  random  error. 
This  information  was  compared  to  a  more  basic  method  using  the  observed  repeatabilities. 
To  accomplish  this,  a  worst  case  scenario  was  assumed.  In  other  words,  it  was  assumed 
that  both  the  back-to-back  and  run-to-run  repeatabilities  were  acting  in  the  same 
direction  within  each  rebuild,  and  opposing  each  other  across  each  rebuild.  Therefore, 
the  overall  measured  repeatability  for  each  parameter  would  be  the  sum  of  all  four 
observed  repeatability  figures  (from  Tables  1  and  2),  between  the  baseline  and  its 
corresponding  rebuild.  For  example,  from  Tables  1  and  2,  the  overall  repeatability  for 
compressor  efficiency  during  the  first  rebuild  would  be, 

(±0.02%)  +  (±0.06%)  +  (±0.21%)  +  (±0.24%)  *  ±0.53%. 

More  probably,  the  data  scatter  would  be  calculated  using  the  root-sum-square,  which  in 
this  case,  the  observed  repeatability  in  compressor  efficiency  would  be  only  ±0.33%. 
Thus,  the  method  chosen  to  define  the  overall  repeatabilities  for  this  rebuild  study 
always  over-estimates  the  more  appropriate  statistical  value. 

Since  the.  first  rebuild  becomes  the  new  baseline  for  the  second  rebuild,  and  the  second 
rebuild  S^oraes  the  new  baseline  for  the  third,  the  overall  repeatabilities  will  be 
slightly  different  for  each  cross-examination  of  rebuild  data.  A  complete  list  of  the 
overall  repeatabilities  for  each  of  the  parameters,  for  all  three  rebuilds  are  given  in 
Table  3. 

For  the  first  rebuild,  several  parameters  such  as,  compressor  efficiency,  corrected 
airflow  and  fuel  flow,  turbine  efficiency,  and  engine  pressure  ratio,  all  exhibited 
overall  repeatabilities  of  approximately  ±0.50%.  Other  parameters  such  as,  corrected 
speed,  compressor  and  combustor  pressure  and  temperature  ratios,  and  engine  temperature 
ratio,  had  overall  repeatabilities  ranging  from  ±0.16  percent  to  ±0.32  percent.  By  far 
the  largest  overall  data  scatter  appeared  in  the  corrected  output  power  (±1.44%), 
specific  fuel  consumption  (±1.25%),  and  the  corrected  torque  (±1.67%).  The  majority  of 
the  scatter  in  specific  fuel  consumption  was  attributed  to  the  output  power  term.  The 
corrected  torque  Indicated  some  speed  dependence  which  was  accounted  for  in  the  output 
power  measurements.  The  overall  repeatabilities  for  the  second  and  third  rebuilds  were 
very  similar  to  those  of  the  first  rebuild. 

In  general,  the  quality  of  the  test  data  for  the  baseline,  and  the  three  rebuilds 
appeared  to  be  very  good,  with  the  possible  exception  of  output  power.  Overall,  the 
test  data  recorded  for  the  rebuild  study  were  considered  to  be  of  sufficiently  good 
quality  to  be  used  for  an  accurate  comparison. 


3-6 


5.2  COMPARISON  OF  REBUILD  DATA 

Having  established  the  overall  repeatabilities  of  the  performance  parameters  selected 
for  the  rebuild  evaluation,  one  representative  test  run  from  each  rebuild  was  compared 
to  its  corresponding  baseline.  The  observed  shifts  in  the  various  performance  para¬ 
meters  are  given  in  Table  3.  Several  of  these  shifts  are  shown  graphically  in  Figures  4 
through  8.  The  results  of  each  rebuild  are  discussed  separately. 

5.2.1  FIRST  REBUILD  RESULTS 

To  assess  the  various  effects  of  the  rebuild,  the  engine  and  its  individual  components 
were  considered  separately.  The  effects  oq  compressor  performance  were  noticed  in  the 
compressor  efficiency  (Figure  4),  which  showed  an  increase  of  1.2%  from  the  baseline 
value.  This  increase  was  double  the  pessimistic  repeatability  of  the  measured  para¬ 
meter.  Corrected  airflow  (Figure  5)  showed  an  increase  of  0.77%  from  baseline  to  the 
first  rebuild,  which  was  also  larger  than  the  repeatability.  The  compressor  pressure 
ratio  (Figure  6)  increased  by  1.3%,  which  was  nearly  five  times  the  estimated  repeat¬ 
ability.  The  shift  in  the  compressor  temperature  ratio  was  of  the  same  magnitude  as  its 
uncertainty. 

It  was  interesting  to  note  that  the  performance  of  the  combustor  was  also  affected  by 
the  compressor  rebuild.  The  combustor  pressure  ratio  (Figure  7)  decreased  by  1.0%, 
which  is  significantly  larger  than  its  repeatability.  This  phenomenon  is  not  entirely 
unexpected  because  earlier  work  (Reference  11)  had  suggested  a  direct  relationship 
between  the  combustor  pressure  loss  and  the  flow  function  at  the  compressor  exit.  In 
this  case,  the  compressor  exit  pressure  increased  more  than  the  airflow,  thereby 
decreasing  the  flow  function  at  the  compressor  exit.  The  effect  on  the  combustor 
temperature  ratio  (-0.20%)  was  negligible,  as  was  the  effect  on  the  turbine  efficiency. 

As  far  as  overall  engine  performance  was  concerned,  an  increase  of  0,73%  was  observed  in 
the  corrected  fuel  flow.  Shifts  in  the  corrected  torque  (+1.5%)  and  corrected  output 
power  (+0.79%),  shown  in  Figure  8,  were  measured,  but  they  were  within  the  overall 
repeatability  band.  The  specific  fuel  consumption,  showed  no  shift  because  both  fuel 
flow  and  output  power  shifted  about  the  same  amount  and  in  the  same  direction. 

5.2.2  SECOND  REBUILD  RESULTS 

For  the  second  rebuild,  the  first  rebuild  was  used  as  the  new  baseline  for  comparison. 
The  observed  shifts  in  the  performance  of  the  engine  and  its  components  were  very 
similar  to  the  first  rebuild.  The  compressor  efficiency  (Figure  4),  showed  a  decrease 
of  0.84%,  which  was  larger  than  the  estimated  repeatability.  The  corrected  airflow 
(Figure  5)  only  decreased  by  0.23%,  which  was  less  than  the  repeatability.  The 
compressor  pressure  ratio  (Figure  6)  also  decreased,  this  time  by  1.3%,  definitely 
beyond  the  measurement  repeatability  limits.  The  compressor  temperature  ratio  remained 
unchanged. 

As  in  the  first  rebuild,  the  combustor  pressure  ratio  (Figure  7)  was  affected  by  the 
changes  in  compressor  performance.  An  increase  of  0.52%  was  observed  in  the  combustor 
pressure  ratio,  which  is  well  above  its  repeatabil i ty  estimate.  An  increase  in  the 
compressor  exit  fiuw  function,  resulting  from  the  compressor  exit  pressure  decreasing 
more  than  the  airflow,  could  be  the  cause  of  this  behavior.  The  combustor  temperature 
ratio  was  again  unaffected  by  the  rebuild,  as  was  the  turbine  efficiency. 

Concerning  the  overall  engine  performance,  the  corrected  fuel  flow,  decreased  by  1.4%, 
which  is  more  than  twice  the  established  repeatability.  Decreases  in  corrected  output 
power  (Figure  8),  specific  fuel  consumption,  and  corrected  torque  (-0.76%)  were 
observed,  but  these  shifts  were  all  within  the  projected  repeatabilities  for  these 
parameters. 

5.2.3  THIRD  REBUILD  RESULTS 

For  the  third  rebuild,  the  second  rebuild  was  used  as  the  new  baseline  for  comparison. 
The  observed  shifts  in  the  performance  of  the  engine  after  the  third  rebuild  are 
noticeably  smaller  from  the  first  and  second  rebuilds.  The  compressor  efficiency 
(Figure  4),  showed  an  increase  of  only  0.31%,  which  is  less  than  the  estimated  repeat¬ 
ability.  The  corrected  airflow  (Figure  5)  increased  only  negligibly,  while  the 
compressor  pressure  ratio  (Figure  6),  and  temperature  ratio  shifts  were  within  the 
repeatability  limits. 

The  only  parameter  that  appeared  to  be  affected  by  the  third  rebuild  was  the  combustor 
pressure  ratio  (Pigure  7),  with  a  decrease  of  0.40%.  This  shift  is  twice  the  estimated 
repeatabi 1 i ty  for  that  parameter.  A  change  in  combustor  temperature  ratio  (+0.25)  was 
noted,  however,  this  shift  was  of  similar  magnitude  to  the  overall  repeatability.  No 
change  occurred  in  the  turbine  efficiency  during  the  third  rebuild. 

Regarding  the  overall  engine  performance,  the  corrected  fuel  flow  increased  only  0.14%, 
while  the  corrected  output  power  (Figure  8),  decreased  0.52%.  Changes  in  the  corrected 
torque  (-0.64%),  and  specific  fuel  consumption  (+0.58%)  were  less  than  their  predicted 
repeatabilities.  The  engine  pressure  and  temperature  ratios  were  similarly  unaffected. 
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5.3  DISCUSSION  OF  THE  REBUILD  RESULTS 

The  results  of  the  three  rebuilds  were  compared  assuming  the  overall  repeatability  was 
the  worst  combination  of  all  of  the  back-to-back  and  run-to-run  repeatabilities.  A 
comparison  (Table  1)  of  the  back-to-back  measured  repeatability  to  the  expected  random 
error,  which  is  twice  the  estimated  precision  error,  shows  very  close  agreement  on  most 
parameters,  with  the  exception  of  torque.  The  run-to-run  repeatability  was  shown  (Table 
2)  to  be  slightly  greater  than  the  expected  random  error,  indicating  some  portion  of  the 
bias  error  was  included.  On  most  parameters,  the  overall  repeatability  was  found  to  be 
more  pessimistic  than  the  estimated  uncertainties  (Table  3)  calculated*  us ing  the  methods 
described  in  Reference  10. 

The  actual  cause  for  the  observed  shifts  in  the  performance  parameters  is  open  for 
speculation.  During  the  first  rebuild,  axial  clearances  were  slightly  altered  between 
the  rotor  and  stator  of  several  of  the  compressor  stages.  In  addition,  inspections  of 
critical  internal  gas  path  dimensions  made  before  and  after  each  rebuild  (References  12, 
13,  and  14)  suggest  that  the  compressor  internal  geometry  changed  slightly,  albeit 
within  the  manufacturers  specified  tolerances.  These  minor  geometry  changes  include 
seal  clearances,  blade  tip  clearances,  and  stator  position. 

An  investigation  of  the  blade  tip  clearances  measured  during  the  rebuild  processes 
provided  some  insight  as  to  potential  causes  of  the  observed  performance  shifts.  After 
the  first  rebuild,  the  measured  tip  clearances  had  decreased  on  13  of  the  14  stages 
within  the  compressor.  The  latter  stages  of  the  compressor  were  affected  the  most, 
where  the  flow  area  is  smaller.  This  decrease  in  tip  clearance  would  explain  the 
increase  in  compressor  efficiency  observed  after  the  first  rebuild. 

After  the  second  rebuild,  9  of  the  14  compressor  stages  showed  an  increase  in  tip 
clearances,  which  resulted  in  a  decrease  in  compressor  efficiency.  The  results  of  the 
third  rebuild  show  that  50%  of  the  compressor  stages  had  an  increase  in  tip  clearance, 
while  50%  experienced  a  decrease.  These  clearance  changes  were  well  mixed  within  the 
compressor,  thus  the  change  in  compressor  efficiency  and  all  other  engine  parameters  was 
small.  Although  these  clearance  changes  are  very  small,  the  random  combination  of  them 
may  cause  the  compressor  performance  to  shift  sufficiently  for  laboratory 
instrumentation  to  detect  it. 

6.0  CONCLUSIONS 

In  setting  up  a  project  to  quantify  the  effects  rebuilding  the  compressor  has  on  the 
performance  of  a  gas  turbine  engine,  there  is  always  some  difficulty  in  defining 
statistically  measurable  performance  shift.  The  data  presented  here  for  the  Allison  T56 
engine,  illustrates  that  while  some  parameters  have  reasonably  large  repeatabilities 
associated  with  them,  others  have  quite  small  limits,  which  makes  them  ideal  for 
measuring  important  but  small  changes  in  performance. 

The  results  of  the  rebuild  study  to  date  have  indicated  that  performance  shifts  from 
simply  disassembling  and  reassembling  a  compressor  are  measurable.  The  most  significant 
shifts  appear  in  parameters  such  as  compressor  efficiency,  corrected  airflow,  compressor 
pressure  ratio,  corrected  fuel  flow,  and  combustor  pressure  ratio.  The  latter  parameter 
is  affected  because  of  a  change  in  the  exit  conditions  of  the  compressor. 

The  effects  of  a  compressor  rebuild  are,  apparently,  statistically  random.  After  the 
first  rebuild,  the  compressor  performance  improved,  while  following  the  second  rebuild, 
the  compressor  performance  deteriorated.  The  results  of  the  third  rebuild  showed  only 
minute  changes  in  performance.  These  effects  are  consistent  with  variations  in 
compressor  tip  clearance  measured.  Whether  or  not  these  three  rebuilds  have  shown  the 
full  extent  to  which  the  performance  may  change  is  unknown.  A  much  larger  statistical 
sample  would  be  required  to  completely  determine  the  limits  of  the  performance  effects. 

The  impact  of  the  rebuild  study  on  the  compressor  blade  coating  is  important.  To  the 
users  of  coated  engine  parts,  the  performance  parameters  of  most  concern  are  output 
power  and  specific  fuel  consumption.  The  repeatabilities  associated  with  these  para¬ 
meters  are  larger  than  most  other  parameters  and  thus  only  gross  shifts  could  be 
detected.  The  same  may  be  said  for  engine  health  monitoring  ( EHM )  testing,  where  faults 
are  implanted  in  engine  components  to  detect  performance  changes.  Improved  instrumenta¬ 
tion,  test  techniques  and  correction  methods  (ambient  temperature)  are  being  pursued 
because  of  the  importance  of  these  applications. 

7 . 0  RECOMMENDATIONS 

It  is  recommended  that  more  attention  should  he  paid  to  the  effects  of  temperature 
variation  on  the  T56  engine.  This  would  allow  a  larger  supply  of  data  from  which  a  more 
confident  set  of  repeatability  estimates  may  be  obtained.  Until  such  time,  data  should 
only  be  compared  when  it  has  been  recorded  at  the  9ame  ambient  temperature  conditions. 

When  analyzing  data  taken  from  the  blade  coating  project  and/or  implanted  fault  studies, 
the  effects  of  the  rebuilding  of  the  compressor  should  be  considered.  This  implies 
increasing  the  uncertainty  interval  on  certain  parameters  when  comparing  data  taken 
across  a  compressor  rebuild. 
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TABLE  lx  BACK-TO-BACK  REPEATABILITY 

PARAMETER  DEVIATION  FROM  CURVE  (%)  EXPECTED 

RANDOM 


BASELINE 

FIRST 

REBUILD 

SECOND 

REBUILD 

THIRD 

REBUILD 

ERROR 

(%) 

Compressor  efficiency 

*0.02 

±0.06 

±0.08 

±0.06 

±0.03 

Corrected  airflow 

±0.06 

±0.06 

±0.11 

±0.06 

±0.10 

Corrected  fuel  flow 

±0.07 

±0.10 

±0.09 

±0.12 

±0.12 

Corrected  output  power 

±0.28 

±0.38 

±0.35 

±0.16 

±1.10 

Specific  fuel  consumption 

±0.28 

±0.29 

±0.49 

±0.35 

±1.10 

Corrected  speed 

±0.01 

±0.03 

±0.04 

±0.03 

±0.01 

Compressor  pressure  ratio 

±0.05 

±0.09 

±0.08 

±0.05 

±0.06 

Compressor  temperature  ratio 

±0.01 

±0.04 

±0.05 

±0.02 

±0.00 

Turbine  efficiency 

±0.2  0 

±0.23 

±0.23 

±0.20 

±0.02 

Combustor  temperature  ratio 

±0.01 

±0.03 

±0.04 

±0.02 

±0.00 

Combustor  pressure  ratio 

±0.07 

±0.04 

±0.05 

±0.05 

±0.08 

Engine  temperature  ratio 

±0.06 

±0.07 

±0.08 

±0.18 

±0.00 

Engine  pressure  ratio 

±0.15 

±0.14 

±0.15 

±0.22 

±0.03 

Corrected  torque 

±0.30 

±0.39 

±0.35 

±0.17 

±1.10 

Reference  :  Corrected  speed  ■ 
Corrected  Turbine 

13820  RPM 

Inlet  Temperature  * 

2200  * R  (1220  K) 
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TABLE  2:  RUH-TO-RUH  REPEATABILITY 


PARAMETER 

DEVIATION  WITHIN  REBUILD  (%) 

BASELINE  FIRST  SECOND  THIRD 

REBUILD  REBUILD  REBUILD 

EXPECTED 

RANDOM 

ERROR 

(%) 

Compressor  efficiency 

±0.21 

±0.24 

±0.18 

±0.16 

±0.03 

Corrected  airflow 

±0.15 

±0.16 

±0.13 

±0. 17 

±0.10 

Corrected  fuel  flow 

±0.28 

±0.16 

±0.41 

±0.22 

±0.12 

Corrected  output  power 

±0.39 

±0.39 

±0.39 

±0.45 

±1.10 

Specific  fuel  consumption 

±0.32 

±0.36 

±0.27 

±0.54 

±1.10 

Corrected  speed 

±0.10 

±0.18 

±0.02 

±0.11 

±0.01 

Compressor  pressure  ratio 

±0.06 

±0.07 

±0.05 

±0.05 

±0.06 

Compressor  temperature  ratio 

±0.07 

±0.07 

±0.07 

±0.08 

±0.00 

Turbine  efficiency 

±0.06 

±0.05 

±0.06 

±0.16 

±0.02 

Combustor  temperature  ratio 

±0.07 

±0.07 

±0.06 

±0.06 

±0.00 

Combustor  pressure  ratio 

±0.03 

±0.02 

±0.04 

±0.05 

±0.08 

Engine  temperature  ratio 

±0.08 

±0.07 

±0.08 

±0.14 

±0.00 

Engine  pressure  ratio 

±0.07 

±0.08 

±0.07 

±0.07 

±0.03 

Corrected  torque 

±0.46 

±0.52 

±0.41 

±0.45 

±1.10 

Reference  s  Corrected  speed  =  1382U  RPM 

Corrected  Turbine  Inlo.  Temperature  *  2200  *R  (1220  K) 

TABLE  3:  REBUILD  BPPBCTS 

PARAMETER  OVERALL  UNCERTAINTY  DEVIATION 

REPEATABILITY  (ESTIMATED)  BETWEEN  REBUILD 

(%)  (%)  (%) 


FIRST 

SECOND 

THIRD 

FIRST 

SECOND 

THIRD 

Compressor  efficiency 

±0.53 

±0.56 

±0.48 

±0.87 

+  1.16 

-0.84 

+  0.31 

Corrected  airflow 

±0.43 

±0.46 

±0.47 

±0.27 

+  0.77 

-0.23 

+  0.10 

Corrected  fuel  flow 

±0.61 

±0.76 

±0.84 

±0.43 

+0.73 

-1.44 

+  0.14 

Corrected  output  power 

±1.44 

±1.51 

±1.35 

±1.42 

+0.79 

-0.70 

-0.52 

Specific  fuel  consumption 

±1.25 

±1.41 

±1.65 

±1.52 

-0.07 

-0.80 

+  0.58 

Corrected  speed 

±0.32 

±0.27 

±0.20 

±0.13 

-0.11 

-0.06 

+  0.12 

Compressor  pressure  ratio 

±0.27 

±0.29 

±0.23 

±0.25 

+  1.26 

-1.31 

-0. 19 

Compressor  temperature  ratio 

±0.19 

±0.23 

±0.22 

±0.40 

-0.20 

+  0.02 

-0.23 

Turbine  efficiency 

±0.54 

±0.57 

±0.65 

±0.90 

+  0.09 

+  0.18 

-0.02 

Combustor  temperature  ratio 

±0.18 

±0.20 

±0.18 

±0.49 

+  0.20 

-0.05 

+  0.25 

Combustor  pressure  ratio 

±0.16 

±0.15 

±0.19 

±0.35 

-1.00 

+  0.52 

-0.40 

Engine  temperature  ratio 

±0.28 

±0.30 

±0.48 

±0.40 

+  0.01 

+0.01 

+  0.19 

Engine  pressure  ratio 

±0.44 

±0.44 

±0.51 

±0.12 

-0.07 

+0.23 

+0.00 

Corrected  torque 

±1.67 

±1.67 

±1.38 

±1.41 

+  1.50 

-0.76 

-0.64 

Reference  :  Corrected  speed  » 
Corrected  Turbine 

13820  RPM 

Inlet  Temperature 

-  2200 

•R  (1220 

K) 
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FIGURE  I:  SCHEMATIC  OF  T56  TURBOPROP  ENGINE 
ON  TEST  STAND 


CORRECTED  TURBINE  INLET  TEMPERATURE 


FIGURE  2 :  DATA  QUALITY  -  COMPRESSOR  EFFICIENCY 


COMPRESSOR  EFFICIENCY 


CORRECTED  TURBINE  INLET  TEMPERATURE 


FIGURE  3:  DATA  QUALITY  -  CORRECTED  OUTPUT  POWER 


CORRECTED  TURBINE  INLET  TEMPERATURE 


FIGURE  4:  ENGINE  PERFORMANCE  -  COMPRESSOR  EFFICIENCY 
VS  CORRECTED  TURBINE  INLET  TEMPERATURE 


COMPRESSOR  PRESSURE  RATIO 


CORRECTED  TURBINE  INLET  TEMPERATURE 


FIGURE  5'  ENGINE  PERFORMANCE  -  CORRECTED  AIRFLOW  VS 
CORRECTED  TURBINE  INLET  TEMPERATURE 


CORRECTED  TURBINE  INLET  TEMPERATURE 


FIGURE  6  ENGINE  PERFORMANCE  -  COMPRESSOR  PRESSURE  RATIO 
VS  CORRECTED  TURBINE  INLET  TEMPERATURE 


CORRECTED  TURBINE  INLET  TEMPERATURE 


FIGURE  7 :  ENGINE  PERFORMANCE  -  COMBUSTOR  PRESSURE  RATIO 
VS  CORRECTED  TURBINE  INLET  TEMPERATURE 


FIGURE  8’  ENGINE  PERFORMANCE  -  CORRECTED  OUTPUT  POWER 
VS  CORRECTED  TURBINE  INLET  TEMPERATURE 
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Oxidation,  Sulfidation,  and  Hot  Corrosion:  Mechanisms  and  Interrelationships 


T.  A.  lircher 

Aerospace  Materials  Division 
Naval  Air  Development  Center 
Warainster •  PA  18974 


Summary 

A  discussion  of  the  various  types  of  oxide  growth  laws  which  describe  oxidation  of 
metals  and  alloys  has  been  given*  The  formation  and  maintenance  of  a  dense,  adherent 
oxide  scale  will  result  In  di f f usion-1 imi ted  scale  growth  and  a  parabolic -type  rate 
equation.  These  protective  scales  are  formed  by  selectively  oxidizing  their  respective 
metallic  components  from  a  complex  base  alloy  or  coating.  Exposure  of  alloys  to  a 
sulfldlzlng  or  hot -cor r os i ve  type  environment  reduces  the  ability  for  protective  scales 
to  adhere  or  recover  from  scale  damage  and  shortens  the  time  for  which  an  alloy  can  form 
a  protective  scale  via  selective  oxidation. 


Introduction 

Alloys  which  are  designed  for  high  temperature  applications  are  subject  to  a  wide 
spectrum  of  degradation  mechanisms,  many  of  which  are  highly  specific  to  a  particular 
service  environment.  The  mechanisms  involved  even  in  simple  oxidation  of  a  modern 
superalloy  are  complex  combinations  of  surface  morphology,  microstructure,  alloy 
chemistry,  oxygen  partial  pressure,  and  so  on.  Consideration  of  additional 
thermochemical  reactions  made  possible  by  the  presence  of  mixed  gas  environments  or 
condensed  deposits  results  in  a  situation  which  is  almost  unapproachable  without  making 
simplifying  assumptions  of  some  kind.  Yet  from  a  design  lifetime  standpoint  the 
applicability  of  an  alloy  for  some  service  environment  can  be  reduced  to  the  following 
evaluation:  what  Is  the  ability  of  that  particular  alloy  to  function  In  the  particular 

service  conditions  without  undergoing  accelerated  and  catastrophic  degradation?  This 
evaluation  recognizes  the  inevitability  of  degradation  under  even  the  best  conditions. 
Understanding  what  circumstances  result  in  the  transition  from  an  acceptably  stable 
degradation  mode  to  an  unacceptably  debilitating  form  of  attack  can  allow  the  materials 
engineer  to  work  towards  extending  the  region  of  time  in  which  the  alloy  exhibits  stable 
degradation  in  that  service  environment. 

This  paper  examines  oxidation,  sulfidation,  and  hot  corrosion  from  the  standpoint 
of  acceptable  vs  unacceptable  degradation  with  the  intent  of  emphasizing  fundamental 
aspects  common  to  these  Important  forms  of  high  temperature  environmental  attack.  There 
are  two  guidelines  which  form  a  framework  for  understanding  high  temperature  degradation 
regardless  of  whether  the  environment  is  purely  .ox  id  1 zi ng ,  a  mixed  gas  environment,  or 
an  environment  in  which  condensed  deposits  form'1  '  : 

1)  For  adequate  service  life  an  alloy  must  form  a  protective  oxide  scale.  The  usual 
method  for  accomplishing  this  is  the  selective  oxidation  of  a  particular  alloying 
element  . 

2)  The  effect  of  an  environment  on  component  lifetime  is  primarily  the  result  of 
reactions  which  lead  to  the  disruption  or  prevention  of  protective  oxide  formation  and 
subsequent  rapid  material  degradation. 

The  first  section  of  the  paper  will  discuss  oxidation.  Specifically,  it  will 
explore  the  various  oxide  growth  laws  and  the  concept  of  selective  oxidation.  The 
second  section  on  sulfidation  will  discuss  protective  oxide  growth  in  sulfur-containing 
gas  environments.  The  third  and  final  section  will  focus  on  hot  corrosion  attack,  in 
particular  the  effects  of  condensed  deposits  and  molten  salt  chemistry  on  protective 
oxide  formation. 


Technical  Discussion 
A.  Oxidation 

The  oxidation  of  a. pure  metal  can  be  broken  into  a  five  step  sequence  as 
illustrated  in  Figure  1'  .  The  first  step  is  the  adsorption  of  oxygen  onto  the  aetal 

surface  fron  the  gaseous  environment.  Islands  of  oxide  are  formed  and  lateral  growth  of 
these  Islands  quickly  occurs  in  step  2.  This  lateral  growth  of  surface  oxide  flla  is 
accompanied  by  oxygen  dissolution  into  the  substrate  lattice.  The  formation  of  a 
continuous  surface  film,  step  3,  is  an  Important  step  in  providing  long-term  oxidation 
resistance  at  elevated  temperatures.  If  the  continuous  oxide  film  is  stable  the  growth 
of  the  flla  will  be  dependant  on  two  factors,  namely,  the  continued  availability  of 
oxygen  in  the  atmosphere  and  the  rate  of  transport  of  ionic  species  through  the  oxide 
film.  Also  occurring  In  this  step  is  the  continued  dissolution  of  oxygen  into  the  metsl 
substrate.  In  some  situations  the  formation  of  Internal  oxides  or  embrittlement  of  the 
substrate  can  represent  a  far  worse  condition  than  metsl  recession  due  to  uniform 
surface  oxidation.  With  continued  scale  growth  s  variety  of  local  defects  can  form  as 
shown  In  step  4.  Defect  coalescence  can  crests  porosity  within  the  scale.  Volumetric 


or  thermal  stresses  can  lead  to  microcracks  at  the  oxide / subst ra te  interface.  Extensive 
cracking  of  the  oxide  scale  can  also  occur  due  to  volumetric  stresses,  as  shown  in  step 
5.  This  occurs  readily  when  the  oxide  has  a  specific  volume  that  differs  greatly  from 
that  of  the  substrate  metal. 

There  are  three  principal  rate  equations  which  describe  oxidation  of  metals  and 
alloys.  At  lower  temperatures  (<  500  °C)  many  metals  such  as  aluminium,  copper,  and 
silver  exhibit  oxide  growth  behavior  which  is  described  by  the  logarlthmlc-type  rate 
equation.  This  describes  very  thin  oxides  which  form  rapidly  and.then  grow  slowly  with 
time.  Electronic  effects  dominate  transport  across  these  films'  .  At  higher 
temperatures  (>500  °C)  the  growth  of  oxide  scales  is  usually  limited  by  thermally 
activated  transport  processes,  or  diffusion.  Ihe  growth  rate  in  such  scales  is  then 
inversely  proportional  to  the  oxide  thickness  and  parabollc-ty pe  rate  equations  are 
observed.  When  the  oxide  scale  undergoes  extensive  cracking  or  spalling  linear-type 
rate  equations  develop.  A  summary  of  these  three  types  of  rate  equations  is  given  in 
Table  1. 


It  should  be  noted  that  diffusion-limited  growth  can  also  be  observed  where  a 
continuous  external  scale  does  not  form.  For  this  reason  meta 1 lographic  evaluation  must 
always  be  performed  in  addition  to  measuring  weight  change  before  oxidation  behavior  can 
be  accurately  characterized. 

The  formation  of  a  dense,  continuous,  adherent  oxide  film  which  allows  suitably 
slow  diffusion-limited  kinetics  represents  the  best  means  for  protection  of  high- 
temperature  alloys.  For  diffusion-limited  growth  across  a  continuous  oxide  film  the 
growth  rate  of  the  oxide  layer  will  be  proportional  to  the  flux  of  ionic  species  through 
the  oxide  film.  This  flux  is  proportional  to  the  diffusion  coefficient  and  the  oxygen 
gradient.  For  a  given  temperature  and  oxygen  gradient,  factors  which  increase  diffusion 
through  the  oxide  will  accelerate  the  oxidation  process. 

Diffusion  in  oxide  scales  at  a  given  temperature  and  oxygen  pressure  is  a  function' 
of  the  oxide  lattice  and  defect  structure.  Ionic  species  will  have  lower  d 1 f f us  1 v 1 1 1 e s 
in  close-packed  lattice  structures  such  as  hexagonal-close-packed  and  f ace-centered- 
cubic  than  in  more  open  lattice  structures  such  as  a  spinel  structure-  Point  defects 
related  to  non-stoichiometry  or  impurities  in  the  oxide  lattice  and  line  defects  such  as 
grain  boundaries  will  also  effect  the  overall  diffusion  rate  of  reactants  through  the 
oxide  . 

The  growth  rate  of  several  metal  oxides  as  a  function  of  temperature  is  shown  in 
Figure  2'  .  For  protection  of  components  at  elevated  temperatures  the  oxides  Sio., 

A1 _0_ ,  and  Cr.0.  are  almo8t  exclusively  used.  Si02  is  used  to  protect  components  in 
oxidizing  atmospheres  to  1700  C.  It  is  the  protective  oxide  which  allows  MoSi2  heating 
elements  to  function  for  thousands  of  hours  at  1500  °C  and  higher.  Si 1 ic ide -based 
coatings  are  also  used  to  protect  refractory  metal  alloys  which  are  unable  to  form 
protective  A12°3  8Cales  selective  oxidation.  Ai2°3  8cales  are  the  pr imary  means  of 
protection  for  nickel-base  superalloys  in  gas  turbine  engines  .  Cr2°3  8cale8  are 

utilized  in  many  heat-resistant  alloys  where  sulfidation  is  a  major  concern.  Cr.O.- 
forming  alloys  are  limited  to  applications  below  approximately  1000  °C.  Above  this 
temperature  oxide  volatilization  is  a  limiting  factor. 

In  complex  alloys  such  as  a  nickel-base  superalloys  the  desired  protective  oxide 
scale  is  usually  formed  by  selective  oxidation.  Selective  oxidation  is  the  process  by 
which  one  (usually  minor)  alloying  element  is  exclusively  oxidized  from  the  bulk  alloy 
substrate  to  form  a  pure,  protective  oxide  for  the  alloy.  In  this  process  the  relative 
free-energy  of  formation  of  the  oxides  of  the  various  alloying  elements  is  Important. 
Although  external  scale  formation  is  a  complex  function  of  d 1 f f us  1 v 1 1 ies  ,  oxygen 
solubility,  and  other  thermodynamic/kinetic  Interactions,  the  alloying  element  whose 
oxide  has  the  lowest  free  energy  of  formation  will  have  the  strongest  driving  force  to 
form.  Even  with  favorable  thermodynamic  conditions,  however,  formation  of  undesirable 
transient  oxides  can  occur  which  can  severely  affect  the  selective  oxidation  process. 

The  selective  oxidation  process  can  be  controlled  to  some  extent  by  alio 
chemistry.  Plgure  3'  '  shows  an  oxide  map  of  the  equilibrium  oxide  films  which  form  on 
a  wide  variety  of  nickel-base  superalloys  at  1100  °C  as  a  function  of  nickel,  chromium, 
and  aluminium  content.  The  selective  oxidation  process  can  change  with  time  if  the 
protective  oxide  scale  needs  to  be  continuously  re-formed.  This  is  true  for  oxides 
which  spall  upon  thermal  cycling.  Such  spallation  will  gradually  cause  depletion  of  the 
desired  oxide-forming  element  from  the  surface  layer  and  formation  of  less  protective 
oxides.  Referring  to  the  oxide  map  shown  in  Figure  3,  the  surface  composition  of  an 
alloy  which  starts  out  in  the  Al-0--f orming  region  of  the  oxide  map  will  gradually  shift 
towards  the  Cr.O.  and  finally  NiO  region  of  the  map.  Coating  alloy  compositions  such  as 
NiCrAlY  are  designed  as  reservoirs  which  are  rich  in  the  desired  oxide-forming  elements. 
As  such,  coatings  will  retard  the  movement  of  the  surface  composition  towards  regions  of 
less  protective  oxide  formation.  The  Importance  of  oxide  scale  adherence  in  oxidation 
and  hot  corrosion  behavior  is  discussed  in  an  earlier  paper  of  this  proceedings^  ■ 


B.  Sulfidation 

Sulfidation  is  considered  in  this  paper  as  the  degradation  of  an  alloy  by  sulfur 
attack  from  a  gaseous  sulfur  species  such  as  SO.  or  H.S.  Sulfidation  is  one  specific 
type  of  general  material  degradation  which  can  occur  in  mixed  gas  environments.  In  such 
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an  environment  the  diffusion  of  sulfur  Into  the  substrate  and  the  formation  of  internal 
sulfides  can  significantly  shorten  the  period  of  time  over  which  an  alloy  can  form  a 
protective  oxide  via  selective  oxidation. 

The  formation  of  protective  Cr_0_  scales  In  sulfldlzlng  environments  has  been 
widely  studied.  An  especially  important  parameter  In  the  formation  of  protective  oxide 
scales  in  sulfldlzlng  environments  Is  the  oxygen  partial  pressure  In  the  gas.  Studies 
have  reported  on  the  influence  of  oxygen  partial  pressure  In  a  sulfldlzlng  environment 
on  the  corrosion  products  of  a  wide  variety  of  Fe-Cr-Nl  alloys  containing  >18X  Cr*°  . 

The  data  indicate  the  existence  of  a  threshold  oxygen  partial  pressure  above  which  a 
continuous  protective  oxide  scale  develops.  The  use  of  an  excess  parameter,  pn-/pA7e,  „ 
has  been  suggested,  where  P.j  Is  the  oxygen  partial  pressure  In  the  gas  mix t ure  and ^p02 
la  the  equilibrium  Cr^O^-CrS  oxygen  partial  pressure  indicated  by  the  thermodynamic 
phase  stability  diagram  at  the  temperature  of  interest. 

Figure  4^^  shows  the  degradation  of  IN  800  over  a  wide  range  of  temperatures  and 
sulfur  partial  pressures  as  a  function  of  this  parameter.  Samples  of  IN  800  were 
exposed  for  25  hours  and  then  me tal lographlcall y  examined  for  sulfidation  attack.  The 
figure  indicates  that  irrespective  of  temperature  and  Pg  there  exists  a  threshold  oxygen 
partial  pressure  ~  where  scale  thickness  and  alloy  penetration  are 

negligible.  This  stable  degradation  mode  is  associated  with  the  formation  of  a 
continuous,  protective  Cr^O^  scale  on  the  metal  surface. 

Sufldatlon  of  the  substrate  will  still  occur  in  most  cases  despite  the  formation  of 
a  continuous  external  Cr^O.  scale.  The  formation  of  subscale  sulfides  is  caused  by 
diffusion  of  sulfur  through  the  oxide  scale.  This  causes  scale  spallation  or  cracking, 
followed  by  subsequent  oxidation  of  the  sulfides  and  sulfur  penetration  into  the  alloy 
along  the  grain  boundaries.  Breakaway  sulfidation  is  associated  with  chromium  depletion 
of  the  alloy  matrix  in  the  surface  region,  formation  of  mixed  sulfide  phases,  and 
widespread  de-scaling  of  the  chromium-oxide. 


C.  Hot  Corrosion 


Hot  corrosion  is  considered  in  this  paper  as. corrosion  in  the  presence  of  a 
condensed  phase,  or  “deposit-modified  corrosion "  .  The  condensed  deposits  which 

characterize  hot  corroeion  attack  in  Naval  gas  turbine  engines  are  salts,  primarily 
Na-SO^,  which  form  during  combustion  of  the  fuel  in  the  presence  of  marine  contaminants. 
Hot  corrosion  attack  occurs  in  the  form  of  aggressive  degradation  of  turbine  engine 
components  in  the  intermediate  temperature  region  of  650-900  °C.  Above  these 
temperatures  the  salt  deposits  volatilize  and  hot  corrosion  is  not  observed. 

The  selective  oxidation  process  and  the  formation  and  maintenance  of  protective 
oxide  films  is  important  in  understanding  hot  corrosion  reactions.  In  most  cases,  the 
primary  impact  of  condensed  environmental  contaminants  is  to  shorten  the  time  for  which 
an  alloy  can  form  a  protective  scale  via  selective  oxidation. 


An  examination  of  the  hot  corrosion  degradation  sequence  reveals  that  corrosion 
resistant  alloys  degrade  in  the  same  characteristic  sequence-  This  sequence  is 
represented  by  the  weight  change  data  for  two  nickel-base  superalloys  shown  In  Figure 
5*  There  is  an  Initiation  or  incubation  stage,  where  the  alloy  is  behaving  much  the 

same  as  if  there  were  no  deposit*  The  propagation  or  accelerated  oxidation  stage  Is 
characterized  by  accelerated  weight  gain.  This  stage  represents  a  situation  where  the 
deposit  has  significantly  modified  the  protective  oxide  and  has  attacked  the  alloy 
substrate  beneath  the  oxide  film.  Some  researchers  insert  a  transition  stage  between 
these  stages.  A  more  specific  discussion  of  the  role  of  oxide  films  in. the  hot 
corrosion  process  is  described  in  an  earlier  paper  in  this  proceedings^  . 

From  the  weight  change  data  in  Figure  5  it  is  clear  that  IN  738  exhibits  a  much 
longer  Initiation  stage  than  the  B-1900.  If  the  time  scale  were  expanded,  however,  the 
weight  change  data  for  the  B-1900  would  also  exhibit  the  same  characteristic  stages  as 
the  IN  738.  It  becomes  apparent,  therefore,  that  for  a  particular  component  one  would 
like  to  extend  the  initiation  stage  as  long  as  possible  and  remove  the  component  from 
service  before  the  propagation  atage  occurs  • 


In  order  to  understand  what  conditions  lead  to  transition  from  the  initiation 
atage  to  the  propagation  stage  of  hot  corrosion,  it  is  necessary  to  examine  the  effects 
of  condensed,  molten  salt  deposit  on  the  alloy  surface.  The  situation  la . represented 
schematically  in  Figure  6.  There  are  two  primary  de poa 1 t -induced  effects^ 


1  -  The  condensed  deposit  separates  the  alloy  surface  from  the  gaseous  environment. 
The  partial  pressure  of  oxygen  at  the  alloy  surface  la  thereby  reduced  and  the 
selective  oxidation  process  la  more  difficult.  This  in  turn  allows  the  formation 
of  lass  protective  oxides  which  hava  highar  transport  rates.  Additionally, 
elements  In  the  substrate  may  react  with  the  deposit,  especially  the  active 
alementa  which  have  a  high  affinity  for  oxygen. 


2-  The  protective  oxide  on  the  alloy  may  be  dissolved  by  the  deposit.  These  so- 
called  fluxing  reectlons  occur  through  e lect rochemicel  mechanisms  which  arise  from 
acld-basa  conditions  in  the  molten  salt. 
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An  understanding  of  molten  salt  e le c t ro c heal 8 1 r y  can  help  alloy  and  coating 
designers  minimize  the  potential  for  hot  corrosion  attack.  The  Na2SO^  equilibrium 

Na2SOA  -  Na20  +  S03 


can  be  characterized  as  acidic  or  basic  according  to  the  concentrations  of  the  two  Ionic 
species,  Na20  and  S0_.  Protective  oxides  can  be  dissolved  by  either  acidic  or  basic 
conditions*  Acidic  species  such  as  S0»  dissolved  in  the  molten  deposit  can  react  with 
oxides  as  follows  : 


AljOj  +  3S03  -  2A13+  +  3S042". 


Basic  species  such  as  Na20  can  react  with  oxides  as  follows: 


A1203  +  Na20  -  2  Na  A1 02 . 

The  solubilities  .of  various  oxides  as  a  function  of  Na.SO,  melt  basicity  at  927  UC 
are  shown  in  Figure  7^  .  The  purpose  of  such  studies  is  to  minimize  hot  corrosion 

reactions  by  selection  of  an  alloy  or  coating  which  is  able  to  form  and  maintain  a 
protective  oxide  despite  the  presence  of  a  molten  salt  film.  Cr203  and  A1203  show 
solubility  minima  in  the  acidic  region,  which  Is  representative  of  condit ions  in 
aircraft  gas  turbine  engines.  Co.O,  shows  a  minimum  in  the  basic  region.  This  is 
consistent  with  empirical  observations  of  nickel  and  cobalt  base  alloys  In  aircraft  gas 
turbine  engine  service,  where  cobalt-based  alloys  exhibit  a  much  greater  susceptibility 
to  hot  corrosion  attack.  S102  has  a  low  solubility  which  is  independent  of  melt 
basicity  . 

Conclusions 

A  discussion  of  the  various  types  of  oxide  growth  laws  which  describe  oxidation  of 
metals  and  alloys  has  been  given.  The  formation  and  maintenance  of  a  dense,  adherent 
oxide  scale  will  result  in  diffusion-limited  scale  growth  and  a  parabo 1 i c -ty pe  rate 
equation.  Cr_03,  A1203,  and  SiO.  scales  have  the  slowest  transport  rates  and  are  most 
often  utilized  as  protective  scales.  These  protective  scales  are  formed  by  selectively 
oxidizing  their  respective  metallic  components  from  a  complex  base  alloy  or  coating. 
Damage  or  spallation  of  the  scale  results  In  further  selective  oxidation,  gradual 
depletion  of  the  favorable  element  from  the  base  alloy,  and  eventual  formation  of  a  less 
dense,  less  protective  oxide.  Exposure  of  alloys  to  a  sulfldlzlng  or  hot-corrosive  tyoe 
environment  reduces  the  ability  for  protective  scales  to  adhere  or  recover  from  scale 
damage  and  shortens  the  time  for  which  an  alloy  can  form  a  protective  scale  via 
selective  oxidation. 
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•  logarithmic— type  rate  equations 

T  =  K*log(t)  +  constant 

•  parabolic— type  rate  equations 

2 

T  =  kp*  t 

•  linear-type  rate  equations 

T  =  k  ,  *  t 
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Figure  1  -  A  sche.stlc  Illustration  of  onldation  on  the 


surface  of  a  metal  or  alloy. 
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Figure  2  -  Parabolic  rate  constants  for  various  oxides. 


Figure  3  -  Hep  of  selective  oxide  foraetlon  on  Nl-Cr-Al  alloys. 
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Figure  6  -  Schematic  illustration  of  effects  of  a  molten  salt  deposit  on  Cue  surface  of 
an  alloy  during  hot  corrosion- 


Figure  7  -  Solubilities  of  various  oxides  in  molten  Na-SO,  at  927  °C  as  a  function  of 
molten  salt  basicity* 
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Summary 

The  most  oxidation-resistant  gas  turbine  alloys  and  coatings  form  adherent  A1203  oxide  scales  which  slowly  thicken 
and  resist  spallation  when  thermally  stressed.  Work  performed  at  United  Technologies  Research  Center  in  the  period 
1966-1972  and  by  others  demonstrated  that  the  onset  of  sulfidation  was  also  affected  by  the  adhesion  of  the  Al203  scale.  In 
this  paper,  the  relationship  between  sulfidation  corrosion,  and  oxide  scale  adherence  as  it  relates  to  oxidation  resistance 
will  be  reviewed. 

The  sulfidation  mechanism  research  performed  at  UTRC  will  be  summarized  to  illustrate  the  role  of  A1203  scale  in  the 
sulfidation  process;  whereas  more  recent  oxidation  results  of  in-house  and  ONR  and  NADC-sponsored  programs  will  be 
presented  which  demonstrates  that  sulfur  present  in  gas  turbine  materials,  even  at  very  low  concentrations,  degrades  A1203 
scale  adhesion.  Finally,  results  are  disclosed  which  indicate  that  the  very  low  sulfur-containing  materials  are  extremely 
oxidation  resistant  and  delay  the  onset  of  sulfidation. 

Sulfidation  Corrosion 

A.  Background 

Sulfidation  corrosion  is  the  accelerated  rate  of  oxidation  of  gas  turbine  materials  associated  with  the  presence  of  a 
condensed  alkali  sulfate  salt.  It  is  generally  agreed  that  sulfidation  corrosion  microstructure  characterized  by  the  presence 
of  a  non-protective  oxide  scale  separated  from  the  unaffected  substrate  by  an  alloy-depleted  zone  containing  sulfide 
precipitates  is  called  Type  I;  and  a  microstructure  characterized  by  the  absence  of  the  depletion  zone  and  sulfide 
precipitates  is  referred  to  as  Type  II.  Whereas  Type  I  is  a  broad-front  attack.  Type  II  is  a  pitting  attack.  Although  Type  1  is 
generally  believed  to  be  the  high  temperature  form  of  corrosion  (>750*C),  the  temperature  range  of  the  two  types  of 
corrosion  overlap.  The  similarities  and  differences  in  the  types  of  attack  are  described  in  the  recently  published  review 
articles  (1,2).  The  studies  presented  in  this  paper  deal  with  Type  I  corrosion. 

B.  The  Role  of  A12Q3  films  In  the  Sulfidation  Process 

A  typical  TGA  curve  for  1  mg/cm2  Na2SO<  coated  B-1900  exposed  at  850'C  is  shown  in  Figure  1 .  The  weight  change 
in  the  absence  of  the  salt  after  1400  min  is  significantly  less  than  1  mg/cm2,  and  in  the  presence  of  the  salt  about  14  mg/cm2. 
The  weight  change  curve  for  the  salt  coated  specimen  is  divided  into  three  stages.  Stage  I  is  the  "incubation  period”  and  is 
separated  from  Stage  m,  “accelerated  oxidation”  by  Stage  II  the  “transition  period”.  During  the  first  Stage  (I)  of  the 
sulfidation  process,  A1203  remains  intact,  insulating  the  substrate  from  reactive  Na2SO«.  A1203  may  be  removed  locally 
(flawed)  by  any  of  a  number  of  processes  (erosion,  impaction,  corrosion,  spallation)  after  which  the  Na2SO<  comes  into 
direct  contact  with  the  substrate.  This  is  Stage  (H),  a  period  of  accelerating  oxidation.  At  this  point  the  sodium  sulfate  reacts 
with  strong  sulfide-forming  elements  in  the  alloy  to  raise  the  oxide  ion  (O')  concentration  through  the  reaction: 

S0I  +  4M-MS  +  3M0  +  0'. 

The  O"  which  is  produced  can  then  react  with  and  remove  the  A1203  barrier, 

O'  +  AI2Oj  -»  2A102, 

thereby  involving  a  large  amount  of  the  surface  in  the  accelerated  oxidation  process. 

The  sulfidation  process  then  enters  into  a  period  of  parabolic  oxidation  (Stage  III)  during  which  the  surface  area  (for 
oxidation)  is  maximized  and  remains  constant  and  whose  kinetics  are  controlled  by  the  conversion  of  Ni  to  NiO.  Since  NiO 
is  the  least  reactive  oxide  with  respect  to  O'  it  does  not  react  to  form  NiOj’  and  it  survives  the  sulfidation  process. 

The  energy  of  activation  for  the  sulfidation  (Na2SO, -accelerated  oxidation)  of  superalloys  is  39  Kcai/mol,  similar  to 
that  observed  for  the  oxidation  of  Ni,  (Figure  2).  A  comparable  energy  of  activation  is  also  observed  for 


A 
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Na2COj-accelerated  oxidation  of  superalloys.  In  this  case,  O',  formed  by  the  equilibrium 

Na2C03  U  NazO  +  C02 

prevents  the  existence  of  an  Al;0,  scale  leaving  NiO  the  only  remaining  barrier  for  oxidation.  The  duration  of  each  of  the 
sulfidation  stages  is  temperature  dependent  (3). 

The  sulfidation  inhibition  mechanism  which  involves  lowering  the  O"  concentration  was  verified  using  a  galvanic  cell 
employing  a  Na2S04  electrolyte  and  an  electrode  reversible  to  O'  (4).  Whereas  additions  of  alkali  oxides  increased  the 
oxide  ion  content  of  Na2S04,  Cr203  additions  were  found  to  decrease  the  oxide  ion  content  by  the  chemical  reaction, 

Cr203  +  20  •  2Cr04. 

These  observations  led  to  the  conclusion  that  chromium-containing  alloys  derive  their  sulfidation  resistance  through  the 
formation  of  Cr203  which  lowers  the  oxide  content  of  Na2S04  below  that  required  for  its  reaction  with  Al203  to  form 
NaAI02.  Cr203  prevents  Al203  scale  breakdown  by  O'  and  permits  Na2S04  to  co-exist  with  the  alloy. 

The  ability  of  Cr203  to  inhibit  sulfidation  corrosion  is  demonstrated  in  Figure  3,  and  the  use  of  chromium  compounds 
which  form  Cr203  during  combustion  to  inhibit  sulfidation  corrosion  has  been  demonstrated  in  both  marine  and  industrial 
gas  turbine  engines  (5,  6). 

Although  chromia  and  other  oxides  can  regulate  the  oxide  ion  content  of  sodium  sulfate,  the  integrity  of  the  aluminum 
scale  that  separates  the  corrosive  salt  from  the  alloy  substrate  can  be  compromised  other  than  by  chemical  dissolution.  It  is 
widely  accepted  that  thermal  shock  is  a  principle  cause  of  oxide  scale  spallation  and  preconditioning  the  oxide  film  can 
influence  its  resistance  to  thermal  shock.  For  example,  the  onset  of  sulfidation  corrosion  can  be  significantly  postponed  by 
preoxidizing  the  alloy  so  that  it  forms  a  more  protective  oxide  scale.  Preoxidation  of  B— 1900  for  16  hours  at  700°C 
increases  the  duration  of  the  incubation  period  four-fold.  Figure  4.  However,  if  the  salt-coated  alloy  is  thermally  shocked, 
the  specimen  immediately  enters  Phase  II  of  the  corrosion  process,  Figure  4. 

This  summary  of  many  years  of  research  of  the  mechanism  of  sulfidation  and  its  inhibition  supports  the  premise 
wherein  accelerated  corrosion  does  not  begin  as  long  as  the  normally  protective  Al203  film  remains  intact.  Chemical 
dissolution  of  Al203  by  the  oxide  ion  in  equilibrium  with  Na2S04  is  a  major  method  for  its  removal  as  are  mechanical 
stresses  which  develop  during  thermal  cycling.  The  remaining  portion  of  this  presentation  deals  with  an  important  factor 
which  contributes  to  adhesion  of  Al203  during  thermal  cycling. 

Oxide  Scale  Spallation 

The  extraordinary  oxidation  performance  of  superalloys  and  their  protective  coatings  depends  upon  the  retention 
(adherence)  of  naturally  occurring  Al203  scale.  Stresses  produced  during  thermal  cycling  greatly  increase  the  rate  of 
oxidation  of  Al203-forming  alloys  and  coatings  (e  g.  Ni-15Cr-6AI),  which  under  isothermal  conditions  exhibit  excellent 
high  temperature  oxidation  resistance.  The  importance  of  thermal  stresses  with  respect  to  oxide  scale  spallation  is  shown 
in  Figure  5,  where  the  weight  change  of  NiCrAI  and  NiCrAlY  exposed  at  1 150*C  is  shown  as  a  function  of  time.  Under 
isothermal  conditions,  no  differences  are  noted  between  the  oxidation  behavior  of  the  two  coating  alloys.  However,  in  the 
cyclic  mode  the  oxide  scale  that  forms  on  NiCrAI  spalls  after  each  cycle  and  the  alloy  rapidly  looses  weight  with  each 
consequative  cycle. 

The  work  of  Petit  (8)  and  others  have  led  the  way  in  understanding  how  yttrium  additions  impart  oxidation 
performance  under  thermal  cycling  conditions  by  maintaining  oxide  scale  adherence.  Without  yttrium,  protective  oxide 
scales  spall  during  thermal  cycling,  and  the  benefits  they  impart  are  lost.  Mechanisms  proposed  to  account  for  such 
improved  adherence  have  historically  included:  (a)  the  formation  of  oxide  pegs  which  anchor  the  scale  to  the  substrate;  (7) 
(b)  the  prevention  of  vacancy  coalescence  at  the  scale-metal  interface  by  providing  alternate  coalescence  sites;  (8)  (c)  the 
enhancement  of  scale  plasticity  by  altering  its  structure;  (9)  (d)  the  alteration  of  scale  growth  processes;  (10)  and  (e)  the 
formation  of  a  graded  oxide  layer.(ll) 

Most  recently,  Funkenbusch,  Smeggil  and  Bomstein  (12)  proposed  that  sulfur  present  in  the  alloy  at  a  low 
concentration,  segregates  to  and  weakens  the  oxide  scale-metal  interface,  thereby  promoting  oxide  scale  exfoliation.  This 
ONR-sponsored  work  established  that  the  A!2(Vsubstrate  adhesion  is  ordinarily  strong  but  is  weakened  as  a  result  of  sulfur 
diffusing  to  the  interface.  The  role  of  yttrium  is  to  immobilize  the  sulfur  through  the  formation  of  stable  yttrium  sulfide. 
Surface  segregation  studies  were  conducted  employing  Auger  Electron  Spectroscopy  (AES)  coupled  with  cyclic  oxidation 
experiments.  Samples  were  heated  up  to  1000*C  in  the  vacuum  of  the  Auger  chamber  and  the  surface  composition 
monitored  as  a  function  of  time.  Typical  Auger  results  for  the  Ni-15Cr-6AI  alloy  are  shown  in  Figure  6.  At  room 
temperature  the  concentration  of  tulfur  on  the  surface  is  quite  low,  but  at  1  ODO'C,  sulfur  is  a  major  element  on  the  surface 
of  the  alloy. 

The  surface  concentration  of  sulfur  at  measured  from  AES  (Figure  7)  for  NiCrAlY  is  approximately  one  fourth  of  that 
measured  for  the  NiCrAI,  even  though  the  nominal  sulfur  content  of  both  alloys  are  comparable  (about  40  ppm).  The 


presence  of  yttrium  sulfur  precipitates  in  the  NiCrAlY  specimens  was  confirmed  through  the  use  of  scanning  electron 
microscopy  studies.  Some  typical  results  are  shown  in  Figure  S. 

The  enrichment  in  sulfur  content  at  the  surface  of  NiCrAl  causes  the  normally  protective  alumina  scale  to  spall.  This 
conclusion  is  based  upon  the  results  of  experiments  in  which  NiCrAl  specimens  were  produced  from  extremely  pure,  low 
sulfur  constituents,  and  then  cyclically  oxidized.  The  oxide  scale  that  forms  on  the  surface  of  NiCrAl  (containing  20-30 
ppm  S)  is  weakly  bonded,  consequently  the  alloy  exhibits  large  weight  losses  when  cyclicly  exposed  at  elevated 
temperatures.  However,  the  oxide  scale  that  forms  on  the  surface  of  NiCrAl  prepared  from  extremely  high  purity  stock  is 
adherent,  and  the  cyclic  oxidation  behavior  of  the  alloy  is  comparable  to  that  of  the  NiCrAlY  alloy,  (Figure  9).  The  sulfur 
content  of  the  high  purity  NiCrAl  is  2-3  ppm. 

This  comparison  clearly  indicates  that  scale  adherence  is  greatly  enhanced  in  low  sulfur  NiCrAl.  Furthermore,  the 
adherence  of  the  alumina  scale  in  NiCrAl  with  2-3  ppm  sulfur  is  comparable  to  that  of  NiCrAlY. 

The  relationship  between  sulfur,  yttrium  and  oxide  scale  adherence  is  further  demonstrated  in  the  data  presented  in 
Figure  10.  There  is  a  small  positive  change  in  weight  when  NiCrAlY,  containing  40  ppmS,  (Alloy  C)  is  cyclicly  exposed  in 
air  at  1 150*C  since  an  adherent  oxide  scale  is  formed.  However,  the  results  are  quite  different  for  NiCrAl  containing  the 
same  amount  of  sulfur  (Figure  10,  Alloy  A).  Within  600  hours,  it  had  lost  more  than  15  mg/cm2  as  the  A12Oj  film  is 
repeatedly  formed  and  spalled.  Similar  experiments  were  conduced  with  materials  containing  larger  quantities  of  sulfur. 
The  sulfur  content  of  these  alloys  was  approximately  ten-fold  higher.  As  shown  in  Figure  10,  whereas  the  higher  sulfur 
con.ent  of  the  NiCrAl  alloy  (Alloy  B)  did  not  result  in  a  large  reduction  in  its  oxidation  resistance,  it  did  bring  about  a 
marked  deterioration  in  the  performance  of  the  NiCrAlY  alloy  (Alloy  D).  Larger  amounts  of  sulfur  cause  the  alloy  to 
behave  as  if  it  had  no  yttrium.  The  excellent  oxidation  resistance  typical  of  NiCrAlY  is  restored  to  the  sulfur-contaminated 
NiCrAlY  alloy  by  increasing  its  yttrium  content.  These  experiments  support  the  precept  that  the  role  of  yttrium  is  to 
immobilize  the  sulfur. 

These  observations  coupled  with  the  AES  results  previously  described,  indicate  the  AI203  film  that  forms  on  NiCrAl  is 
normally  protective  but  is  made  less  adherent  when  sulfur  present  in  the  alloy  thermally  diffuses  to  the  metal/oxide 
interface. 

The  “Sulfur  Effect"  on  Coatings 

A  beneficial  feature  of  the  overlay  coatings  is  that  the  compositions  which  are  applied  are  independent  of  the 
superalloy  substrates.  However,  as  shown  in  Figure  11,  their  oxidation  resistance  of  the  PVD  coating  appears  to  be 
dependent  upon  substrate  alloy  composition  even  though  there  is  no  evidence  of  interdiffusion  of  substrate  and  coating 
constituents.  It  is  felt  that  this  variability  is  related  to  the  relative  sulfur  activity  of  the  substrates.  However,  this  hypothesis 
is  unverified  since  no  correlation  exists  to  relate  composition  to  sulfur  activity  for  these  multi-constituent  alloys.  Some 
isolated  conditions  exist  which  indicate  sulfur  in  the  substrate  influences  coating  behavior. 

For  example,  it  is  found  that  laser  melting  of  overlay  coatings  has  a  profound  effect  on  oxidation  performance  during 
cyclic  burner  rig  testing.  The  surface  of  a  test  specimen  exposed  100  hours  (100  cycles)  at  1000'C  in  a  cyclic  burner  rig  is 
shown  in  Figure  12.  At  the  completion  of  the  test,  the  oxide  film  on  the  laser  processed  surface  was  extremely  thin  and  very 
adherent.  However,  the  opposite  surface  which  was  not  laser  processed  exhibited  a  motled  surface  indicative  of  the 
repetitive  A1203  spallation  and  reformation  process  occurred  over  the  test  period.  The  benefits  imparted  by  laser  melting 
are  however  temperature  dependent.  The  improvements  obtained  at  1000’C  are  greater  than  those  at  1200'C.  It  was 
initially  rationalized  that  the  superior  performance  of  the  laser-processed  surface  was  related  to  the  unique  microstructure 
associated  with  rapid  solidification.  However,  AES  showed  evidence  that  laser  melting  lowered  the  surface  sulfur  content  as 
shown  in  Figure  13. 

It  was  concluded  that  although  the  sulfur  concentration  of  the  coating  was  reduced  by  laser  processing,  it  was 
reestablished  by  diffusion  from  the  higher  sulfur  activity  substrate.  Higher  temperatures  favor  the  rate  at  which  the  sulfur 
levels  are  restored. 

In  summary,  it  is  now  established  that  the  alumina  scale  that  forms  on  alloys  is  very  protective  and  sulfur  an  impurity 
present  at  trace  levels  causes  the  normally  adherent  oxide  scale  to  spall.  The  role  of  yttrium  and  other  reactive  elements  is 
to  react  with  and  immobilize  sulfur,  thereby  reducing  its  activity  in  the  alloy.  Under  NADC-sponsorship  it  remains  to  be 
demonstrated  that  an  improvement  in  sulfidation  resistance  can  be  achieved  by  improving  scale  adherence  through  control 
of  alloy  and  coating  sulfur  activity. 
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FIG.  t  OXIDATION  AND  SULFIDATION  OF  B-1900  AT  850  °C 


FIG.  2  ACTIVATION  ENERGY  FOR  HOT  CORROSION  OF 
B-1900  ALLOY 


FIG.  3  CHROMIUM  OXIDE  ATTENUATES  SULFIDATION  CORROSION 
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FIG.  4  THE  ONSET  OF  SULFIDATION  IS  AFFECTED  BY  OXIDE 
SCALE  PRECONDITIONING 
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FIG.  9  CYCLIC  OXIDATION  PERFORMANCE  OF  COATING  ALLOYS 
IMPROVED  BY  REDUCING  SULFUR 


FIG.  10  SULFUR  INCREASES  OXIDATION  RATES.  YTTRIUM 
NEGATES  SULFUR  EFFECT 


(1100  °C  Cyclic  Ted) 


FIG.  11 


BURNER  RIG  TEST  RESULTS  OF  NICoCrAlY  COATED 
ALLOYS  AT  1180°C 


FIG.  12  LASER  SURFACE  MELTING  IMPROVES  OXIDATION 
RESISTANCE 

1000*0100  hrs,  cyclic  burner  rig  tests 


Oxide  spalling 


Oxide  adhering 


FIG.  13  LASER  SURFACE  REMELT  REDUCES  SULFUR  CONTENT 
700°C 
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ABSTRACT 


Thermal  barriers  are  now  fairly  well  known  as  a  new  generation  of  protective  coatings  for  compon  ents 
of  the  hot  sections  of  conventional,  diesel  and  turbine  engines.  The  more  performing  system  is  a 
duplex  coating  consisting  of  a  stabilized  zirconia  top  coat  (ZrO;  +  CaO,  MgO,  Y^,  or  CtO,) 
generally  air  plasma  sprayed  on  a  »  100 pm  thick  MCrAI  Y  bond  coat.  The  service  degradation  modes 
of  such  coatings  have  been  extensively  studied  during  the  past  ten  years.  Their  failure  mechanisms 
are  generally  thought  of  in  termsof  thermomechanical  stress,  thermal  expansion  coefficient  mismatch 
and  bond  coat  high  temperature  oxidation.  Efforts  are  thus  made  to  design  ceramic  and  bond  coat 
composition,  microstructure  and  processingparameters,  according  to  these  requirements.  However, 
degradation  of  thermal  barrier  coatings  by  hot  corrosion  processes  and,  more  generally,  by  fused  salt 
thin  films  related  phenomena,  should  also  be  taken  into  account.  In  this  paper,  a  review  is  given  of 
the  degradation  modes  that  can  be  encountered  when  partially  stabilized  zirconia  coatings  are 
exposed  to  intermediate  temperature  range  (from  650  to  950°C)  and  sulphur  and/or  vanadium 
containing  atmosphere.  The  interaction  of  the  salt  film  with  the  coating  is  threefold  :  a  chemical 
acidic  or  alkaline  dissolution  of  the  zirconia  stabilizing  oxide  (CaO,  MgO,  Y,0,  or  CeO:)  may  occur, 
provoking  zirconia  tetragonal  to  monoclinic  phase  transformation  and  subsequent  coating  spallation 
oncooling.  Fused  salt  may  diffuse  inside  the  ceramic  microcracks  network  and  solidify  on  coolingwith 
a  generation  of  extra  stress  inside  the  coating.  Fused  salt  diffused  throughout  the  microcracks 
network  down  to  the  ceramic/bond  coat  interface  may  also  affect  the  MCr  A1Y  bond  coat  according 
to  the  well  described  type  I  and  type  II  hot  corrosion  processes.  Careful  distinction  should  be  made 
between  the  working  conditions  encountered  in  diesel  engines  and  marine  turbines  (relatively 
moderate  temperature  range  and  less  refined  fuel)  and  those  involved  in  aircraft  turboengines 
(higher  temperature  range  and  cleaner  kerosene).  An  illustration  of  the  hot  corrosion  resistance  of 
a  ZrO,-8wt%  Y,0,/NiCrAlY  thermal  barrier  coating,  plasma  sprayed  on  a  single  crystal  superalloy 
substrate,  in  atypical  aircraft  turbine  environment  (850  to 950  C,  Na,SO,  contamination)  is  given. 
Although  no  chemical  destabilization  of  the  ceramic  coating  occured,  thermomechanical  failure  and 
bond  coat  significant  hot  corrosion  at  temperatures  as  high  as  950  C  could  be  observed. 


INTRODUCTION 

Thermal  barriers  are  now  fairly  well  known  as  a  new  generation  of  protective  coatings  for 
components  of  the  hot  sections  of  conventional,  diesel  and  turbine  engines.  They  consist  essentially 
of  a  thick,  thermally  insulating  layer  of  ceramic  material  (300  to  1500  pm)  deposited  on  the  metallic 
components  to  be  protected.  When  the  components  are  cooled  internally,  this  layer  provides  a  50  to 
150  C  temperature  gradient  between  the  inner  and  outer  skin  of  the  ceramic  coating  (figure  1 );  it  also 
offsets  temperature  transients  due  to  fast  changes  of  engine  regime  (figure  2).  The  resulting  effect 
is  a  possible  increase  of  turbine  or  engine  efficiency  (increase  of  outlet  gas  temperature,  reduction 
of  component  cooling  fluxes)  and/or  components  lifetimes  (decrease  of  metallic  parts  skin  tempera¬ 
ture).  Depending  on  the  application  envisaged,  the  service  temperature  of  thermal  barrier  coatings 
(TBC)  can  be  as  low  as  650  or  750°C  (diesel  engines  and  marine  turbines)  and  as  high  as  1 100  or 
1200  C  (hot  stages  of  aircraft  turbine  engines). 

Candidate  ceramics  for  such  applications  must  meet  various  criteria  :  low  thermal 
conductivity,  high  thermal  expansion  coefficient  ( to  minimize  the  mismatch  between  the  ceramic  part 
of  the  coating  and  the  metallic  substrate,  which  generates  very  high  compressive  stress  in  the  ceramic 
on  cooling)  and  superior  chemical  stability.  Until  now,  the  principal  family  of  ceramic  materials 
envisaged  for  thermal  barrier  coatings  is  that  of  partially  stabilized  zirconias  (PSZ).  Depending  on 
the  application,  ZrO,  is  partially  stabilized  with  alkaline  earth  oxides  (1,2)  (CaO,  MgO)for  the  lower 
temperature  range,  or  other  oxides  such  as  Y,0„  CeO,  and  Yb,0,  {3-5 j  for  the  higher  temperature 
range.  The  elaboration  conditions  also  are  of  paramount  importance  for  the  integrity  of  the  coating. 


Only  porous  and/or  microcracked  coatings  can  accommodate  the  thermal  expansion  coefficient 
mismatch  between  ceramic  and  substrate  ;  such  porosity  and/or  microcrack  network  can  be 
obtained  by  physical  vapor  deposition  (EB-PVD)  [6]  or  air  plasma  spraying  [7J.  The  presence  of  a 
ductile  metallic  bondcoat  is  also  required  for  stress  accommodation  ;  low  pressure  plasma  sprayed 
MCrAlY  alloys  (M=  Ni  and/or  Co  and/or  Fe)  are  generally  used  for  this  purpose  [8],  whith  the 
secondary  benefit  of  providing  an  efficient  protection  of  the  substrate  against  the  agressivity  of  high 
temperature  environment  (high  temperature  oxidation  and  molten  salt  induced  hot  corrosion). 


COOLING  AIN 


Partlal/y- 
atablllzad  ilrconla 


Figure  I  :  Thermal  barrier  coatings  ;  schematic  vue  repre¬ 
sentation  of  temperature  gradients  for  internally 
cooled  components 


High  thermal  diffuslvity  metallic  coating  ==>  strong  transients 


Low  thermal  diffuslvity  ceramic  coating  ==>  damped  transients 


Figure  2  :  Thermal  barrier  coatings :  ef  f  ect  of  the  ceramic 
layer  on  temperature  transients 
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The  interaction  of  sulfate  and  vanadate  molten  salt  films  (issued  from  fuel  impurities),  at 
elevated  temperatures,  with  the  duplex  MCrAl Y  +  PSZ  thermal  barrier  coatings  is  the  matter  dealt 
with  in  this  paper.  From  the  elements  briefly  recalled  in  the  above  paragraphs,  it  is  possible  to 
describe  such  an  interaction  according  to  three  different  approaches.  A  first  approach  -  which  is 
the  object  of  most  concerned  litterature-  is  to  consider  chemical  interactions  between  the  salt  film 
and  the  zirconia  coating.  A  second  one  takes  into  account  a  physical  interaction  between  the  same. 
A  third  approach  is  related  to  fused  salt  diffusion  in  the  ceramic  microcracks  network  and 
subsequent  chemical  attack  of  the  MCrAlY  bondcoat.  These  three  forms  of  interaction  will  be 
detailed  and  reviewed  with  special  emphasis  on  rare  earth  oxides  stabilized  PSZ.  Distinstions  will  be 
made,  whenever  possible,  between  the  different  types  of  degradation  expected  according  to  the 
coatings  composition  (namely  the  nature  of  the  stabilizing  oxide)  and  environment  (temperature, 
fused  salt  composition).  Finally  an  illustration  will  be  given  through  the  description  of  cyclic  hot 
corrosion  tests  performed  in  the  laboratory,  simulating’geronautic  conditions’,  on  yttria  stabilized 
zirconia  coatings. 


CERAMIC /  FUSED  SALTS  CHEMICAL  INTERACTION 
More  about  gaseous  and  fused  salt  films  environment... 

Fused  salt  films  are  the  consequence  of  more  of  less  complex  chemical  reactions  taking 
place  between  high  temperature  oxygen  and  nitrogen  environment,  ingested  solid  particles  (such  as 
sodium  chloride,  ashesor  carbon  residues)  and  impurities  present  in  the  engine  fuel  (such  as  sulphur, 
vanadium  and  to  a  lesser  extent  magnesium).  The  result  of  such  reactions  is  the  formation  of  various 
ionic  compounds  having  relatively  low  melting  points  on  the  one  hand,  and  of  highly  corrosive  gaseous 
specie  on  the  other  hand.  At  elevated  temperatures,  the  former  melt  and  may  be  retained  by  capillary 
forces  at  the  surface  of  exposed  components  (as  thin  films)  whereas  the  latter  may  dissolve  into  the 
fused  salt  film,  according  to  thermodynamics,  and  therefore  alter  its  acido-basic  properties  and  its 
chemical  reactivity  .  Obviously,  if  one  wishes  to  examine  and  rationalize  the  chemical  composition 
and  the  physical,  chemical  and  electrochemical  properties  of  suchfilms,  the  relevant  parameters  are 
the  atmosphere  andfuel  compositions  (impurity  levels),  theworking  temperature  as  it  is  in  all  parts 
into  contact  with  both  the  salt  and  the  exhaust  gases  (which  sets  the  solubility  of  gaseous 
species  and  corrosion  products  in  the  fused  salt)  and  eventually  the  local  pressure  (which  may  alter 
such  physical  properties  of  the  salt  as  melting  point,  vapor  pressure  and  viscosity). 

In  this  paper,  we  will  limit  ourselves  to  considering  fused  salt  films  build-up  in  an  oxygen 
containing  atmosphere,  in  the  presence  of  ingested  sodium  and  sulphur  and/or  vanadium  fuel 
impurities.  In  such  conditions  the  following  compounds  may  form  : 

(i)  SO,  and  SO,  gases  in  equilibrium  : 

(1)  SO,  +  160,  »  SO, 

This  equilibrium  is .,  ifted  on  the  left  hand  side  the  higher  the  temperature.  Typically,  the 
equilibrium  SO, /SO,  ratio  in  air  is  6.08  at  627°C  and  only  0. 1 1  at  927°C  [9].  It  is  to  be  noted  that  the 
actual  SO, /SO,  ratio  may  be  lower  than  the  equilibrium  value  due  to  kinetical  limitation. 


(ii)  Formation  of  sodium  sulfate  : 

f  SO,  *  O, 

(2)  2  NaCl  +  (  »  Na,SO,  +  Cl, 

l  SO,  +  16  0, 

Under  one  atmosphere  Na,SO.  is  liquid  between  884°C  and  about  950°C  where  it 
decomposes.  Sodium  chloride  impurities  present  in  marine  turbines  may  lower  significantly  its 
meltirg  point. 

(iii)  Formation  of  vanadium  compounds  : 

(3)  2  V  +  5/2  0,  -  V.O, 

Vanadium  pentoxide 

V,0,  is  a  very  acidic  oxide  that  melts  at  690°  C ;  it  can  exchange  Na,0  molecules  with  sodium 
sulfate  (Na,0  being  the  most  alkaline  specie  in  Na,SO,  melts)  and  form  many  types  of  sodium 
vanadates  less  and  less  acidic  as  the  number  of  exchanged  Na,0  molecules  increases  [10],  One  of  the 
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most  common  sodium  vanadate  present  in  vanadium  containing  sodium  sulfate  melts  is  sodium 
metavanadate,  NaVO, 


(4)  V.O,  +  Na,SO,  =  2  NaVO,  +  SO, 

Sodium  metavanadate  also  has  a  low  melting  point  (630°C). 


Zirconia  stabilization 

The  major  chemical  interaction  between  plasma-sprayed  PSZ  and  molten  salt  films  relates 
to  the  zirconia  stabilization  concept.  At  1  bar  pressure,  zirconia  is  cristallized  according  to  three 
distinct  polymorphs  [  1 1 J:  a  high  temperature  cubic  phase  with  fluorite  structure  ^between  2340  and 
2720  C)  deforms  into  a  lower  temperature  tetragonal  phase  (1 170°C  <  T  <  2340  C).  At  temperatu¬ 
res  below  1 170  C  the  tetragonal  phase  martensically  transforms  into  a  low  temperature  monoclinic 
phase  [12],  This  t  -*  m  transformation  gives  rise  to  an  important  volume  increase  (between  4  and  9 
%  according  to  the  different  authors)  which  causes  any  metal-zirconia  bond  to  disrupt  and  thus 
prevents  the  use  of  pure  zirconia  for  thermal  barriers. 

The  t  -»  m  transformation  is  associated  with  a  decrease  of  Zr“  ions  coordinance  (from  8  in 
the  c  and  t  phases  to  7).  If  one  partially  substitute  some  tri- or  divalent  cations  (Ca’\  Mg2*,  Y5*,  Yb5*, 
etc...)  to  Zr‘*  in  the  ZrO,  cationic  sublattice  by  mixing  ZrO,  with  the  appropriate  quantity  of  the 
corresponding  oxides,  the  associated  oxygen  vacancies  injection  can  prevent  the  occurence  of  such 
a  transformation,  enabling  the  cation  sublattice  to  retain  a  coordinance  of  eight  at  low  temperature. 
The  same  result  can  be  obtained  with  oxides  made  of  tetravalent  cations  where  a  cubic  phase  with 
coordinance  eight  is  maintained  at  low  temperature  (CeO,).  Note  that  such  explanations  are  rather 
schematic  and  do  not  fully  explain  all  ZrO, -oxides  binary  phase  diagrams. 

The  materials  thus  obtained  are  called  'partially’  (PSZ)  or  'fully  stabilized  zirconias'  (FSZ) 
depending  on  the  quantity  of  stabilizing  oxide  introduced  ;  in  the  PSZ  the  t  -»  m  transformation 
occurs  at  a  lower  temperature  whereas  in  the  FSZ  it  is  completely  offset  (cubic  phase  is  retained  at 
room  temperature). 

Partial  binary  equilibrium  phase  diagrams  of  zirconia  with  CaO,  MgOand  Y,0,  (ZrO,-rich 
region)  can  be  seen  on  figure  3,  4  and  5  respectively  [  13,2,14]. 


Figure  3  :  Equilibriumpartialphasediagramof  ZrO,-CaO 
(ZrO,  -  rich  section)  [13/ 
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Figure  5  :  Partial  phase  diagram  of  ZrO,  -Y,0,(Zr0,-rich 
section)  [ 3 ] 


Possible  reactions  between  the  fused  salt  medium  and  the  oxides 

The  chemical  interaction  between  ZrO„  CaO,  MgO,  Y,0,  or  CeO,  and  the  fused  salts 
essentially  relates  to  the  concept  of  oxoacido-basicity  developped  by  Lux  and  Flood  [15].  In  sodium 
sulfate  and/or  vanadate  melts  the  acido-basic  equilibria  can  be  written  as  follows : 


(5)  SO,1  -  SO, 

(6)  2  VO,  -  V,0, 


O'-  K„  -  |S0,|.|0'|/ |SO,’  | 
O1  Ka  *  1  V,Oj| . | O*'!  /  |VO,|2 
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where  |  X|  represents  the  activity  of  specie  X  in  the  melt.The  equilibrium  constants  K,  are  thermody¬ 
namically  set  by  the  mass  action  law  and  temperature  dependant.  For  intance,  in  pure  alkaline  sulfate 
melts,  K,  =  10 1,1  at  707°C  [16]  and  10 '”at  900°C  [17], 

The  basicity  of  the  melt  is  expressed  by  the  quantity  pO1  (-log |  Oz  | )  measured  on  a 
logarithmic  scale  between  1  and  pK,  (just  as  the  pH  of  aqueous  solutions  is  measured  at  standard 
temperature  between  1  and  14).  The  higher  pO1,  the  higher  the  acidity  of  the  melt.  A  direct 
consequence  of  equations  (5)  and  (6)  is  that  the  melt  is  all  the  more  acidic  that  SO,  and/or  V,0, 
contents  are  high.  An  indirect  consequence  is  that,  at  higher  temperatures  or  lower  oxygen  partial 
pressure,  equilibrium  (1)  is  shifted  towards  the  left  hand  side  and  the  melt  is  more  basic. 

If  one  considers  an  oxide  MO,  in  contact  with  the  melt,  two  different  acido-basic  reactions 
may  take  place : 


(i) 


(7) 

MO.  + 

nO1 

- 

MO^’- 

which 

is  a  basic 

dissolution  of  the 

oxide  ;  relevant 

(7a) 

CaO  + 

O' 

- 

CaO,1 

(7b) 

MgO  + 

O' 

- 

MgO,1 

(7c) 

Y,0,  * 

O’ 

- 

2  YO, 

(7d) 

ZrO,  + 

o1 

- 

ZrO,1 

Such  a  basic  dissolution  will  occur  when  the  melt  is  more  basic  than  the  oxide  (low  pO!  or 
very  acidic  oxides) 


(ii)  Acidic  dissolution  of  the  oxide  : 

(8)  MO.  -  M”  +  n/2  O' 

or  for  the  oxides  involved  in  TBC  : 


(8a) 

CaO 

Ca” 

+ 

O1 

(8b) 

MgO  - 

Mg" 

+ 

O1 

(8c) 

Y,0,  - 

2  Y1- 

3  O1 

(8d) 

ZrO,  - 

Zr- 

+ 

2  O1 

Such  an  acidic  dissolution  will  take  place  when  the  melt  is  more  acidic  than  the  oxide  (high 

SO,  or  V,0,  contents  or  very  basic  oxides). 

The  amphoteric  behaviour  of  many  oxides  in  contact  with  sulfate /va-nadate  melts  can  be 
illustrated  by  plotting  the  metal  element  solubility  versus  pO1 .  The  curves  such  as  that  schematically 
presented  on  figure  6  can  derive  from  thermodynamical  calculations  or  from  experimentation  ;  they 
all  show  a  sharp  minimum  which  corresponds  to  ’equal  acidobasicity’  of  the  oxide  and  the  melt.  The 
solubility  of  the  metal  on  both  side  of  this  minimum  is  to  be  understood  as  cationic  (acidic  dissolu¬ 
tion)  and  anionic  (basic  dissolution).  From  the  knowledge  of  the  value  and  the  position  of  this 
solubility  minimum  of  a  given  oxide  on  the  acido-basic  scale  of  a  given  fused  salt  at  given  temperature 
and  POT,  valuable  information  can  be  derived  concerning  its  dissolution  mechanism.  The  chemical 
stability  of  different  oxides  in  the  same  environment  can  also  be  compared  if  the  S  =  f(pO' )  curves 
are  known. 

Many  authors  performed  solubility  measurements  of  such  oxides  as  NiO  [18],  Cr,0,  (19J, 
A1,0,  [20],  Fe,0,  [21]  and  Co,0,  [20]  because  the  behaviour  of  such  oxides  in  contact  with  fused  salt 
deposits  is  of  paramount  importance  for  the  understanding  of  classical  hot  corrosion  phenomena  of 
superalloys  protected  by  passivating  metallic  coatings  (aluminides  or  MCrAlY  coatings).  More 
recently  Zhang  and  Rapp  performed  solubility  measurements,  at  900°C  under  1  bar  oxygen  atmos¬ 
phere,  in  pure  Na,SO,  and  Na,SO,  -  30  mol%  NaVO,,  of  CeO,  (both  melt  compositions)  and  Y,0, 
(Na,SO,  -NaVO,  melt  only)  [22].  Equivalent  data  for  Y,0,  in  pure  Na, SO,  at  927  C  in  0.2  bar  oxygen 
atmosphere  are  also  available  (experimental  conditions  are  not  very  much  different)  [23).  The 
corresponding  solubility  -pO1  curves  are  reproduced  onfigure  7  and  8  respectively.  The  comparison 
of  these  two  curves  gives  the  following  information  : 


Log(S) 


(i)  CeO,  is  significantly  less  soluble  than  Y:0,  in  pure  sodium  sulfate. 

(ii)  The  acido-basic  properties  of  CeO,  differ  significantly  in  the  two  melts.  The  solubility 
minimums  almost  differ  by  twoorders  of  magnitude.  The  presence  of  NaVO,  in  Na,  SO,  shifts 
this  minimum  on  the  basic  side  of  the  pO1  scale,  which  means  that  CeO,  behaves  as  a  weaker 
acid.  On  the  other  hand  the  acido-basic  properties  of  Y,0,  seem  to  be  less  sensitive  to 
vanadate  additions. 

(iii)  For  both  oxides,  the  fact  that  the  slope  of  the  acidic  dissolution  branch  varies  when  NaVO, 
is  added  to  Na,SO,  indicates  that  the  acidic  dissolution  reaction  differs  in  that  case :  Ce,  VO, 
(resp,  YVO,)  forms  instead  of  Ce(SO,),  (resp.  Y,(SO,),).  The  basic  dissolution  reactions 
remain  the  same  (slope  of  the  'basic  branch’  unchanged). 
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Figure  6  :  Solubility  - pO‘  curve  of  an  oxide  MO,  in  a  fused 
salt  medium 


Figure  7  :  CeO,  solubility  ■  pO'  curves  in  pure  Na,S  O,  and 
in  Na,SO,-30  mo/%  NaVO,  at  900  °C  ,  under  I 
bar  oxygen  [22/ 
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Figure  8  :  Y,0,  solubility  ■  pO1  curves  in  pure  Na,SO ,  at 
927  °C  under  0.2  bar  oxygen  [23  j  and  in  N a,SO,- 
30  mol%  NaVO ,  at  900  C  ,  under  1  bar  oxygen 
[22/ 


Oxide/fused  salt  interface  --  leaching  phenomena 

Let  us  consider  the  interface  between  the  ceramic  coating  and  the  fused  salt :  it  consists  of 
the  ceramic  microcracks  network,  that  the  liquid  salt  has  filled,  down  to  a  certain  depth  (figure  9a). 
Let  us  now  consider  the  acidic  dissolution  of  a  given  oxide,  say  Y,0,  (equation  8c)  at  the  interface 
(ZrO,  dissolution  is  not  to  be  taken  in  real  consideration).  If  we  also  consider  that  oxygen  is  renewed 
with  some  difficulty  at  the  salt  film  surface,  then  equilibrium  ( 1)  is  locally  shifted  so  that  SO,  partial 
pressure  vanishes  at  the  fused  salt/gas  interface  (figure  9b);  in  the  same  way  the  surface  of  the  salt 
medium  becomes  less  acidic  (pO1  decreases).  There  is  a  positive  gradient  of  |  O’  I  within  the  salt  film 
and  a  concomitant  negative  gradient  of  Y1*  solubility  (figure  9b).  The  consequence  is  that  the  Y’* 
cations  formed  by  acidic  dissolution  of  Y,0,  at  the  oxide/salt  interface,  which  migrate  towards  the 
salt/gas  interface,  experience  a  strong  solubility  decrease  ;  thus,  Y,0,  precipitates  in  the  outer  zone 
maintaining  a  |  Y5* )  gradient  in  the  salt  film  and  provoking  further  dissolution  of  the  oxide  at  the 
oxide/salt  interface.  This  leaching  phenomenon  has  first  been  described  by  Rapp  &  Goto  in  the  case 
of  high  temperature  corrosion  of  superalloys  and  may  be  related  to  a  general  criterium  [24) : 


f  as  1 

(9)  I  _ |  <0 

(  ax  Ji-o 

where  S  is  the  anionic  or  cationic  oxide  solubility  of  the  metallic  element  in  the  melt  and  x  the 
euclidian  coordinate  perpendicular  to  and  originating  at  the  oxide/salt  film  interface  (figure  9b). 

The  above  paragraphs  show  that,  if  certain  conditions  of  temperature  and  fused  salt  acidity 
are  met,  important  depletion  of  the  zirconia  stabilizing  oxides  can  take  place.  Local  t  ->  m  transfor¬ 
mation  occurs  which  generates  higher  levels  of  stress  upon  cooling,  crack  growth  and  further  fused 
salt  penetration.  This  destabilization  phenomenon  is  the  major  chemical  interaction  between  TBC 
and  the  fused  salt  films. 

Only  a  relatively  limited  number  of  publications  are  available  reporting  of  experimentation 
on  these  phenomena.  The  experimental  approaches  approximately  fall  into  four  categories  : 

(i)  Experiments  on  pure  oxides 

(ii)  Experiments  on  bulk  PSZ 

(Hi)  Furnace  tests  on  coatings  (plasma  sprayed  PSZ  +  plasma  sprayed M CrAlY ) 

(iv)  Burner  rig  tests  onTBC 


Figure  9  :  Acidic  leaching  of  Y,0,  in  TBC  : 

a)  fused  salt  penetration  in  the  microcracks 
network  of  the  ceramic  with  low  PO,  at  the 
salt/gas  interface 

b )  Y,0,  dissolution-precipitation  mechanism 
inside  the  fused  salt  film  ;  corresponding  pO1 
and  Y”  solubility  gradients 


Pure  oxides 

Jones  and  al.  have  studied  the  reactivity  of  ZrO,,  CeO,  [25]  and  YjO,  [26]  with  sodium 
sulfate  between  700  and  950  C,  under  a  SO,  partial  pressure  varying  between  0.5  and  about  2800  Pa. 
The  tests  performed  were  of  the ’crucible’  type,  in  which  oxide  powder  is  added  toNa,SO,  powder  to 
form  equimolar  mixtures  and  heated  24  hours  under  a  controlled  air  +  SO,  atmosphere.  It  appears 
that  in  the  presence  of  such  large  quantities  of  sodium  sulfate,  the  major  reaction  mechanism  is  one 
of  acidic  oxide  sulfation  leading  to  the  formation  of  Zr(SO,),-Na,SO„  Ce(SO.),-Na,SO,  and 
Y,(S04),-Na,SO<  mixed  fused  salts  respectively.  The  reactivity  of  ZrO,  is  however  limited  to  very  high 
SO,  partial  pressures  (unrealistic  for  gas  turbine  environments).  Both  other  oxides  do  form  eutectics 
with  Na,SO,  that  melt  below  800° C.  Y,0,  is  more  reactive  than  CeO,  (sulfation  at  800°  C  takes  place 
at  low  P.O,  -  -  5  Pa  -  in  the  case  of  Y,0,  and  at  P*,,  about  100  times  higher  for  CeO,).  This  reactivity 
sequence  compares  well  with  the  respective  acidity  of  the  three  oxides  (ZrO,  >  CeO,  >  Y,0,) :  the 
more  acidic  the  oxide,  the  more  acidic  the  melt  has  to  be,  to  be  able  to  attack  it  (the  higher  P*,, 
required  for  sulfation). 

The  same  authors  also  have  performed  crucible  te  measure  the  high  temperature 
reactivity  of  various  oxides  (among  which  ZrO,,  CeO,  and  >  -Mth  vanadium  compounds  and 
vanadate/sulfate  mixed  fused  salts  [10],  The  general  philoso  indeed,  that  the  reactivity  is 

controlled  hy  the  difference  of  acido-basicity  between  the  oxide  and  the  melt  as  summarized  in  figure 
10.  The  addition  of  sulfate  to  vanadate  modify  the  acido-basicity  of  the  melt,  according  to  the  value 
of  P„„  In  the  above  atmosphere. 
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Figure  JO  :  Reactivity  of  pure  oxides  with  various  fused 
salts  1 10] 


Bulk  PSZ  (mixed  oxides) 

This  category  of  experiments  differsfrom  the  previous  one  in  the  sense  that  one  deals  with 
actual  alloyed  ceramics.  The  activities  of  the  different  oxides  may  here  depart  from  unity  (case  of 
pure  oxides).  Also  the  kinetics  of  reactions  may  significantly  differ  in  the  case  of  hulk  materials 
exposed  to  molten  salt  media  and  in  that  of  high  specific  surface  oxide  powders. 

Nagelberg  has  studied  the  high  temperature  interaction  of  sintered  Zr02  -  8wt.  c/c  Y20, 
sampleswith  molten  Na2SO,  and  various  Na2SO,-NaVO,  mixtures  at  900  C  under  controlled  0:  +  SO, 
atmosphere  (25  Pa  <  P^,  <  5000  Pa)  (27].  Again  the  testswere  of  the  ’crucible’  type.  The  progression 
of  a  zirconia  monoclinic  transformation  front  due  to  surface  destabilization  is  observed  (acidic 
leaching  of  Y20,).  The  rate  of  progression  is  parabolic  with  time  (within  a  good  approximation), 
leading  to  the  conclusion  that  the  kinetic  limiting  factor  is  fused  salt  anionic  diffusion  inside  the 
ceramic.  The  derived  parabolic  rate  constants  increase  appreciably  with  increasing  Pso,  (K„  being 
proportional  to  Pso,  in  an  extended  P^,  range)  and  with  the  metavanadate  content  in  the  melt  (Kp 
being  proportional  to  |  VO,  | 2).  No  appreciable  Zr02  dissolution  was  observed. 

Jones  and  al.  studied  the  corrosion  by  vanadate  salts  between  700  and  900  C,  of  CeO,  and 
Y20,  stabilized  zirconia  massive  samples  elaborated  through  various  processing  routes  (sintering, 
rapid  solidification  and  single  crystals)  [28]  and  compared  the  results  with  those  obtained  on  pure 
oxide  in  a  previous  study  mentionned  above  [10].  Both  ’crucible’  and  ’salt-sprav’  tests  (salt  deposit 
of  3-5  mg/cm2)  were  this  time  performed.  The  most  surprising  result  is  that  CeO>  stabilized  zirconia 
suffers  deeper  vanadate  attack  than  Y20,  stabilized  samples  in  equivalent  conditions,  which  is 
contradictory  to  the  behaviour  of  the  pure  oxides  in  the  same  environment  [10]. 

One  has  to  draw  the  conclusion  that  the  acido-basicity  of  oxides  does  differ  wether  they  are 
pure  or  mixed  with  a  zirconia  matrix.  It  seems  also  that  the  ceramic-to-salt  molar  ratio  can  play  a 
significant  role  in  controlling  the  extent  of  corrosion.  These  two  assumptions  set  strong  limits 
regarding  the  capacity  of  crucible  test,  on  the  one  hand,  and  tests  on  pure  oxides  on  the  other,  to  give 
information  that  can  be  representative  of  thermal  barrier  hot  corrosion  resistance.  Indeed,  the  role 
played  by  such  important  parameters  as  accessibility  of  the  fused  salt  and  concentration  gradients  in 
the  films  are  thus  ignored. 


TBC  laboratory  testing  and  burner  rig  tests 

Testing  plasma  sprayed  TBC  has  the  advantage  of  reproducing  the  interaction  between  the 
ceramic  microcrack  network  and  the  fused  salt  film.  It  can  be  done  in  furnaces  under  controlled 
atmosphere  (N2  +  02  +  S02/S0,)  and  salt  deposition  conditions  (salt  composition  and  film 
thickness),  with  monitored  sample  weight  gains.  It  can  also  be  done  in  burner  rigs  with  a  continuous 
inlet  of  fuel  contaminants.  In  the  latter  case,  however,  the  complexity  of  the  environment  prevents 
very  precise  degradation  analysis  of  the  coating. 

Only  few  ’furnace  testing’  of  TBC  are  reported.  The  authors  generally  focus  on  zirconia 
chemical  destabilization.  A  general  conclusion  [29,30)  is  that  Y20,  acidic  dissolution  in  PSZ  only 
occurs  in  the  presence  of  vanadium  contamination,  or  with  very  acidic  sodium  sulfate  melts  (0.1%  or 
1%  SOj/SO,  in  air) ;  MgO  stabilized  coatings  generally  degrade  more  rapidly  in  the  same  environ¬ 
ment. 


PHYSICAL  INTERACTION  BETWEEN  CERAMIC  AND 
FUSED  SALT 


Physical  interactions  between  the  fused  salt  environment  should  also  be  taken  into 
consideration.  Most  of  them  relate  to  the  very  peculiar  role  played  by  the  ceramic  microcracks 
network  in  the  thermochanical  resistance  of  TBC.  The  plasma  sprayed  ceramic  porosity  can  be  seen 
as  the  result  of  two  distinct  phenomena  during  the  elaboration  process.  The  individual  molten 
ceramic  powder  grains  spread  on  the  cooled  substrate  as  they  rapidly  solidify  (with  columnar  grain 
growth)  and  stack  up  like  tiles  (figure  11a),  with  some  probable  sintering  points.  The  free  space  left 
between  the  droplets  constitutes  a  more  or  less  interconnected  ’primary’  microcracks  network  [31]. 
Microstructural  observations  also  suggest  [32]  that  the  droplets  experience  transversal  fragmenta¬ 
tion  upon  cooling  (figure  11  b),  thus  forming  a  ’secondary’  microcracks  network.  It  is  believed  that 
these  networks  somehow  allow  the  ceramic  to  sustain  the  high  compressive  stresses  it  is  submitted 
to  on  cooling,  by  a  macroscopic  deformation  of  the  ceramic,  sum  of  the  partial  closure  of  transversal 
microcracks  [33]. 
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Figure  II  :  Plasma  sprayed  zirconia  microcracks  net¬ 

works  : 

a)  formation  of  the  'primary  network’ 

b)  columnar  grain  growth  inside  the  droplets  and 
partial  sintering  ;  'secondary  network' 


If  liquid  salt,  drained  by  capillary  forces,  penetrates  some  of  the  n.icrocracks  at  high 
temperature,  the  solidification  of  the  salt  on  cooling  will  prevent  them  to  even  partially  close.  Part 
of  the  benefit  of  the  microcracks  network  will  then  be  lost  and  the  thermomechanical  degradation  of 
the  coatingwill  be  more  rapid.  Such  effects  have  been  described  by  Hodge  et  al.  [34] .  Let  us  consider 
a  300  pm  thick  PSZ  coating  with  a  total  porosity  of  16%  and  an  open  porosity  of  14%,  which  seem 
reasonable  orders  of  magnitude  [35 ].  The  volume  accessible  to  the  fused  salt  for  a  unitary  coating 
surface  of  1  cm!  is  around  4.2  mm’.  If  the  fused  salt  contamination  rate  in  service  is  around  10 
/ig/cmJ.h  for  aeronautic  turbines  and  lOOjrg/cmLh  for  marine  turbines  [36],  the  volume  of  salt 


deposited  in  100  hours  lies  between  »  0.7  and  7  mm1.  This  means  that,  if  capillarity  allows  salt 
penetration,  about  16%  of  the  accessible  microcracks  could  be  obturated  in  100  h  in  aeronautic 
conditions ;  in  marine  turbines  environement  100%  of  the  accessible  microcracks  would  be  obturated 
in  but  60  h.  This  calculation  is  obviously  very  crude,  but  suggests  that  an  acceleration  of  the  classical 
thermomechanical  failure  mechanism  could  actually  take  place  in  the  presence  of  fused  salt  deposits. 
This  phenomenon  would  be  all  the  more  important  that  thermomechanical  sollicitations  take  an 
important  part  as  a  degradation  mode  compared  to  chemical  destabilization  ;  in  other  words  it  is 
more  likely  to  be  noticeable  in  aeronautic  turbines  (high  working  temperatures,  limited  chemical 
interactions)  than  in  marine  turbines  and  diesel  engines. 

Another  type  of  interaction  can  be  thought  of.  PSZ  are  ceramic  materialswith  exceptional 
toughness,  which  limits  the  propagation  rate  of  small  cracks  under  high  stresses  (thermomechanical 
fatigue),  Several  studies  have  shown  that  there  may  be  a  strong  influence  of  the  environement  on 
ceramic  or  glasses  crack  growth  [37],  The  presence  of  adatoms  such  as  water  molecules  [38]  at  the 
crack  tips  can  dramatically  lower  the  subcritical  crack  growth  parameters  of  the  material.  If  fused 
salts  —  or  salt  vapors  at  very  elevated  temperatures  —  penetrate  at  the  tip  of  lateral  cracks  (parallel 
to  the  zirconia/MCrAlY  interface)  such  an  effect  could  maybe  take  place  and  again  accelerate  the 
thermomechanical  degradation  of  the  coating.  No  experimental  work  has  been  published,  however, 
that  supports  this  assumption. 


CHEMICAL  INTERACTION  BETW EEN  MCrAlY  AND 
FUSED  SALT 

The  third  type  of  interaction  between  molten  salts  and  TBC  that  should  be  taken  into 
account  is  an  interaction  between  the  MCrAlY  bond  coat  and  the  fused  salt  medium.  Indeed,  since 
the  fused  salt  can  diffuse  inside  the  microcracks  network  of  the  ceramic,  after  a  certain  period  of  time 
it  will  be  in  contact  with  the  bond  coat  at  the  bondcoat/PSZ  interface.  The  chemical  interaction 
between  the  fused  salt  and  the  metal  alloy  can  no  longer  be  described  as  purely  acido-basic,  since  the 
MCrAlY  oxidizes,  forming  a  protective  alumina  and/or  chromia  scale  [8],  Further  interactions 
between  the  protective  oxides  and  the  melt  relate  to  the  acidic  and  basic  fluxing  concepts  described 
above  one  the  one  hand,  and  to  metal  cations  and/or  oxygen  diffusion  promoting  oxide  growth  on  the 
other.  Oxide  spallationdue  to  thermal  cyclingand  consecutive  fused  salt  penetrations  provoking  alloy 
sulfidation  are  also  possible.  All  these  phenomena  have  been  extensively  studied  as  a  key  to  the 
understanding  of  hot  corrosion  of  MCrAlY  coated  superalloys  [39,40]  and  will  not  be  detailed  here. 
Relevant  consequences  concerning  thermal  barrier  coatings  are  twofold  :  in  the  short  run,  the 
protective  alumina  scale  considerably  strengthen  the  MCrAIY/PSZ  interface  ;  in  the  long  run. 
however,  severe  degradations  of  the  MCrAlY  and  eventually  the  underlying  superalloy  can  occur. 


HOT  CORROSION  STUDY  OF  A  THERMAL  BARRIER 
COATED  SINGLE  CRYSTAL  SUPERALLOY 

The  use  of  TBC  in  aeronautic  turbine  engines  is  generally  planned  for  components  working 
at  very  high  temperatures  (typically  1 100  C  and  higher),  significantly  above  the  range  of  classical  hot 
corrosion.  However,  some  components  may  locally  experience  lower  temperatures  and  subsequent 
salt  deposit ;  the  same  can  also  happen  at  intermediate  engine  regimes.  Furnace  cyclic  hot  corrosion 
tests  of  typical  aircraft  components  materials  are  presented.  The  same  tests  performed  in  the  absence 
of  fused  salt  deposit  (cyclical  oxidation)  are  reported  as  a  reference. 

Experimental s 

The  samples  substrate  is  a  CMSX-2  single  crystal  superalloy  of  nominal  composition  :  Ni 
bal-  5  Co  -  8  Cr  -  0.5  Mo  -  8  W  -  5.5  At  -  1  Ti  -  6  Ta  (weight  percents).  The  rods  were  elaborated  under 
60  C/cm  temperature  gradient  with  a  solidification  rate  of  9.6  cm/h.  They  were  heat  treated  3  h  at 
1315  C  in  hydrogen  for  7’ dissolution  and  air  quenched.  Samples  consist  of  12mm  diameter,  4mm  high 
flat  cylinders.  The  bond  coat  is  low  pressure  plasma  sprayed  NiCrAlY  (AMDRY  963  powder  of 
nominal  composition  Ni  -  23  Cr  -  6  Al-  0.4  Y,  weight  percents).  The  bond-coat  consists  of  two  50 pm 
thick  layers,  sprayed  successively  with  powders  of  equal  composition  but  different  granulometry  (for 
the  external  layer,  coarser  powder  was  used  to  increase  bond-coat  roughness  and  consequent  ceramic 
to  metal  adherence).  Surface  preparation  of  the  samples,  transferred  arc  cleaning  parameters,  plasma 
spraying  parameters  and  diffusion  post-treatments  are  described  elsewhere  [41).  The  thermal  barrier 
is  air  plasma  sprayed  ZrO,  -  8wt.%  Y,Oj.  The  thickness  of  the  ceramic  coating  i-  400/tm  deposited  in 
two  steps  starting  from  MEL  PSZ  powder.  The  surface  preparation  operations  and  air  plasma  spray 
parameters  are  detailed  in  [4 1  ]. 

High  temperature  testing  of  these  samples  was  performed  at  850  and  950° C.  Thermal 
cycling  between  200  C  and  the  test  temperature  is  insured  by  an  automatic  device  :  each  cycle  runs 
as  follows.  The  samples  are  introduced  into  a  furnace  maintained  at  the  test  temperature  (tempe¬ 
rature  rise  in  about  ten  minutes  for  the  samples)  and  remain  at  constant  temperature  for  one  hour 


;  they  are  then  withdrawn  and  quenched  with  forced  air  convection  until  they  reach  200°  C  (in  about 
four  minutes)  and  finally  reintroduced  for  the  next  cycle. 

Cyclic  oxidation  tests  are  run  in  air  in  separate  furnaces.  For  hot  corrosion  tests,  sodium 
sulfate  contamination  is  added  :  the  samples  are  coated  with  Na,SO,  by  spraying  a  80g/l  aqueous 
solution  of  this  salt  on  the  test  pieces  heated  at  about  200° C.  Sodium  sulfate  is  renewed  every  50  to 
100  cycles,  so  as  to  obtain  a  contamination  rate  of  10  /tg.cm’.h '.  Visual  observation  and  weight 
variation  measurement  are  performed  every  20  cycles  during  the  first  100  cycles  and  every  50  cycles 
from  there  on.  Optical  microscopy.  SEM/EDS  analysis  and  X-ray  diffraction  measurements  were 
performed  on  as  sprayed  and  corroded  samples. 


Results 

As  sprayed  samples 

A  cross  section  of  as  sprayed  samples  can  be  seen  on  figure  12.  X-ray  diffraction  indicates 
that  the  as  sprayed  PSZ  is  mainly  composed  of  the  metastable,  non  transformable,  high  yttrium 
content  t’  phase  [42],  quenched  from  the  cubic  state  during  plasma  spraying.  No  monoclinic  phase  was 
observed  in  as  sprayed  samples. 


Figure  12  :  TBC  coaling  on  CMSX-2  superalloy  ;  as 

sprayed 


850  °C  degradation 

The  mass  variation  of  the  samples  as  a  function  of  the  number  of  cyles  can  be  seen  on  figure 
13.  The  samples  exposed  to  sodium  sulfate  show  external  macrocracks  on  t  heir  edges  if  ter  about  300 
cycles.  This  local  phenomenon,  which  is  being  accentuated  until  900  cycles  are  reached,  accounts  for 
the  important  weight  losses  sustained  by  the  samples.  After  900  cycles,  the  flat  faces  of  the  sample 
do  not  show  any  external  macrocrack.  No  evidence  of  PSZ  desatabilization  wasfound  (XRD  diagrams 
are  unchanged).  A  cross  section  of  such  a  sample  can  be  seen  on  figure  14.  At  this  temperature,  a  thin 
but  continuous  alumina  layer  has  developped  at  the  NiCrAIY/Zirconia  interface.  Beneath  this 
alumina  layer,  some  Cr,0,  is  present.  Internal  oxides  and  sulfides  can  be  seen  in  the  NiCrAlY,  but  this 
penetration  is  limited  to  the  upper  layer  of  the  bond  coat  (50^m). 

The  samples  exposed  to  an  oxidizing  environment,  only  suffer  a  very  moderate  and  regular 
weight  gain,  corresponding  to  the  formation  of  a  protective  alumina  layer  at  the  PSZ/NiCrAlY 
interface.  Very  few  oxide  penetrations  are  observed  after  650  cycles  (figure  15)  and  the  coating  is  still 
very  healthy. 


Weight  gain  (mg/cm2) 


Number  of  one  hour  cycles 

Figure  13  :  Degradations  at  850  C  ;  weight  gain  curves 
for  oxidised  and  corroded  samples 


Figure  1 4  :  Cross  section  of  a  sample  flat  side  af  ter  900 
cycles  of  corrosion  at  850  C 
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Figure  15  :  Cross  section  of  a  sample  flat  side  af  ter  650 

cycles  of  oxidation  at  850  C  ;  detail  of  the 
zirconia/ N iCrAlY  interface 


950  °C  degradation 

The  weight  gain  versus  number  of  cycle  curves  of  corroded  and  oxidized  samples  at  950  C 
can  be  seen  on  figure  16.  Samples  exposed  to  fused  salt  environment  experience  a  weight  gain  during 
the  first  25  cycles  corresponding  to  fast  alumina  growth  at  the  metal/oxide  interface.  Significant 
weight  losses  are  then  observed  ;  after  200  to  300  cycles,  zirconia  pieces  falls  off  from  the  edges  of 
the  samples,  rendering  weight  measurements  difficult  to  interpret.  After  but  100  cycles,  circular 
macrocracks  are  visible  along  the  edges  of  the  cylinders  (figure  17),  whereas  none  can  be  seen  on  the 
flat  sides.  Major  cracks  run  parallel  to  the  metal  oxide  interface  some  ten  micrometers  above,  as  often 
observed.  After  300  cycles,  poorly  protective  oxides  such  as  Ni(Al,Cr),0,  spinels  have  grown  inside 
the  NiCrAlY  bond-coat.  After  550  cycles,  deep  pits  are  present  in  the  NiCrAlY,  almost  reaching  the 
substrate  in  some  places.  The  cristallographic  structure  of  zirconia  has  scarcely  changed  during  this 
test :  until  400  cycles  X-ray  diffractogramms  are  identical  to  those  obtained  on  as-sprayed  specimens 
;  from  then  on  very  small  amounts  of  monoclinic  phase  (»  1  wt.%)  can  be  detected.  The  diffracto- 
grams  taken  in  the  outer  zone  of  the  zirconia  layer  are  identical  to  those  taken  in  the  inner  zone  of 
spalled  ceramic  fragments. 

Weight  gain  (mg/cm2) 


Number  of  one  hour  cycles 


Figure  16  :  Degradations  at  950  °C  ;  weight  gain  curves 
for  oxidised  and  corroded  samples 
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Zirconia 


Macrocrack 
Ni  Cr  Al  Y 

CMSX-2 


Figure  17  :  Cross  section  of  a  sample  edge  after  100 

cycles  of  corrosion  at  950  C 


Oxidized  samples  show  a  very  good  resistance  to  thermal  cycling  at  950  C  (figure  16).  Even 
after  1000  cycle,  no  spallation  of  the  ceramic  occurred,  despite  the  usual  presence  of  circular 
macrocracks  on  the  samples  edge.  Only  limited  internal  oxidation  has  taken  place  after  300  cycles, 
which  seem  to  evoluate  very  slowly  until  1000  cycles. 


DISCUSSION 

One  of  the  first  conclusions  that  can  be  drawn  from  these  experiments,  is  that,  in  this 
particular  case,  almost  no  chemical  interaction  between  the  PSZ  and  the  fused  salt  has  taken  place 
(no  zirconia  destabilization).  This  is  not  very  surprising  if  one  considers  the  acidobasicity  of  pure 
Na2SO,  in  the  absence  of  S02/S0,  external  adduction  :  pure  Na2S04  is  a  very  weakly  buffered  medium 
in  which  pO*'  lies  about  10  at  900°C  [17J.  This  value  is  very  close  to  the  minimum  solubility  of  pure 
YzO,  at  927°C  in  pure  Na2S04  (figure  8).  If  one  supposes  that  neither  the  pO2  scale  extension  (pK, 
value),  nor  the  position  of  this  solubility  minimum  vary  a  lot  between  850  and  950°C  (which  sounds 
reasonable),  and  that  the  solubility  of  Y203  allied  to  Zr02  is  not  very  different  from  that  of  the  pure 
oxide,  very  limited  dissolution  of  Y20,was  to  be  expected,  which  is  confirmed  by  our  data.  However, 
our  observations  show  very  significant  differences  between  the  samples  thermally  cycled  in  the 
presence  or  in  the  absence  of  Na2S04  contamination.  This  clearly  indicates  that  one  or  more  of  the 
otheT  degradation  modes  envisaged  above  has  taken  place. 

The  differences  between  the  environmental  resistance  of  the  bond  coat  in  the  presence  and 
the  .bsence  of  salt  contamination  clearly  show  that  some  fused  salt  has  found  its  way  through  the 
microporosity  of  the  ceramic  to  the  ceramic/metal  interface  and  has  attacked  the  bond-coat.  The 
bond  coat  chemical  composition  is  such,  however,  that  it  is  well  suited  to  resist  such  hot  corrosion. 

If  one  considers  thermomechanical  fatigue  of  the  coating,  one  has  to  distinguish  between 
thef  .at  sides  of  the  sampleswhere  the  solicitations  are  relatively  moderate  because  the  temperatures 
of  the  tests  are  moderate  compared  to  1 100°C  —  for  which  the  coating  is  designed-  and  the  edges 
where  local  small  curvature  radii  can  induce  stress  concentration.  Only  few  thermomechanical 
damages  are  seen  on  the  flat  sides,  which  renders  difficult  to  appreciate  the  role  played  by  the  fused 
salt  i  such  a  degradation.  On  the  other  hand,  the  presence  of  Na2SO«  seem  to  dramatically  aggravate 
therniomechanical  degradations  in  the  stressed  regions  of  the  samples,  at  850  C  as  well  as  at  950  C. 
The  850°C  effect  is  probably  related  to  microcrack  obstruction  by  solid  sulfate  on  cooling  (as 
described  above).  However,  at  950°C,  most  of  the  sulfate  should  have  decomposed  and  very  limited 
effei  ts  should  have  been  observed.  Two  interpretations  of  this  950  C  effect  can  thus  be  proposed  : 
the  lirst  relates  to  an  influence  of  penetrating  sulfate  vapor  at  the  microcrack  tips  provoking 
sub^  ritical  crack  growth.  The  other  one  is  an  eventual  remanence  of  molten  sulfate  at  temperatures 
high,  r  than  the  usual  900°C,  due  to  increased  local  pressure  (capillary  forces  inside  small  pores  for 
insta  ice).  We  do  not  have  at  the  moment  direct  proofs  confirming  one  of  these  assumptions. 


GENERAL  CONCLUSION 


Thermal  barriers  coatings  are  complex  materials  involving  thermomechanical  resistance 
of  very  heterogeneous  bonds  (ceramic-metal),  which  can  only  be  obtained  by  sophisticated 
elaboration  processes  and  carefully  designed  elaboration  parameters  (such  as  bond-coat  and  ceramic 
compositions  and  plasma  spray  parameters).  Partially  stabilized  zirconia  is  the  most  important  family 
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of  ceramics  envisaged  for  thermal  barrier  applications.  The  interaction  of  such  coatings  with  fused 
salt  films  in  high  temperature  corrosion  environement,  is  also  a  complex  multifold  phenomenon. 

Such  an  interaction  can  be  of  a  chemical  nature.  It  can  be  rationalized  by  using  the  Lux- 
Flood  fused  salt  oxoacido-basicity  concept.  Variousoxidessolubility  measurements  in  different  fused 
media  at  different  temperatures  and  Oi  partial  pressures  are  required  as  a  base  of  discussion.  These 
measurements  have  been  accompanied  by  many  burner  -rig  or  laboratory  tests  on  pure  or  mixed 
oxides.  The  following  points  can  be  made  : 

(i)  There  is  no  significant  interaction  between  ZrO,  and  the  fused  salt 
environment  envisaged  (sulfates  and/  or  vanadates) 

(ii)  Chemical  interaction  mainly  consists  of  an  acidic  dissolution  of  the 
zirconia  stabilizing  oxide,  which  causes zirconia  tetragonal  to  monoclinic 
transformation  and  coating  failure  on  cooling. 

(Hi)  T his  acidic  leaching  phenomenon  is  of  paramount  importance  f  or  marine 
and  industrial  turbines  where  the  environment  is  more  acidic  due  to  higher 
vanadium  content  in  the  fuel  (higher  vanadate  concentrations  in  the  melt) 
and/or  higher  sulfur  contents  (higher  Pso,  in  the  melt ).  Cerium  oxide  seems 
to  be  more  resistant  in  this  environment  than  yttrium  or  magnesium  oxide. 

(iv)  T  BCfunctioning  in  aeronautic  turbines  do  not  suffer  zirconia  destabiliza¬ 
tion  (cleaner  fuels). 

Corrosion  of  the  MCrAl  Y  bond-coat  can  be  a  secondary  source  of  degradationsf  or  thermal 
barrier  coatings.  According  to  the  temperature  range  and  fuel  composition,  type  I  or  type  II  hot 
corrosion  can  take  place.  However,  MCrAlY  bond-coats  are  well  designed  to  resist  such  attacks, 
especially  if  it  is  low  pressure  plasma  sprayed. 

Finally,  physical  interaction  between  the  ceramic  layer  and  the  salt  film  can  also  be 
encountered  (microcrack  obstruction  and/or  subcritical  crack  growth  enhancement  in  the  ceramic), 
aggravating  the  typical  thermomechanical  failure  of  the  TBC.  The  effect  is  all  the  more  spectacular 
that  the  thermomechanical  stress  on  the  coating  is  high  (the  higher  the  temperature  -  without 
exceeding  the  salt  decomposition  temperature  -  and  the  frequency  of  cycling).  Such  effects  could  be 
observed  at  temperatures  as  high  as  950°C.  This  third  family  of  fused  salt  induced  effects  could  be 
highly  deleterious  to  complex  shaped  components  with  local  low  curvature  radii. 
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SUMMARY 

Lithium  additions  increase  the  oxidation  rate  of  Al-alloys  in  the  solid  and  liquid 
states.  At  elevated  temperatures  in  the  solid  state  lithium  diffuses  rapidly  through 
the  aluminium  alloy  and  through  oxidised  surfaces  to  become  oxidised  preferentially  at 
the  oxide/air  interface  where  it  forms  non-protective  oxidation  products.  The 
consequent  lithium  depletion  causes  changes  in  the  near  surface  microstructure  and 
hardness  to  depths  of  up  to  800  ym  depending  on  the  temperature  and  exposure  times. 
Depleted  surface  layers  can  lead  to  substantial  reductions  in  the  strength  of  thin 
sections.  Procedures  for  minimising  lithium  depletion  during  processing  of  Al-Li  alloys 
are  discussed. 

Oxidation  in  the  liquid  state  is  important  in  casting,  in  fusion  welding  and  in  rapid 
solidification  processing  and  the  behaviour  of  Al-Li  alloys  under  these  conditions  is 
described. 


1  INTRODUCTION 

The  development  of  Al-Li  alloys  with  low  density  and  high  specific  modulus  is  well 
documented  in  the  International  Al-Li  Conferences  over  the  period  1 980-7 987 1 .  The 
alloys  are  normally  produced  by  the  ingot  chill  casting  route,  but  rapid  solidification 
processing  (gas  atomisation  or  planar  flow  casting)  and  mechanical  alloying  techniques 
are  also  being  developed.  The  compositions  of  some  commercial  and  experimental  alloys 
are  listed  in  Table  1  together  with  their  processing  routes.  There  have  been  several 
excellent  reviews  of  the  microstructure,  processing°»9  and  mechanical  properties1 "2 , 1 0  Qf 
Al-Li  alloys  and  these  aspects  will  only  be  referred  to  in  this  paper  when  relevant  to 
the  oxidation  behaviour.  A  feature  of  all  Li-containing  Al-alloys  is  their  reactivity  at 
elevated  temperatures  with  oxygen  or  water  vapour.  In  the  solid  state  the  rate  of 
oxidation  can  be  one  or  two  orders  of  magnitude  greater  than  for  Li-free  alloys  and 
explosive  reactions  can  occur  with  molten  Al-Li  alloys  in  contact  with  water.  It  is 
therefore  a  tribute  to  the  aluminium  industry  that  the  problems  associated  with  the 
manufacture  of  Al-Li  alloys  have  been  overcome  and  large  ingots  are  now  becoming 
available  for  conversion  to  rolled,  forged  and  extruded  products11. 

The  potential  reduction  in  weight  and  hence  cost  savings  predicted  for  Al-Li  alloy 
structures  has  led  to  rapid  application  of  Al-Li  alloys  in  the  aerospace  industries.  The 
effect  of  elevated  temperature  oxidation  during  heat  treatment  is  therefore  of  particular 
interest.  Several  papers  have  dealt  with  the  elevated  temperature  oxidation  of  Al-Li 
alloys  in  various  environments  (Table  2)  but  many  aspects  require  further  investigation 
and  there  are  conflicting  reports  on  the  basic  oxidation  behaviour  and  on  the  effect  of 
oxidation  on  mechanical  properties.  A  review  of  some  of  the  published  data  is  presented 
in  this  paper  and  their  significance  for  the  commercial  processing  of  Al-Li  alloys  is 
discussed. 

2  OXIDATION  OF  Al-Li  ALLOYS  IN  THE  SOLID  STATE 

Surface  oxidation  products  are  readily  visible  on  the  surface  of  Al-Li  alloys  after 
exposure  at  ^500®C  for  times  greater  than  20  minutes.  Coincident  with  the  surface 
oxidation  the  following  changes  occur  in  bands  below  the  surface 

i  Lithium  and  sometimes  magnesium  depletion. 

ii  Depletion  of  6*  (Al-^Li)  precipitate  in  peak  aged  and  of  6  (AI3LU  precipitate  in 
overaged  Al-Li  alloy. 

iii  Recrystallisation  and  grain  growth  in  unrecrystallised  sheet. 

iv  Reduction  in  hardness. 

v  Formation  of  pores  or  LiH  particles. 

The  oxidation  products  formed  on  Al-Li  alloys  and  the  experimental  evidence  for  the 
sub-surface  changes  are  described  below. 

A  summary  of  the  oxidation  studies  reported  for  binary  and  ternary  Al-Li  alloys  is 
given  in  Table  2.  These  have  included  exposure  to  vacuum  and  various  gaseous 
environments  (eg  air,  Ar,  H2»  N2  and  CO2/N2  and  02/Ar  mixtures)  in  dry  and  moist 
conditions  at  temperatures  up  to  S80°C  and  for  times  up  to  50  h.  Weight  gain  data  and 
X-ray  and  electron  beam  analytical  techniques  have  been  used  to  relate  the  surface 
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oxidation  products  to  the  oxidation  conditions.  Oxidation  was  found  to  be  sensitive  to 
moisture 13  *  19 , 21  which  could  lead  to  an  increase  in  hydrogen  content 1 3 , 21 , 24 , 

2.1  Surface  Oxidation  Studies 

Lithium  oxidises  preferentially  at  the  free  surface  of  Al-Li  alloys  and  many 
oxidation  reactions  are  thermodynamically  favoured21.  The  following  reactions  1  -  4  are 
in  order  of  decreasing  AG,  the  free  energy  change,  and  lead  to  the  products  most 


frequently  detected  on  Al-Li  alloy  surfaces :- 

4  Li  +  02  -►  2  Li20  (1) 
2.5  Li  +  0.5  Al  ♦  H2O  •**  0.5  L1A102  +  2  LiH  (2) 
2  Li  +  H20  -►  Li20  +  H2  (3) 
Li20  +  C02  -►  H2C03  (4) 


The  mass  and  volume  changes  that  occur  when  lithium  metal  is  converted  to  these  solid 
oxidation  products  are  given  in  Table  3.  A  substantial  increase  in  weight  occurs  in  all 
the  examples  with  the  greatest  increase  for  the  Li2C03  phase  and  only  Li20  has  a  volume 
ratio  less  than  unity. 

Ahmad ^  investigated  the  oxidation  of  8090  alloy  at  the  SHT  temperature  (530®C)  in 
air.  The  early  stages  of  oxidation  were  studied  by  Auger  electron  spectroscopy  (AES) 
with  depth  profiling  using  inert  gas  ion  sputtering;  the  sputter  etching  rate  was 
*v20  nm/min.  An  elemental  distribution  depth  (sputtering  time)  profile  for  a  ground  and 
etched  surface  is  shown  in  Fig  1;  the  surface  is  completely  covered  by  AI2O3.  The  effect 
of  annealing  in  air  for  times  up  to  30  min  at  530°C  is  shown  in  Fig  2.  After  annealing 
for  short  times  (<10  min)  Al  and  Mg  oxides  coexist,  however  after  30  min  the  outermost 
surface  is  completely  covered  by  oxidised  Li  with  Mg  only  appearing  after  10  min 
sputtering.  With  increasing  time  more  Li  diffuses  from  the  bulk  to  the  surface  and  is 
preferentially  oxidised,  whilst  the  rate  of  Mg  oxidation  slows  down.  Li  appears  to 
diffuse  faster  than  Mg  through  both  the  metal  and  oxide.  The  oxide  aL^AlOs  increased 
with  time,  but  Li2C03  was  present  after  5  min  and  became  the  dominant  oxidation  product; 
after  60  min  yLiAl02  was  detected. 
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Holdway  and  Bowen  also  found  L12C03  to  be  the  dominant  oxidation  product  on  8090 
in  air;  X-ray  intensitites  after  15  min  and  1  h  at  530®C  are  shown  in  Figure  3.  Only  the 
spinel  yLiA102  and  Li2C03  were  detected.  Other  studies  on  8090  at  500°c20  suggested 
Li20  occurred  in  dry  air  and  LiAlOs  in  moist  air.  Results  obtained  for  2090  alloy 
oxidised  at  550°C  in  dry  and  moist  air  showed  yLiA102r  BL1A102  and  L12C03.  Thus  in  the 
commercial  alloys  a  variety  of  oxides  have  been  reported  even  for  the  same  alloy,  but  the 
dominant  oxidation  product  in  the  presence  of  O2  or  moisture  after  long  exposure  times  at 
530 °C  appears  to  be  L^CC^. 

These  results  differ  from  earlier  X-ray  results  obtained  on  binary  and  ternary 
Al-Li  alloys  by  Field  et  al1-*/1?,  who  suggested  that  at  530°C  Li2C03  would  be  replaced  by 
yLiAl02  in  dry  air  and  by  mixed  spinels  in  moist  air.  Furthermore  these  workers  concluded 
that  oxidation  was  controlled  by  nucleation  and  growth  of  the  oxidation  products  at  the 
metal/oxide  interface,  whereas  all  recent  studies  on  commercial  allous  have  concluded  that 
Li  depletion  and  oxidation  is  controlled  by  bulk  diffusion  of  Li18/2’. 

Differing  results  have  also  been  reported  for  the  behaviour  of  Mg  in  commercial 
alloys.  Fox  et  al18'2?  found  surface  depletion  of  Mg  in  8090  was,  like  Li,  controlled  by 
bulk  diffusion  to  the  surface.  Russian  workers  also  reported  Mg  depletion  in  01420  alloy 
(Al-5  Mg-2  Li)12.  However  Ahmad2^  using  8090  bar  after  SHT  in  a  salt  bath  or  in  air  at 
530°C  found  no  significant  Mg  loss,  although  Mg  appeared  to  be  lost  during  thermo¬ 
mechanical  processing.  Similarly  only  Li  was  severely  depleted  from  an  Al-2.9  Li-1.5  Cu- 
2  Mg-0.15  Zr  alloy  ingot  annealed  in  dry  argon  for  12  -  48  h  at  543°C8.  Further  work  is 
required  to  clarify  these  results. 

The  oxidation  products  on  Al-Li  alloys  are  permeable  to  Li  and  the  L12C03  film 
appears  as  a  brittle  loosely  adherent  coating  which  is  usually  cracked.  A  deliberately 
damaged  Li2C03  film  is  shown  in  Figure  4;  the  surface  beneath  the  film  appears  undamaged 
by  oxidation  and  the  original  mechanical  polishing  scratches  (at  A)  and  grain  boundary 
grooves  were  visible.  A  number  of  workers  have  noted  that  Li20,  LiH  and  Li2C03  films 
were  removed  by  washing  in  water^1 /23,24  whilst  the  spinels  were  unaffected. 

It  is  interesting  to  note  that  after  exposure  in  vacuum  at  530°C  no  surface 
oxidation  products  were  detected  optically  (Fig  5)  or  by  X-ray  diffraction  (Fig  6)  but  Li 
depletion  occurred^;  under  these  conditions  Li  must  be  lost  at  the  surface  by  sublimation. 
Subsequent  exposure  of  the  same  surface  for  1  min  in  air  at  530°C  produced  the  normal 
discontinuous  oxidation  products  (Fig  7)  and  after  j  h  the  continuous  Li2C03  film  was 
detected  (Fig  6) .  Thus  the  amount  of  oxidation  product  may  not  indicate  the  extent  of  Li 
loss.  Much  of  the  published  work  referred  to  above  involved  long  exposure  times  and  thick 
srrface  films.  In  practice  heat  treatment  times  for  thin  sheet  are  kept  to  a  minimum  to 
reduce  lithium  depletion  of  the  surface 1 8 *26-30  ancj  to  avoid  contamination  of  surfaces 
prior  to  solid  state  diffusion  bonding.  The  latter  is  particularly  important  in  the 
development  of  high  strength  diffusion  bonded  joints  in  combination  with  superplastic 
forming  of  thin  sheet.  Experiments  have  been  carried  out  to  investigate  the  surface 
contamination  of  8090  alloy  sheet  after  exposure  times  up  to  1  min  at  530°C  in  moist  air 
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or  argon  ,  After  1  min  little  continuous  film  formation  had  occurred,  but  rapid 
oxidation  was  observed  at  isolated  sites  aligned  in  the  rolling  direction  as  shown  at  low 
magnification  in  Pig  7,  The  morphology  of  the  oxidation  products  at  these  sites  varied 
from  hemispherical  or  conical  mounds  about  25  Mm  diameter  and  25  urn  high  (Fig  8a)  to 
longer  conical  shaped  growths  up  to  1  mm  long  (Fig  8b)  or  filamentry  growths  %10  um 
diameter  and  1  mm  long  (Fig  8c);  growth  rates  were  estimated  to  be  ^2  um/s.  The  growths 
in  Fig  8b-c  are  similar  to  those  reported  elsewhere37 # ®  and  identified  as  yLIA102-  When 
these  oxidation  products  were  removed  from  the  surface  by  ultrasonic  cleaning,  pits  were 
found  beneath  the  growths  (Fig  8d) .  The  sites  of  rapid  oxidation  coincided  with  the 
position  of  insoluble  Cu  or  Fe  containing  particles  (possibly  AlgCu  Li  or  AI7  Cu  Fe)  in 
stringers.  The  pit  depths  were  10  -  20  um  with  up  to  18  *  103  pits /cm2. 

The  above  summary  emphasises  the  need  to  combine  high  resolution  analytical  and 
electron  optical  techniques  in  order  to  understand  the  oxidation  behaviour  of  Al-Li 
alloys . 

2.2  Effects  of  oxidation  on  subsurface  microstructure  and  microhardness 


In  unrecrystallised  8090  sheet  the  evidence  for  Li  loss  at  elevated  temperatures  is 
usually  taken  to  be  the  occurrence  of  recrystallisation  and  grain  coarsening  and  a 
reduction  in  hardness  below  the  sheet  surface.  The  coarse  grained  region  in  as  received 
sheet  is  typically  about  20  um  deep  as  shown  at  A  in  Fig  9a.  With  increasing  exposure 
time  to  1 2  h  at  530®C  the  surface  density  of  the  (100)  < 1 0 0 >  texture  in  8090  sheet 
increased  from  <2  to  14  whereas  the  overall  grain  growth  increased  the  (110)  <100> 
texture31 .  Mechanical  polishing  or  chemical  milling  can  remove  this  soft  depleted  layer 
as  shown  in  Fig  9b. 

Curves  of  hardness  v  depth  for  sheet  SHT  for  20  min  or  4  h  at  530°C  is  shown  in 
Fig  101 8.  Prior  removal  of  the  surface  layer  reduces  the  depletion  depth  after  20  min 
oxidation,  but  had  little  effect  on  the  depth  after  4  h  oxidation. 


The  effect  of  SHT  temperatures  of  480 °C,  520 °C  and  575°C  on  the  hardness  gradient 
in  5  mm  sheet  is  shown  in  Fig  II1®.  Depletion  occurred  at  all  temperatures,  but  the 
depth  at  which  the  parent  metal  plateau  hardness  was  reached  increased  and  the  hardness 
gradient  decreased  with  increasing  temperature.  Fox  et  al*®#27  showed  the  measured 
normalised  Mg  concentration  versus  depth  curve  was  in  good  agreement  with  the  micro¬ 
hardness  curve.  Lithium  loss  was  not  measured  but  calculated  assuming  the  surface  was 
an  infinite  sink  for  Mg  and  Li  solute  and  the  relationship  for  diffusion  was1®*23? 


c(xt) 


(1) 


Where  Co  =  alloy  Li  content,  C(xtj  =  concentration  of  Li  at  a  distance  x  from  the  surface 
at  time  t,  t  *  time,  D  *  diffusivity  of  Li  in  Al.  Theoretical  concentration  profiles  for 
both  Li  and  Mg  were  in  good  agreement  with  the  microhardness  curves27. 

Indirect  confirmation  of  Li  solute  depletion  was  provided  by  observations  of 
precipitate  density  as  a  function  of  depth.  After  1  h  at  530°C  the  precipitate  largely 
responsible  for  the  hardness  in  8090  alloy,  <5  *  (AI3LD ,  was  absent  to  a  depth  of  ^30  urn. 
This  was  believed  to  be  the  region  in  which  the  Li  concentration  was  <1  wt  %  Li.  Mg 
depletion  led  to  a  low  Mg/Cu  ratio  and  the  possibility  of  e 1 / 8  precipitation.  In 
recrystallised  sheet  Li  loss  may  occur  in  the  absence  of  grain  coarsening  which  depends 
on  processing  and  thermal  history31 .  It  should  also  be  noted  that  the  depth  of  Li  loss 
cannot  be  deduced  from  the  depth  of  the  recrystallised  layer  which  is  much  less  than  the 
depth  of  the  soft  layer  determined  by  microhardness27#32  ie. 

depth  precipitate  free  zone  <  depth  recrystallised  <  depth  of  low  microhardness 
(30  um)  layer  (60  Mm)  region  (100  um) 

Some  depletion  depths  determined  by  microhardness  for  various  heat  treatments  are  listed 
in  Table  4.  An  example  of  the  relative  depletion  depth  determined  by  microhardness 
measurement  and  the  depth  of  the  coarse  recrystallised  grain  microstructure  determined 
metallographically  is  given  in  Fig  12  for  3  mm  thick  8090  sheet  SHT  for  4  h  at  560°C  in 
air. 

27 

Fox  measured  the  microhardness  on  transverse  sections  (LT/ST)  of  8090 
unrecrystallised  sheet  after  SHT  at  530 ®C  in  a  salt  bath.  Measurements  were  made  in 
directions  parallel  to  the  elongated  grains  (LT)  and  perpendicular  to  this  direction  (ST) 
with  the  results  shown  in  Fig  13.  Similar  hardness  curves  were  obtained  after  20  min 
with  a  plateau  at  a  depth  of  120  lira,  but  after  4  h  different  shaped  curves  were  obtained 
with  a  greater  plateau  depth  in  the  LT  direction  (350  urn)  compared  with  the  ST  direction 
(25  um) .  Corresponding  X-ray  depletion  profiles  for  Mg  confirmed  the  plateau  depths,  but 
showed  continuously  increasing  Mg  with  increasing  depth.  These  results  suggested  that 
the  greater  depletion  in  the  LT  direction  was  caused  by  the  more  rapid  diffusion  of  Li 
and  Mg  along  grain  boundaries;  support  for  this  explanation  was  provided  by  the  25 

preferential  formation  of  LiH  at  grain  boundaries  in  8090  sheet  exposed  at  530®C  in  H2 
However  recrystallisation  and  grain  growth  can  also  be  produced  in  unrecrystallised  8090 
sheet  by  local  cold  work  at  for  example  a  guillotined  edge,  as  shown  at  A  in  Fig  14;  at 
B  recrystallisation  associated  with  solute  depletion  at  the  sheet  surface  is  much  less. 

Thus  surface  recrystallisation  and  low  hardness  may  not  always  indicate  solute  depletion. 
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Comparisons  have  been  made  between  SHT  of  8090  in  air  and  in  salt  baths  at 
530°C23'2';  the  depletion  depths  in  terras  of  the  microhardness  were  the  same  in  both 
environments,  although  the  shape  of  the  microhardness  curves  differed  slightly23. 

However  elsewhere  salt  bath  heat  treatment  is  reported  to  reduce  the  depleted  layer  depth 
by  i  to  1/3' 2 *3°,  presumably  by  reducing  the  heat  treatment  time.  An  addition  of  60% 

LINO 3  to  the  NaN03  bath  reduced  the  near  surface  depletion  slightly  after  4  h  at  590°C 
without  affecting  total  depletion  depth27.  Severe  loss  of  Li  was  reported  during  ageing 
of  Al-2.3  Li-2.8  Cu  alloy  in  a  salt  bath  at  190-235°C35.  After  20  min  and  4  h  at  530°C 
in  a  salt  bath  8090  sheet  showed  large  pores  and  blisters  below  the  alloy  sheet  surface; 
the  latter  caused  expansion  of  sheet  in  the  thickness  direction27. 

1  8  27 

There  was  evidence  that  Li  loss  in  8090  sheet  was  less  in  argon  '  .  In  a  study 

of  Al-3  wt  %  Li  alloy3**  Li  loss  was  signif icantly  less  in  an  argon  sealed  environment 
than  in  a  vacuum  sealed  environment  after  1 1  h  at  550  °C  (Fig  15).  This  suggests  that  in 
sealed  high  pressure  argon,  O2  or  moisture  is  gettered  by  Li  and  argon  pressure  reduces 
the  rate  of  Li  loss.  The  effect  was  particularly  apparent  in  the  STA  condition  (Fig  16); 
the  depletion  depth  was  greater  in  air  (Fig  16a)  than  in  a  sealed  vacuum  or  a  dynamic 
vacuum  (Fig  16  b-c)  environment  and  was  very  small  in  a  sealed  argon  environment 
(Fig  1 6d) . 

2  6 

An  X-ray  and  microhardness  study  carried  out  on  8090,  8091,  2090  and  2091  showed 
that  after  1  h  at  530°C  in  air  the  depletion  depth  was  similar  in  all  alloys  at  200  um. 

A  linear  relationship  was  obtained  for  depletion  depth  v  t*  for  times  (t)  up  to  24  h. 

With  8090  sheet  and  for  the  normal  SHT  temperature  of  530 °C  the  depth  of  the  depleted 
layer  x  (um)  could  be  related  to  the  exposure  time  t  (minutes)  by:- 

x  *  14.85  v/t  +  48  (2) 


A  similar  relationship  was  reported  for  01420  alloy  at  450*0  and  500°C  for  t  -  1  h  to 
100  h  and  for  exposure  in  air,  salt  bath  and  for  an  Al  electroplated  surface12.  The 
X-ray  intensity  measurements  for  L^CO-i  differed  in  the  8000  and  2000  series  Al-Li  alloys 
with  greater  intensities  for  8090  and  8091 ;  this  was  attributed  to  the  higher  Li  contents 
in  these  alloys.  It  was  concluded  however  that  the  maximum  or  integrated  peak 
intensities  for  Li2C03  in  the  angular  range  20-33° /2e  could  be  a  viable  non-destructive 
technique  for  monitoring  Li  depletion  with  an  accuracy  limited  by  the  accuracy  of  the 
microhardness  measurements.  But  a  wide  range  of  values  have  been  reported  for  Li  depletion 
depths  even  for  similar  exposure  conditions28  as  shown  in  Table  4. 


The  depletion  depth  measured  in  an  8090  forging  exposed  to  438°C  is  shown  in 
Fig  1733.  Much  longer  exposure  times  are  possible  at  this  lower  temperature  before 
significant  depletion  occurs  (Table  4) .  In  Al-Li  ingots  or  castings  homogenisation 
treatments  may  involve  a  combination  of  long  times  and  progressively  higher  temperatures 
in  order  to  avoid  incipient  melting8.  The  depletion  depth  determined  for  a  cast  alloy  is 
shown  in  Fig  1834.  No  significant  depletion  was  found  in  the  as  cast  state,  but 
increasing  depletion  occurred  at  500 “C  in  an  air  circulating  furnace.  After  20  h  a  low 
but  constant  hardness  plateau  was  obtained  compared  with  a  progressively  increasing 
hardness  curve  at  shorter  times.  These  results  imply  that  for  SHT  times  often  used  for 
Li  free  Al-alloys  (up  to  48  h)  depletion  depths  greater  than  0.6  mm  would  be  obtained. 


The  effect  of  environment  on  Li-depletion  depths  (determined  by  chemical  analysis 
and  optical  microscopy)  is  shown  in  Fig  19®.  Dry  N2  produced  the  smallest  depletion 
depth  and  a  coating  of  LioC03  whilst  wet  No  produced  the  largest  depletion  depth  and  a 
coating  of  L1A102*  No  difference  was  found  between  dry,  wet  or  laboratory  air  and  the 
depths  were  all  less  than  in  wet  N2 • 

2.3  Effect  of  Oxidation  on  Weight  Gain  and  Porosity 


The  increase  in  mass  when  lithium  containing  oxidation  products  are  formed  ( Table  3) 
has  been  used  extensively  to  monitor  the  oxidation  behaviour  of  Al-Li  alloys.  The  effect 
of  Li  content  on  the  weight  gain  in  wet  air  at  500 °C  Is  shown  in  Fig  20a19;  the  rate  of 
weight  gain  increased  with  increase  in  Li  content  and  the  curves  appeared  to  be  parabolic. 
The  corresponding  curves  showed  that  the  rate  of  weight  gain  was  substantially  less  in 
dry  air  (Fig  20b).  For  similar  Li  contents  (3  wt  %) ,  the  weight  gain  for  binary  Al-Li 
was  10x  that  for  a  binary  Al-Mg  alloy  and  a  further  factor  10  increase  was  obtained  for 
Al-Li  alloys  in  moist  air13. 

The  effect  of  various  atmospheres  on  the  weight  gain  of  Al-2.7  wt  %  alloy  at  520°C 
has  been  reported17.  For  dry  air,  N2  or  20%  02/dry  air  the  weight  gains  were  similar. 
Water  vapour  dominated  the  oxidation  kinetics  regardless  of  the  carrier  gas  and  led  to 
breakaway  oxidation  after  ^3  h  in  wet  02/Ar  gas.  Trace  alloying  additions  of  Be,  Ca  and 
Bi  at  100  and  1000  ppm  did  not  significantly  reduce  the  oxidation  of  Al-3%  Li.  The 
effect  of  magnesium  and  copper  additions  to  Al-Li  alloy  reported  by  Gregson37  is  shown  in 
Fig  21;  magnesium  had  a  slight  effect  (compare  curves  1  and  2)  but  the  Li  content  had  the 
greatest  effect  on  the  weight  gain. 


The  weight  gain  for  the  commercial  alloys  (DTDXXXA  equivalent  to  8090  and 
DTDXXXB  =  8091)  are  shown  in  Fig  22 19 ;  the  rate  of  weight  gain  in  dry  air  compared  to  8090 
appeared  to  be  greater  for  the  8091  alloy  initially  and  then  became  similar.  Both  alloys 
appeared  similar  in  wet  air,  showing  a  transition  from  parabolic  to  accelerated  oxidation 
after  2  h.  The  weight  gain  was  greater  than  for  the  binary  allovs  and  this  was  attributed 
to  the  magnesium  content.  Copper  caused  only  a  slight  increase  in  weight  gain. 
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When  depletion  depth  (defined  by  microhardness)  and  weight  gain  data  are  compared 
the  surprising  result  is  that  moisture  did  not  effect  the  depletion  depth  although  it 
increased  the  weight  gain.  Thus  the  weight  gain  cannot  be  used  to  determine  the  Li 
depletion  depths  or  oxidation  rates19*21. 

The  weight  gain  data  for  commercial  2090  alloy  has  been  determined  in  the  temperature 
range  200  -  550°C  in  (i)  dry  air  (<10  ppm  H2O) ,  (ii)  moist  air  (2200  ppm  H2O) ,  (iii)  dry 
20  vol  %  CO2/8O  vol  %  N2#  (iv)  10%  C02/10%  N2  (v)  dry  N2  (Fig  23)21.  For  all  temperatures 
and  atmospheres  the  weight  gain  versus  time  curves  were  initially  parabolic  changing  to 
linear  after  1.7  -  5  h.  Note  that  some  oxidation  occurred  below  400°C  when  the  weight 
gain  increased  in  the  order  5,  1 ,  2,  3,  4.  Above  400°C  1  and  5  caused  the  lowest  gains, 
and  then  the  weight  increased  in  the  order  4,  3,  2.  Porosity  was  found  in  cross-sections 
after  heating  in  air,  and  increased  with  increase  in  moisture  content  or  temperature. 

Based  upon  thermodynamic  data  it  was  difficult  to  account  for  the  sensitivity  to  moisture 
in  the  reactions  with  Al-Li  alloys.  The  moisture  effects  may  be  an  indirect  effect  of 
volume  changes  in  the  oxidation  products,  and  porosity  and  disruption  of  the  films  by 


Micropores  and  increased  H2  content  have  been  reported  for  oxidised  Al-Li  alloys  by 
many  workers.  Li  was  the  dominant  factor  influencing  porosity  in  01420  alloy12.  Surface 
H2  contents  of  0.8  -  1.2  cm3/100  g  were  2x  that  in  the  bulk  and  4  -  5x  that  of  pure  Al. 

Bands  of  subsurface  porosity  have  been  found  in  8090  sheet^0  and  forgings^2.  The 
depth  of  the  bands  and  the  Li  depletion  depth  increased  together  with  increase  in  the  SHT 
time  at  530°C  in  air;  the  bands  always  occurred  at  about  the  maximum  depth  of  the 
depleted  layer.  The  results  obtained  by  Dickinson  et  al24  in  a  careful  metallographic 
study  of  oxidised  Al-3  wt  %  Li  plate  and  2090  alloy  may  explain  many  of  the  confusing 
observations  of  porosity  in  Al-Li  alloys1 2 • 1 0 * 32 .  They  found  both  porosity  and  LiH 
particles  could  be  obtained  depending  on  the  environment.  LiH  formed  in  preference  to  H2 
porosity  when  H2O  vapour  <10  -  100  ppm,  but  in  high  concentrations  of  H2O  vapour  or  H2/ 
porosity  occurred.  LiH  was  found  to  dissolve  in  water  or  ethanol.  Thus  the  sites  of  LiH  in 
metallographic  samples  polished  in  these  media  could  appear  as  pores.  The  displacement 
of  the  bands  of  LiH  particles  ("porosity")  to  progressively  increasing  depths  with 
increasing  SHT  time  can  be  explained  by  the  diffusion  of  Li  to  the  surface.  When  the  Li 
concentration  around  the  LiH  particles  falls  below  a  critical  concentration  the  LiH 
particles  dissolve,  liberating  H2  which  diffuses  deeper  into  the  alloy  to  reform  LiH.  In 
practice  the  diffusion  of  H2  through  the  surface  films  may  be  a  complex  process 
dependent  on  the  properties  of  the  oxide  films.  For  example  in  the  presence  of  a 
continuous  Li2<)  film,  H~  will  require  anion  vacancies  in  the  lattice  for  transport  and 
this  would  be  the  rate  limiting  step  for  H2  diffusiog.  Also  the  state  of  the  lithium  may 
effect  the  lattice  mismatch,  since  the  Li  atom  (1.5  A)  has  a  much  larger  radius  than  Li+ 

(0.6  A)38.  In  a  recent  review  of  hydrogen  effects  in  advanced  materials  it  was  noted 
.hat  whereas  Al  alloys  are  not  considered  sensitive  to  hydrogen,  the  behaviour  of  Al-Li 
alloys  is  not  yet  clearly  defined39. 

3  OXIDATION  OF  Al-Li  ALLOYS  IN  THE  LIQUID  STATE 

3.1  Ingot  and  component  casting 

Lithium  confers  a  greater  reactivity  to  aluminium  melts  than  any  other  alloying 
element40.  Impurities  such  as  02»  H2O  vapour,  CO2,  and  N2  occur  in  all  furnace 
atmospheres  and  with  an  Al  -  3  wt  %  Li  alloy  at  740 °C  in  dry  and  moist  atmospheres  the 
formation  of  LiOH,  LiOH.H20,  (neither  of  which  normally  occur  in  the  solid  state)  and 
the  dominant  Li20  and  Li2C03  phases  were  detected.  Aluminium  oxides  were  absent  at  this 
Li  concentration  but  were  found  on  melts  with  <1%  Li.  In  an  Al-Mg-Li-Be  alloy  at 
710  -  720°C  Li20  dominates  but  was  non-protective ;  0.2%  Be  reduced  the  rate  of  oxidation 
after  90  min40.  No  nitrides  were  detected  even  in  dry  N2*  Additions  of  Be,  La,  or  Y 
did  not  inhibit  oxidation  of  Al-Li  binary  and  when  O9  or  H20  vapour  concentration 
exceeded  ^30  ppm  the  oxidation  rate  was  similar  in  all  protective  atmospheres.  Thus  only 
high  purity  gases  are  likely  to  reduce  Li  oxidation  in  a  melt41 . 

Production  of  aerospace  Al-Li  alloys  on  a  large  scale  usually  involves  a  process  of 
semi-continuous  vertical  direct  chill  (DC)  casting  to  convert  molten  metal  to  solid 
ingot.  The  coolant  (usually  water)  impinges  directly  on  to  the  skin  of  a  partially 
solidified  ingot.  Skin  fracture  can  lead  to  molten  metal  reacting  with  the  coolant. 

Molten  Al-Li  alloys  explode  more  violently  with  water  than  other  Al-alloys.  The  energy 
released  (KJ/kg)  increased  exponentially  with  increasing  Li  content  above  about  3  wt  %  Li 
leading  to  potentially  dangerous  conditions41 .  The  explosive  conditions  are  complex  and 
involve  the  evolution  of  large  volumes  of  H2  gas  produced  by  water /metal  reaction.  The 
thermal  conductivity  for  molecular  H2  is  10  times  greater  than  for  water  at  100°C;  the 
increased  neat  transfer  coefficient  in  believed  to  contribute  to  the  increased  energy 
yield  with  Al-Li  alloys. 

Because  of  the  reactivity  of  molten  Al-Li  alloys,  in  the  casting  of  components 
special  attention  must  be  paid  to  the  refractories  and  atmospheres  to  avoid  loss  of  Li 
and  H2  contents  up  to  50  times  that  found  in  other  Al-alloy  castings.  The  hydrogen 
reaction  appears  to  be  independent  of  other  alloying  elements  in  the  Al-Li  alloys. 

Compared  with  data  for  wrought  alloys  there  is  little  work  reported  on  Al-Li  casting 
alloys,  although  material  utilisation  should  be  improved  and  since  casting  factors 
effectively  increase  the  weight  penalty,  reductions  in  alloy  density  are  particularly 
attractive  for  castings. 
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Metal/mguld  reactions  have  been  investigated  using  an  Al-2.5%  Li  alloy  with  Mg  and 
Cu  additions42.  No  reaction  was  obtained  with  an  iron  mould,  but  severe  interactions 
were  obtained  with  sodium  silicate  bonded  sand.  The  subsurface  layer  of  the  casting  in 
contact  with  the  sand  contained  large  gas  bubbles.  When  sodium  silicate  was  replaced 
•with  resin  a  dramatic  reduction  in  the  reaction  was  obtained;  although  a  carbonaceous 
layer  was  formed  the  casting  quality  was  equal  to  that  for  the  iron  mould.  The  reduced 
reactivity  was  attributed  to  the  absence  of  water  associated  with  the  silicate  binder. 
Ceramic  coatings  such  as  AI2O3  and  SiC  on  the  resin  bonded  sand  mould  prevented 
carbonaceous  film  formation  but  their  lack  of  permeability  led  to  gas  bubbles  in  the 
metal  near  the  ceramic  coatings.  Further  developments  are  expected  in  cast  Al-Li  alloy 
technology. 

3.2  Rapid  Solidification  Processing  (RSP) 


Some  of  the  potential  benefits  of  RSP,  common  to  most  alloy  systems,  are  reduced 
segregation,  refinement  of  the  microstructure  (smaller  grain  and  dispersoid  sizes)  and 
large  departures  from  equilibrium  constitution  (high  solute  supersaturation,  non¬ 
equilibrium  phases) 46.  All  the  RSP  techniques  such  as  gas  atomisation,  mechanical 
alloying  and  chill  casting  (melt  spinning,  spraying  and  splat  cooling)  have-  been  applied 
to  Al-Li  alloys  with  the  objective  of  achieving  a  greater  reduction  in  density  or 
increase  in  modulus44.  It  may  be  possible  for  example  to  increase  the  Li  content  above 
2.7  wt  %  (the  limit  for  ingot  metallurgy)  without  causing  embrittlement45 • 45 .  RSP  Al-Li 
alloys  may  also  have  the  advantage  of  not  requiring  a  stretching  operation  prior  to  ageing 
and  so  be  particularly  suitable  for  forgings. 


However  the  consolidation  of  RSP  Al-alloy  products  has  presented  many  problems 
because  of  the  surface  oxide,  hydroxide  or  carbonate  film  formed  on  the  powders  or 
particles.  These  films  become  semi-continuous  films  or  stringers  after  consolidation  and 
lead  to  low  toughness . 


Contamination  by  oxidation  products  depends  upon  cooling  rate  and  on  the  partial 
pressures  of  O2  and  H2O  during  RSP,  storage  and  handling.  These  oxidation  problems  are 
greater  for  Al-Li  alloys.  For  example  the  surface  oxide  film  thickness  was  greater 
(15  -  50  run)  on  atomised  powder  and  melt  spun  Al-3  Cu-2  Li-1  Mg  alloy  ribbon  than  on 
Li-free  alloys46.  Oxide  or  carbonate  films  on’ prior  powder  particle  boundaries  were  a 
dominant  factor  in  controlling  the  fracture  toughness  of  consolidated  melt  spun  ribbon  in 
Al-3. 4  Li-0.8  Cu-0.4  Mg-0.5  Zr  alloy46;  increasing  the  particle  size,  reduced  the 
particle  surface  area  to  volume  ratio  and  increased  toughness.  However  cooling  rates  also 
affect  oxide  film  thicknesses.  The  finer  the  particle  size  in  gas  atomised  powders  the 
greater  the  cooling  rate  and  the  thinner  the  oxide  film.  On  melt  spun  ribbon  the  oxide 
film  was  a  factor  2  thicker  on  the  top  surface  than  on  the  bottom  roll  face  surface  and 
thicker  on  thicker  ribbons,  because  of  slower  cooling  rates.  In  general  the  larger  melt 
spun  particles  size  translate  to  small  surface/volume  ratio,  which  tends  to  minimise 
effects  due  to  surface  oxides  on  ribbon  compared  with  atomised  powder  products44. 
Mechanically  alloyed  (MA)  Al-Li  alloy  powders  tended  to  have  thicker  oxide  than  inert  gas 
atomised  powder47;  also  when  exposed  to  ambient  conditions  MA  powders  tended  to  reabsorb 
more  moisture  and  form  thicker  hydrated  surface  oxides. 

In  melt  spun  Al-3  Li  alloy  containing  2  or  10  wt  %  Be^6  the  as  spun  oxide  films  were 
10  -  50  nm  thick  and  increased  to  2.5  -  3  um  after  20  min  at  500°C  in  air.  Even  in  the 
high  Be  alloy,  Li  oxidised  preferentially  at  500°C  although  BeO  is  the  most  stable  oxide; 
Li  was  concentrated  in  the  top  surface  of  the  oxide  above  a  Be-rich  oxide  layer.  Thus 
rapid  Li  diffusion  through  the  oxide  film  suggested  kinetic  rather  than  thermodynamic 
factors  alone  dictated  the  oxidation  behaviour. 


Vacuum  atomised  high  Li  alloys  containing  4-5  wt  %  Li  were  much  more  reactive  than 
Al-3  wt  %  Li5.  Li-rich  inclusions  aligned  in  stringers  in  consolidated  material 
increased  the  notch  sensitivity  and  led  to  local  rapid  oxidation  pitting  during  SHT  at 
588°C  for  1  h.  Liquid  dynamic  compaction  was  used  to  reduce  the  contamination;  the  oxide 
content  was  reduced  to  20  ppm  compared  with  600  -  1000  ppm  in  conventional  powder 
extrusions4^ .  During  superplastic  deformation  at  590°C  under  2. 1-2.8  MPa  gas  pressure 
the  Li  loss  was  small  (4  wt  %  to  3.6  wt  %  Li  from  density  measurements),  which  suggested 
Li  loss  would  not  be  a  problem  at  strain  rates  >6  *  10"4  s-1 .  However  density  data  may 
not  be  adequate  for  assessing  Li  loss. 

Early  attempts  at  making  Al-Li/SiC  composites  by  the  Osprey  inert  gas  spray 
deposition  process  produced  porosity  of  ^10%  compared  with  <5%  for  non-Li  alloys49. 
Oxidation  of  Al-Li  was  often  associated  with  hydrogen  evolution  and  high  H2  contents 
(10  -  50  w  ppm  compared  with  0.4  w  ppm  for  ingot  material)  were  a  feature  of  extrusions 
produced  from  various  Al-3  wt  *  Li  RSP  products50.  Vacuum  annealing  was  ineffective  in 
removing  H2  from  the  extrusions.  Since  the  H2  was  believed  to  originate  from  hydroxides 
on  particle  surfaces  caused  by  reactions  with  ambient  atmospheres,  Improved  powder 
cleanliness  and  degassing  was  recommended. 

3.3  Fusion  welding 

There  is  considerable  interest  in  fusion  welding  of  Al-Li  alloys  by  gas  tungsten 
arc  (GTA) ,  gas  metal  arc  (GMA)  and  electron  beam  (EB) .  However  all  Al-Li  alloys  are 
susceptible  to  weld  porosity  and  Li  depletion  in  the  weld  zone.  In  2090  alloy  the 
problem  was  greater  for  thin  sections5'.  In  01420  alloy  GTA  welded  using  3  passes  with 
01420  filler  metal,  the  H2  and  Li  contents  fell  together  in  the  surface  analysed  across  a 
transverse  section  of  the  weld  (Fig  24)  and  increased  together  from  bottom  to  top  of  the 


7-7 


weld;  it  was  suggested  that  this  coincidence  may  be  caused  by  LiH  formation7.  In  GTA 
welded  8090  alloy  the  use  of  8090  filler  reduced  the  Li  loss  in  the  weld^.  The  porosity 
was  attributed  to  hydrogen  derived  from  moisture  associated  with  surface  films  formed 
either  during  SHT  or  during  exposure  at  room  temperature  for  times  greater  than  20  h 
after  machining.  To  reduce  the  porosity  it  is  recommended  that  an  0.2  -  0.3  mm  deep 
surface  layer  be  machined  or  chemically  milled  from  the  surface  immediately  before 
welding.  For  alloy  01420  vacuum  degassing  at  450°C  for  24  h  at  10"2  -  10“3  torr  or  in 
high  vacuum  (at  10"8  torr)  significantly  reduced  or  eliminated  porosity  (H2  <0.2  ml/ 

100  g)^3.  jt  was  also  reported  that  in  the  01420  alloy  LiH  formed  as  low  as  450°C  and 
rapidly  at  710  -  720°C. 

3.4  Salt  Bath  Heat  Treatment 

In  sodium  nitrate  salt  baths  the  rate  of  reaction  of  Al-Li  alloys  becomes  rapid 
above  the  liquidus  temperature  particularly  for  Li  contents  greater  than  4i%^4.  For 
example  at  near  eutectic  composition  (9.7%  Li)  considerable  gas  evolution  preceeded 
violent  eruption  and  pyrotechnic  displays  at  a  temperature  of  616°C,  the  liquidus 
temperature.  However  commercial  Al-Li  alloys  with  Li  contents  <3%  were  melted  in  a 
salt  bath  with  no  signs  of  reaction.  It  was  concluded  that  all  Al-Li  alloys  may  be 
safely  heat  treated  below  the  liquidus  temperature  in  salt  baths  up  to  600°C. 

4  EFFECT  OF  Li  DEPLETION  ON  MECHANICAL  PROPERTIES 

Strength  reduction  will  clearly  depend  on  the  depth  of  the  lithium  depleted  layer. 
This  is  dependent  primarily  on  the  temperature  and  the  total  exposure  time  eg  for 
multiple  SHTs  a  limit  of  2  extra  SHTs  (of  20  min  each)  has  been  applied  to  sheet^.  When 
considering  mechanical  properties  the  effect  of  other  sheet  processing  variables  must 
also  be  considered  eg 

i  Pre-chemical  milling  or  etching  to  remove  depleted  layer  produced  during  sheet 

manufacture . 


ii  Initial  microstructure  eg  the  size,  shape  and  c . ±»:ntation  of  the  grains. 


iii  Heat  treatment  environment  eg  atmosphere,  salt  bath  composition,  argon  gas  pressure 
and  O2  or  moisture  content. 

iv  Post  -  heat  treatment  process  eg  chem-milling . 


The  strength  reduction  will  also  depend  on  the  sheet  thickness  and  forming  techniques. 

A  given  depletion  depth  may  be  insignificant  in  thick  sections  but  become  significant  in 
very  thin  sheet.  Unique  factors  associated  with  superplastic  forming  of  thin  sheet,  such 
as  prolonged  treatment  times^5,  simultaneous  decrease  in  sheet  thickness  and  increase  in 
surface  roughness5^  all  tend  to  enhance  the  effect  of  or  increase  Li  loss.  When  formed 
into  a  die,  Li  loss  may  be  assymmetrical  through  the  sheet  thickness,  being  less  at  the 
surface  in  contact  with  the  die.  The  loss  of  Li  on  as  forged  surfaces  of  precision 
forgings  is  of  some  concern,  but  Li  loss  may  be  avoided  in  conventional  closed  die 
forgings33.  (Note  that  Al-Li  alloys  with  higher  Cu  contents  may  be  quench  rate  sensitive 
and  changes  in  strength  caused  by  Li  loss  may  be  obscured  by  changes  in  cooling  rates.) 


In  comparing  the  magnitude  of  the  reduction  in  strength  reported  by  different 
authors  the  type  of  test  piece  and  whether  it  is  partly  machined  after  heat  treatment 
must  be  taken  into  account.  For  a  sheet  test  piece  machined  at  the  edges,  the  tensile 
strength  is  given  by 


where  c  =  strength  of  undepleted  alloy,  0^  =  strength  of  depleted  region,  w  =  thickness 
of  sheet.  If  x  is  the  depth  at  which  Li  is  depleted  to  2/3  of  its  original  value,  then 
x  %  1.5  (Dt ) «  where  D  =  diffusivity  of  Li  in  Al,  t  =  SHT  time  and 


a 


•  l  (Dt)* 


(2) 


Combining  equations  (2)  and  (3):- 


where  m  and  c  are  constraints  depend  on  temperature.  The  strength  reduction  (0  -  oq)  is 
proportional  to  the  depleted  layer  depth  and  increases  with  ./time. 

Tensile  and  proof  strength  data  for  8090  sheet  obeyed  the  t^  relationship  after  SHT 
in  air  or  in  a  salt  bath  before  or  after  anodising2®'29;  the  curves  for  SHT  in  air  are 
shown  in  Fig  25.  The  strength  reduction  coincided  with  an  increase  in  elongation.  Some 
test  pieces  exposed  for  the  maximum  time  were  machined  to  remove  the  depleted  layer  before 
testing;  those  test  pieces  exposed  in  air  regained  the  bulk  strength,  indicating  the  fall 
in  strength  was  caused  by  the  depleted  layers.  Anodised  test  pieces  did  not  regain  the 
full  bulk  strength  after  machining.  In  the  salt  bath  the  rate  of  loss  of  strength  was 
only  slightly  less  than  in  air.  In  a  salt  bath  heat  treatment  tim«s  may  be  half  that  in 
air  with  a  corresponding  reduction  in  the  depletion-depth  of  1/2  to  i/3'2,30.  Early  results 
suggesting  anodising  before  S^'r  suppressed  Li  loss28  were  not  confirmed  at  longer 
exposure  times29. 
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Higher  temperatures  might  be  considered  for  diffusion  bonding.  Some  stress /strain 
curves  for  0.9  mm  thick  sheet  after  high  temperature  exposure  are  shown  in  Fig  26.  The 
reductions  in  strength  and  the  corresponding  depletion  layer  depths  are  shown  in  Table  5 
and  Fig  12.  At  these  high  temperatures  reductions  in  strength  of  up  to  27%  were  obtained 
compared  with  a  reduction  of  only  6%  after  the  specified  STA  treatment  applied  to  the 
0.9  mm  thick  sheet.  It  may  be  possible  to  reduce  Li  loss  during  bonding  at  the  high 
temperatures  by  stack  bonding  the  sheet  followed  by  superplastic  forming  at  lower 
temperatures.  Much  smaller  reductions  in  strength  were  obtained  after  identical  high 
temperature  SHT  of  thicker  (4  mm)  sheet  {Table  5).  This  indicates  that  the  bulk  strength 
was  not  effected  by  the  heat  treatment  and  that,  as  expected,  similar  depletion  depths  on 
thicker  sections  have  much  less  effect  on  static  strength. 

Since  the  reported  depletion  layer  depths  may  differ  by  a  factor  2,  care  should  be 
taken  in  using  these  data  to  predict  the  reduction  in  strength.  Furthermore  the  hardness 
in  the  depleted  layer  depends  on  composition  and  heat  treatment,  since  some  solid 
solution  and  precipitation  hardening  does  occur  in  this  region  as  shown  schematically  in 
Fig  27.  More  quantitative  data  are  required  relating  Li  depletion  depths,  heat  treatment 
and  processing  variables  to  the  mechanical  properties  of  Al-Li  alloys. 

5  DISCUSSION  AND  CONCLUSIONS 

Users  of  Al-Li  alloys  are  well  aware  that  Li  depletion  occurs  during  processing  and 
heat  treatement.  However  Li  depletion  depth  data  are  not  always  reported,  even  when  high 
temperatures  are  used  for  example  with  powder  alloys.  This  suggests  that  the  importance 
of  Li  depletion  is  not  always  appreciated.  There  is  a  surprisingly  large  variation  in  the 
reported  depletion  depths  for  similar  exposure  conditions,  from  which  it  is  not  clear 
whether  this  is  caused  by  a  variation  in  the  rate  of  Li  loss  or  in  the  measurements  by 
different  operators. 

Volume  changes  and  thermal  stresses  caused  cracking  of  surface  films  on  Al-Li 
alloys  and  the  surface  area  may  be  increased  by  porosity  associated  with  hydrogen21' 22 / 24 
or  Kirkendall  diffusion^.  These  factors  and  the  occurrence  of  all  the  oxidation 
products  together  in  surface  films,  preclude  the  use  of  gravimetric  data  for  determining 
oxidation  rates  for  Al-Li  alloys1 9,21 '20,  nor  can  the  depth  of  the  lithium  depleted 
layer  be  used  to  predict  oxide  layer  thickness  as  suggested  elsewhere®.  Furthermore  the 
use  of  X-ray  diffraction  data  to  relate  the  amount  of  each  oxidation  product  to  the 
oxidation  conditions  is  made  difficult  by  the  lack  of  sensitivity  at  low  volume 
fractions23,  by  the  variety  of  oxidation  products,  by  the  large  changes  in  oxide 
thickness  over  small  distances  on  the  alloy  surface2*  and  by  subsequent  reactions  of  the 
oxidation  products  in  air  at  room  temperature21 . 

A  knowledge  of  the  Li  depletion  is  particularly  important  when  thin  sections  are 
used  or  when  long  processing  times  or  high  temperatures  are  involved.  Li  depletion 
appears  to  be  limited  only  by  the  bulk  diffusion  rate  and  is  therefore  controlled  by  the 
exposure  time  and  temperature.  Prior  surface  treatment,  different  atmospheres  or  salt 
bath  heat  treatment  appear  to  have  little  effect  on  the  Li  depletion  depth  after  long 
times.  However  there  is  evidence  that  sealed  inert  gas  pressure  heat  treatment  may 
reduce  the  rate  of  Li  loss  and  salt  bath  heat  treatment  may  allow  shorter  exposure  times 
compared  with  heat  treatment  in  air.  Avoiding  exposed  metal  surfaces  by  keeping  sheets 
in  contact  with  die  surfaces  or  stacking  sheets  could  also  reduce  lithium  loss  during 
heat  treatment.  To  prevent  H2  pick-up  hydrated  surface  films  must  be  removed  prior  to 
heat  treatment  and  moisture  must  be  eliminated  from  the  environment.  Further  studies  are 
required  to  investigate  the  factors  that  effect  the  rate  of  lithium  loss  and  the 
mechanism  of  oxidation  in  particular  alloys,  and  the  conflicting  data  on  magnesium  loss 
should  be  examined.  Finally  the  development  of  a  rapid,  reliable  and  accurate  NDE  method 
for  measuring  Li  depletion  is  required  for  quality  control  on  incoming  sheet  and  for 
monitoring  Al-Li  products  during  in-house  processing. 
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TABLE  1  COMPOSITION  AND  PROCESSING  ROUTE  FOR  SOME  Al-Li  ALLOYS 


Production 

Alloy 

Composition  wt  % 

Route 

Li 

CU 

Mg 

Fe 

Si 

Zr 

Ingot 

LITAL  A1 

8090 

CP271 

2.4 

1 .2 

0.54 

0.08 

0.03 

0.14 

2.54 

1 

2 

LITAL  B 1 

8091 

2.4 

1.93 

0.76 

0.07 

0.09 

0.12 

2.55 

1 

2090 

ALITHALITE-3 

2.09 

2.68 

0.05 

0.12 

0.03 

0.11 

2.60 

1 

3 

2091 

CP274 

2.1 

2.11 

1.54 

0.05 

0.05 

0.08 

2.58 

2 

014204 

2.05 

5,09 

0.06 

0.06 

0.08 

2.47 

7 

Melt  spun 

6785 

3.22 

0.54 

3.07 

0.83 

4 

Powder 

atomised 

4.10 

1.0 

0.2 

5 

Mechanically 

alloyed 

IN90SXL 

1.5 

H 

* 

1.2C 

0.4  0 

6 

1  LITAL  Alcan  UK.  2  CP27X  Cegedur  Pechiney,  Prance.  3  ALITHALITE  Alcoa  USA. 
4  Russia.  5  Allied  Corp  USA.  6  Novamet  Aluminium,  USA. 


TABLE  2  SUMMARY  OF  OXIDATION  STUDIES  ON  Al-Ll  ALLOYS 


SUMMARY  OF  OXIDATION  STUDIES  ON  Al-Li  ALLOYS  (cont'd) 


peak  height  TO  Normalized  peak  height-  TO 


§  n 

4) 

%  / 
&.  s«H  \ 


♦  oxidized-  Ai 
o  metallic-Al 


1  2  3 

Sputtering  time  (min) 


Fig  1  Auger  elemental  distribution  - 

sputtering  time  profiles  for  809 
extruded  bar  in  the  ground  and 
etched  condition.  [23] 


(c) 


ib) 


ic) 


id) 


Fig  2  Profiles  for  8090  extruded  bar  after  oxidising  in  air  at  530°C  for  (a)  2.5 
minutes  (b)  5  minutes  (c)  10  minutes  (d)  30  minutes,  123} 


26  (DEGREES) 


Fig  3  X-ray  dif fractograms  for  2.1  mm  8090  alloy  sheet,  (a)  as  received  and  after  SHT 
at  530  °C  for  (b)  15  minutes  (c)  1  h.  [26] 


Fig  4  Unrecrystallised  2.5  mm  8090  sheet 
after  j  h  In  vacuum  at  540 °C  and 
1  min  in  air  at  530°C  showing 
fractured  L12C03  film.  [25] 


Fig  5  Recrystallised  2.5  mm  8090  sheet 

after  J  h  in  vacuum  at  540°C.  (25) 
xl  00 


Fig  6  X-ray  intensities  for  2.5  mm  8090 

sheet  after  i  h  in  vacuum  and  after 
further  J  h  in  air. 


Fig  7  Ground  surface  of  2.5  nun 

unrecrystallised  8090  sheet  after 
1  min  at  530°C  in  air  x50. 


Fig  8  Unrecrystallised  2.5  mm  8090  sheet,  after  exposure  at  530'*C  in  (a)  electro- 

polished  surface  in  moist  argon  for  1  minute,  (b)  (c)  ground  surface  in  air  for 
10  minutes  (d)  recrystallised  sheet,  electropolished  surface  after  1  minute  at 
530°C  in  moist  air  and  ultrasonic  cleaning  in  water.  [25] 


NORMALISED  MICROHARDNESS 


Vicker*  H«raness  Number 


Pig  13  8090  unrecrystallised  sheet 

microhardness  after  530°C  in  a  salt 


bath*  (27] 


Fig  14  8090  3  mm  unrecrystallised  sheet, 
ground  surface  at  B,  guillotined 
edge  at  A  after  31  minutes  at  530°C 
in  air.  x250 


Fig  15 


Al-3.12*  Li  alloy  (a)  block  3  «  3  »  1 0  mm  and  (b)  plate  0  2  «  3  * 
microhardness  after  exposure  at  550°C  for  times  up  to  1 0  h .  136] 


2  0  mm, 


Surface 

10  20  Suffice 

SurUce 

o 

o 

Suffice 

Oisunce/mm 

Distintefmm 

Fig  22  Weight  gain  of  8090  and  8091  alloys 
in  wet  and  dry  air  at  500°C.  [19] 


675  750  825  K 


Fig  23  2090  1  mm  sheet  mechanically 

polished  showing  the  effect  of 
temperature  on  weight  gain  after 
3.3  h  in  various  atmospheres.  [21] 
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APPROXIMATE  01  STANCE  FROM  EDGE 
Of  WElO  BEAD  1mm) 


Fig  25  As  received  1.6  mm  8090  sheet 
showing  effect  of  time  at  ShT 
(530°C)  in  air  and  ageing  (WQ,  190°C 
16  h)  on  tensile  properties.  Closed 
symbols  for  samples  surface  machined 
after  heat  treatment.  [29], 


Fig  24  Secondary  ion  mass  spectroscopy 

(SIMS)  peak  height  profiles  for  Li 
and  H  normalised  to  A1  across  a 
transverse  section  of  01420  TIG 
weld,  bead  made  using  01420  filler. 
[7] 


Xe 

Distance  from  the  surface 


Fig  2d  8090  0.9  nun  sheet  machined  from  4  mm  Fig  27  Schematic  diagram  of  contributions 
sheet.  Effect  of  different  solution  to  hardness  in  depleted  layer, 

heat  treatments  in  air  on  tensile 
stress/strain  curves  in  -T6 
condition. 
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FRETTING  NEAR  AND  FRETTING  FATIGUE 
AT  TEMPERATURES  UP  TO  600 'C 
by 

R  B  Waterhouse 

Department  of  Metallurgy  and  Materials  Science 
University  of  Nottingham 
Nottingham  NG7  2RD 
UK 


Raising  the  temperature  increases  the  oxidation  rate  of  most  alloys.  The  thicker  oxide  film 
prevents  metal -to-metal  contact  and  reduces  the  coefficient  of  friction.  On  ferrous  materials  a  type  of 
oxide  layer  develops  which  was  first  observed  in  high  temperature  un indirect ional  sliding  and,  because  of 
its  smoothness,  was  given  the  name  "glaze  oxide".  Both  high  temperature  and  sliding  are  necessary  for 
its  formation.  The  result  is  that  the  wear  is  much  reduced  and  also  fatigue  strengths  are  increased.  It 
is  only  stable  at  the  high  temperature.  If  the  temperature  falls  to  room  temperature  it  is  soon 
completely  disrupted.  The  evidence  is  that  the  alloys  which  are  capable  of  forming  the  "glaze  oxide"  are 
those  on  which  an  oxide  with  a  spinel  structure  can  develop.  The  appearance  of  the  oxide  is  a  smooth, 
grooved  outer  surface,  with  a  granular  structure  underneath.  If  the  oxide  is  damaged  it  is  soon 
repaired.  Titanium  alloys  do  not  develop  this  type  of  oxide.  Surface  modification  by  implantation  of  Ba 
and  Bi  ions  has  produced  significant  improvements  in  the  tribological  behaviour  of  these  alloys  in  high 
temperature  fretting. 


The  features  that  distinguish  fretting  wear  from  unidirectional  or  reciprocating  sliding  wear  are 
the  very  small  amplitude  of  the  relative  movement,  and  aa  a  result,  the  slow  velocity  of  movement, 
typically  of  the  order  of  w/s  rather  than  m/s.  The  amplitude  of  motion,  known  aa  slip,  at  which 
fretting  can  be  said  to  have  become  reciprocating  motion  ia  controversial.  There  is,  however,  a  marked 
increase  in  the  specific  wear  rate  in  the  region  30  to  754m,  Fig.  l(l).  Damage  has  been  reported  at 
amplitudes  of  less  than  lim.  One  consequence  of  the  small  amplitude  is  that  any  debris  that  ia  formed 
remains  in  situ  and  does  not  escape  easily  from  the  contact.  Often  features  on  one  of  the  surfaces  such 
as  machining  marks  are  imprinted  on  the  other  surface. 


Fig.  1.  Specific  wear  rata  vs.  slip  amplitude. 


In  nearly  all  cases  of  fretting  the  two  contacting  surfaces  are  clasped  together  and  are  nominally 
stationary  with  respect  to  each  other.  The  movement  arises  from  vibration  or,  aore  coamonly,  due  to  one 
of  the  afters  of  the  contact  being  cyclically  stressed,  i.e.  undergoing  fatigue.  In  such  cases  slip 
occurs  only  over  part  of  the  contacting  surfaces  so  that  there  is  a  boundary  between  the  slip  and 
non-slip  areas.  This  boundary  is  frequently  the  initiation  site  for  fatigue  cracks.  Bx  amp lea  of 
possible  fretting  situations  are  press-fits  e.g.  turbine  discs  on  rotating  shafts,  or  connections  such  as 
dove-tail  or  fir-tree  fixings  of  turbine  blades  to  the  turbine  disc.  Fretting  also  occurs  between  the 
snubbers  on  the  blades  but  this  has  the  purpose  of  damping  vibration  of  the  blades.  In  the  gas  turbine 
aero-engine  these  events  are  occurring  in  a  high  temperature  oxidising  atmosphere  which  exerts  a  powerful 
influence  on  the  process. 

One  of  the  early  quantitative  explanations  of  fretting  was  that  due  to  Uhlig.(2).  Hia  explanation 
wes  the  asperities  on  one  surface  scraped  off  the  oxide  fila  on  the  opposing  surface  during  a  half  cycle 
and  the  oxide  fila  grew  again  ready  to  be  scraped  off  in  the  next  half  cycle.  Fig.  2.  He  assuaed  a 
logarithmic  growth  1st  which  aeant  that  there  would  be  a  pronounced  frequency  effect.  Fig.  3a  and  b, 
which  he  found  in  his  experiments  on  slid  steel  at  rooa  te^n nature.  At  higher  te^>eratures  the  oxide 
file  growe  such  aore  quickly  on  most  alloys  so  that  on  the  Uhlig  theory  the  formation  of  debris  would  be 
much  greeter.  However,  the  first  experiments  on  high  temperature  fretting  by  Rur ricks  and  Ashford  showed 
that  this  was  not  the  case,  and  in  fact  the  fretting  wear  of  aild  steel  showed  a  marked  transition  to  a 
lower  wear  rate  in  the  region  of  150°c(3).  Shortly  after  this  Taylor  found  that  fretting  atainlesa  steel 
in  carbon  dioxide  at  a  temperature  of  660°C  disrupted  the  normally  protective  Cr*^  file  and  exposed  a 
much  faster  growing  oxide  fila  with  a  spinel  structure, (*).  Fortunately  this  also  exhibited  low  wear 
properties  and  also  low  friction.  Similar  films  had  been  discovered  in  the  high  temperature 
unidirectional  sliding  of  a  number  of  alloys  by  Stott  and  he  gave  thea  the  nas«  "glaxe"  oxides  because  of 
their  extremely  smooth  surface^®). 


r!n _ tt; 


interface 


OXIDE  ASPERITY 


Fig.  2.  Model  of  fretting  wear  process. 


Fig.  3.  Effect  of  frequency  on  (a)  oxide  growth  rate;  (b)  wear  rate. 

The  reason  that  fretting  lowers  the  fatigue  performance  of  materials  is  that  the  mechanical  action 
disrupts  air-formsd  oxide  films  in  the  early  stages  and  promotes  intimate  metal  to  mul  contact,  often 
with  the  formation  of  local  welds.  This  reaulta  in  regions  of  local  high  strain  fa* igue  with  the  rapid 
initiation  of  fatigue  creeks.  If  the  fretting  motion  is  the  result  of  cyclic  stress ing  then  these  cracks 
will  propagate  and  lead  to  feiure.  It  has  recently  been  shown  that  if  there  is  a  residual  tensile  stress 
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in  tbe  surface  or  just  below  it  the  cracks  can  propagate  under  these  conditions  and  may  lead  to 
fai.lure(6).  effect  of  increased  temperature  on  the  fatigue  properties  of  aost  alloys  is  to  reduce 

them  particularly  if  creep  becomes  an  added  cos*>ooeot  of  the  process.  However,  the  reduction  in 
coefficient  of  friction  by  the  growth  of  oxide  filas  will  reduce  the  local  alternating  sheer  stresses 
resulting  from  the  fretting  action  and  sake  the  initiation  of  a  fatigue  crack  more  difficult. 

These  considerations  are  nw  examined  in  he  light  of  the  high  temperature  fretting  behaviour  of  a 
number  of  materials. 

nsmao  vkab  at  na  iwbit—i 

Michel  sod  nickel-based  alloys 

Swikert  and  Johnson (7>  found  that  the  fretting  wear  of  Inconel  600  was  an  order  of  magnitude  less  at 
260UC  compared  with  room  temperature  due  to  the  protective  action  of  the  thicker  oxide  film.  Bill^0' 
showed  that  the  fretting  wear  of  Inconel  X-750  and  Hene-41  steadily  decreased  up  to  a  temperature  of 
500°C  and  then  was  constant  at  this  value  up  to  818°C.  The  wear  volume  reduction  was  70k  for  the  Inconel 
and  90k  for  the  Rene.  The  behaviour  was  attributed  to  tbe  protection  afforded  by  the  chramiw  rich  oxide 
films  on  these  alloys  which  contain  15  to  20k  Cr.  further  work  on  experimental  nickel-  chrcmiw  alloys 
to  which  additions  of  up  to  5k  Al  were  made,  indicated  that  the  alloying  additions  considerably  improved 
the  resistance  to  fretting  compared  with  pure  nickel^).  Fig.  4  compares  Bill’s  results  with  results 


Fig.  4.  Wear  vs.  teaperstura  for  Ni-20Cr~2Al  and  Inconel  718. 

obtained  in  the  author’s  laboratory  on  Inconel  718(10>.  The  increase  in  wear  rata  above  540°C  waa 
attributed  to  creep  of  the  material.  The  reduction  in  fretting  wear  was  assumed  to  be  due  to  the 
formation  of  spinal  type  oxides  which  could  be  NlOCr^  and  Ni0Al203  in  the  experimental  alloy  and  also 
NiOFe203  and  FeOCrgOs  io  the  case  of  the  Inconel.  Fig.  5  illustrates  how  these  changes  are  reflected  in 


Fig.  6.  Coefficient  of  friction  vs.  mmfcar  of  cycles  for  Inconel  718  st  20',  280*  and  540°C. 
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the  friction  b«havl°ur<  >.  Kayaba  haa  uaed  friciioo/cyclee  curve.  to  determine  the  niaber  of  cycle,  to 
develop  the  flue  oxide  over  the  whole  of  the  coo  tact  inf  areas ,  rif .  6<12).  The  value  of  K*  depend*  both 

r  Fil*  7  “X*  ®-  franafer  of  eaten. 1  fro.  one  aurface  to  the  other  occur, 

in  the  initial  atagea  but  ceeeea  when  the  glaze  oxide  ia  developed. 
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Fig.  6.  Determination  of  number  of  cyclea,  N*,  to  fore  glaze  oxide. 


fig.  7.  Variation  of  M*  with  frequency. 


Fig.  8.  Variation  of  M*  with  temperature. 


Fig.  9.  Fretting  wear  vs.  temperature  for  0.45C  ateel  and  atainlesa  steel  304. 

Iron  and  Iron  be— d  alloys 

Hur ricks  studied  the  fretting  behaviour  of  aild  ateel  up  to  500°C.  He  found  a  transition  at  200°C 
at  which  the  wear  became  very  lowv*3,14).  Below  this  te^>erature  the  typical  reddish  brown  debris  was 
visible  but  above  this  te^iarature  the  debris  was  compacted  into  smooth  areas  with  a  hardness  of  1000 
VHN.  Between  200  and  500°C  the  wear  continued  to  fall.  Surface  finish  was  found  to  be  a  significant 
factor  at  tm^eratures  above  380 °C,  the  wear  being  greater  the  rougher  the  initial  surface.  Above  380 °C 
¥0304  is  the  major  constituent  of  the  oxide,  and  has  the  spinel  structure  referred  to  earlier.  Fig.  9 
shows  the  fretting  wear  curves  for  a  0.46C  ateel  and  austenitic  steel  304  with  the  narked  transitions  at 
1009C  and  2009C  respectively^®).  These  transitions  are  again  attributed  to  the  formation  of  the  spinel 
oxide  Fe30g  which  is  verified  by  quantitative  X-ray  analysis.  These  authors  have  compared  the  effect  of 
te^erature  on  fretting  wear  with  its  effect  on  widirectional  sliding  for  these  two  steels  and  find  that 
the  specific  wear  volisw  above  the  transition  temperature  is  a  factor  of  10  lower  for  the  carbon  ateel  in 
fretting  and  a  factor  of  40  lower  for  the  stainless  eteel(l®).  The  difference  ia  explained  by  the 
different  way  in  which  the  glace  oxide  is  formed  in  fretting,  namely  by  the  build  up  of  transferred 
layers  of  oxide.  Similar  formation  of  multi-layers  of  oxide  was  found  in  fretting  of  another  stainless 
steel,  321,  in  OO2  in  the  teaperature  range  360  to  650°c(*).  At  higher  applied  loads  the  fretted 
surfaces  appeared  to  be  saoother  which  was  taken  as  evidence  that  the  glace  oxide  had  some  plasticity  at 
thaas  temperatures. 

The  author  has  investigated  an  austenitic  stainless  steel  containing  nitrogen  and  has  found  that  at 
temperatures  above  4009c  the  smooth  glace  oxide  was  formed  with  corresponding  falls  in  the  coefficient  of 
friction  and  the  wear  vol  me.  Figs.  10  and  11 (1?).  The  oxide  was  identified  as  the  spinel  NiOCrjrf^  by 
X-ray  analysis  but  chnical  analysis  confirmed  that  it  contained  soma  iron. 

TiUaiv  amd  Titmeian  alloys 

BillU®)  investigated  tbs  fretting  of  high  purity  titanium  at  to^eraturea  up  to  650°C.  The  wear 
volws  increased  as  the  temperature  was  raised  to  5009C  but  then  fell  sharply,  Fig.  12.  The  rise  in  wear 
rate  wae  ascribed  to  the  softness  of  the  substrate  aid  tbs  thinness  of  the  oxide  film.  The  fall  at 
higher  t operators*  was  due  to  s  change  in  kinetics  of  oxide  file  formation  resulting  in  much  thicker 
films.  Swikert  and  Johnson  (?)  report  that  fretting  wear  of  the  alloy  T16A14V  was  very  eevere  et  room 
teaperature  with  considerable  galling.  At  2609c  the  wear  wea  an  order  of  magnitude  leee  although  the 
coefficient  of  friction  woo  similar  at  both  temperatures.  The  author  found  that  the  coefficient  of 
friction  tooded  to  fall  with  increaaing  mmber  of  cycles  at  room  temperature  but  rose  et  400  end  600°C, 
with  the  result  that  tbs  final  values  were  little  different  at  the  various  tspei atures. dD  The  wear 
volusss  warm  similar  at  slip  amplitudes  of  10vm,  but  at  an  «plitude  of  40  jm  the  wear  et  209c  was  90 
times  greater  than  the  wear  at  tmtriturm  between  200  and  60090  where  the  wear  was  very  similar.  Fig. 
12.  The  author  bee  studied  four  other  titeniim  alloys  intended  to  be  used  at  elevated  temperatures , 
namely  Ml  600,  679  and  929(1®).  At  room  ta^iei  alarm  all  ehowad  coefficients  of  friction  of  around  0.6 
falling  to  0.16  at  Q009C  with  vary  little  woar  damage  at  this  teaperature.  However,  the  glass  oxide  aeon 
on  the  nickel  and  iron  alloys  was  not  detected,  the  opinion  wan  that  the  oxide  films,  although 
protective,  ware  vary  thin  whereas  the  glass  oxides  ppur  to  bo  the  result  of  more  rapidly  growing 
oxides.  Ia  general  their  compos it ion  was  TiOj  although  occasionally  other  constituents  of  the  alloys 
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Pi*.  10.  Friction  vs.  temperature  for  stainless  steel  Nitronic  60. 


No.  OF  CYCLES 


FI*.  11.  Frettin*  wear  vs.  temperature  for  stainless  steel  Nitronic  60. 

fwttinb  fatmw  at  no*  larauw 

Nicfcsl  fa  seed  si  lops 

The  author  has  studied  the  frettin*  fatifue  of  Zncooel  718  at  temperatures  up  to  700°C  but  at  this 
temperature  creep  was  becomin*  appreciable  and  so  the  tests  were  limited  to  20  ,  280  540°C.  The  tests 
were  carried  out  in  fluctumtin*  tension  with  a  mean  stress  of  660  lev ■  The  fati*ue  curves  are  shown  in 
Fi*.  U(2l).  The  strenfth  reduction  due  to  frettin*  w  2.29  at  20«C  but  reduced  to  1.20  at  540«C.  At 
the  intermediate  temperature  the  fatifue  strenfth  wsa  low  at  107  crclaa  but  the  fatifue  life  was 
increased  at  hifbsr  stresses .  The  improvement  warn  due  to  the  development  of  the  flase  oxide  but  at  280“C 
a  certain  minimal  amplitude  was  necessary  to  form  the  flase.  This  was  estimated  at  22ua.  since  the  slip 
amplitude  depeods  on  the  applied  fatifue  stress.  The  flase  oxids  formed  at  640 °C  was  perfect  but  the 
flase  formed  at  280°C  exhibited  cracks  mid  areas  where  the  flase  had  spalled.  The  virtue  of  the  flase 
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Fii-  12.  Fretting  Wear  of  pure  titanium  va.  temperature. 


CYCLES  1C  Failure 


Fig.  14.  Fatigue  and  fretting  fatigue  curves  for  Inconel  718  at  20‘,  280*  and  540°C. 


Fig.  15.  Fretting  fatigue  curves  for  stainless  steel  316L  at  20’,  400’,  500*  and  600°C. 


Fig.  16.  Fatigue  and  fretting  fatigue  strength  at  10?  cycles 
of  Ti-6A1-4V  vs.  temperature. 


Titanium  alloys 

The  author  has  investigated  the  fretting  fatigue  of  the  alloys  Ti6Al4V  IMI  318(23)  and  IMI  829(24). 
The  latter  was  specifically  designed  as  a  creep  resistant  alloy-  The  fatigue  strength  of  the  318  alloy 
at  10?  cycles  with  a  Bean  stress  247  MPa  are  shown  in  Fig.  16.  The  fatigue  strength  falls  with 
increasing  teaperature.  With  fretting  the  fatigue  strength  is  uniformly  low  at  all  temperatures. 

Similar  results  for  IMI  829  are  shown  in  Fig.  17,  the  mean  stress  being  280  MPa.  Again  the  fatigue 
strength  falls  with  teaperature  although  the  fretting  fatigue  strength  does  show  soae  increase  with 
teaperature.  Although  areas  of  saooth  oxide  are  visible  they  shew  frequent  evidence  of  cracks  and 
spalling  and  do  not  appear  to  have  the  characteristic  properties  of  the  glaze  oxide  found  on  nickel  and 
iron  alloys.  It  appears  that  both  these  alloys  would  be  unsatisfactory  if  suffering  fatigue  at  these 
temperatures  whether  or  not  fretting  was  involved. 

80RFAC*  TKA1NDTH  TO  DCBOVB  HIGH  1MY8ATOB  FHSTTHW  P90PTBTIES 

One  method  of  achieving  this  would  be  to  apply  a  coating  which  itself  has  the  necessary  composition 
to  form  the  glaze  oxide  under  the  operating  conditions.  Sprayed  molybdenum  has  been  found  effective  when 
applied  to  steel  at  temperatures  up  to  300^0(25) .  Above  this  temperature  rapid  oxidation  and 
volatilisation  of  the  oxide  occurred.  For  higher  teaperature  applications  sprayed  coatings  of  Fe-13Cr, 
Fe-l8Cr-8Ni  and  Ni~5Al  were  applied  to  a  low  alloy  steel  and  tested  at  room  temperature,  475  and  700°C 
for  resistance  to  fretting  wear^26).  The  coatings  containing  iron  and  chromium  gave  very  low  wear  rates 
at  the  two  higher  temperatures  with  evidence  of  glaze  formation,  The  Ni-5A1  coating  was  only  effective 
at  700°C.  A  composite  costing  of  Fe-13Cr  +  Ni-5A1  however  did  give  good  protection  at  both  temperatures. 

Some  consideret ion  has  been  given  to  modifying  the  surface  of  the  titanium  alloys  to  produce  an 
oxide  similar  to  the  glaze  oxide(27).  The  method  chosen  was  ion  implantation.  The  first  ion  implanted 
was  barium  as  it  was  hoped  that  oxidation  would  result  in  the  formation  of  BaTi03  since  this  has  the 
perovskite  structure  which  is  not  unlike  the  spinel  structure  which  is  a  feature  of  the  glaze  oxides.  It 
did  give  some  reduction  in  coefficient  of  friction  but  the  oxide  layer  was  extremely  thin.  The  other  ion 
implanted  was  bismuth  since  this  was  thought  to  increase  the  oxide  thickness.  Extremely  low  coefficients 
of  friction  were  recorded  at  temperatures  of  500  snd  600°C,  Fig.  18,  and  the  wear  was  i Measurable.  This 
process  showed  considerable  promise  but  resources  have  not  been  available  to  aee  if  it  is  as  effective  in 
fretting  fatigue. 


Fig.  17.  Fatigue  and  fretting  fatigue  strength  at  107  cycles  of 
IMI829  vs.  teso>erature. 


Fig.  18.  Effect  of  ion  implantation  on  the  coefficient  of  friction  of  IMI550  at  500°C. 


DISCUSSION 


The  effect  of  the  glaze  oxides  on  reducing  fretting  damage  ia  due  to  their  excellent  protective 
properties  in  preventing  wear  damage  and  also  the  low  friction  which  reduces  the  alternating  shear 
stresses  in  the  contact  zone.  Since  they  are  formed  from  the  constituents  of  the  alloys  themselves  they 
have  the  unique  feature  of  being  self  repairing  if  any  spalling  occurs.  Sections  through  a  glazed 
surface  indicate  that  the  layer  is  often  as  thick  as  10j*  and  may  have  a  layer-like  structure.  Similar 
oxide  layers  found  in  reciprocating  sliding  experiments  have  been  described  by  Lin  as  a  stable  adherent, 
thermally  softened  oxide  layer  on  the  load-bearing  areas ( 28 ) .  jhe  low  friction  is  attributed  to  their 
low  shear  strength  and  the  relatively  high  strength  of  the  substrate.  The  common  feature  is  the  spinel 
structure  which  is  a  cubic  close-packed  arrangement  of  oxygen  ions  with  the  metal  cations  in  interstitial 
positions.  The  oxides  formed  on  titanium  alloys  do  not  have  this  structure,  and  this  fact  together  with 
their  Limited  thicknesa  in  this  temperature  region  precludes  the  formation  of  glaze  oxide.  It  haa  been 
suggested  that  the  glaze  oxide  is  only  formed  on  alloys  where  oxide  growth  is  entirely  by  cationic 
conduction,  which  is  not  the  caae  with  titanium  alloys,  but  this  theory  has  yet  to  be  tested 
experimentally.  Implantation  with  barium  and  bismuth  ions  did  not  produce  any  detectable  change  in  the 
oxide  composition  but  bismuth  appeared  to  increase  the  thickness  of  the  oxide  layer.  Whether  such  oxides 
would  be  self-repairing  if  breakdown  occurred  during  wear  is  uncertain. 

OONCUDBIOH 

Alloys  containing  iron  and/or  chromium  are  capable  of  forming,  under  fretting  conditions  at  high 
temperatures,  a  form  of  oxide  which  exhibits  low  friction  and  low  wear.  The  low  friction  reduces  the 
likelihood  of  crack  initiation  in  fretting  fatigue.  If  breakdown  does  occur  the  film  is  able  to 
regenerate  itself  from  the  constituents  of  the  alloy.  The  structure  of  these  protective  oxides  is  that 
of  a  spinel.  Such  oxides  are  not  formed  on  titanium  alloys  and  it  has  been  suggested  that  surface 
modification  by  ion  implantation,  particularly  by  biamuth  iona,  gives  such  low  friction  and  wear  values 
to  warrant  further  investigation. 
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ABSTRACT 

Superalloys  employed  in  hot  sections  of  gas  turbine  engines  are  generally  designed  in  terms  of  high 
temperature  mechanical  and/or  thermal  properties  such  as  creep,  mechanical  and  thermal  fatigue. 
Their  use  In  the  aggressive  environment  of  combustion  gases  requires  their  protection  by  a  coating, 
most  commonly  an  aluminide  coating  or  an  MCrAlY  overlay,  in  this  paper  we  give  a  brief  review  of  the 
possible  effects  of  the  presence  of  a  protective  coating  on  the  mechanical  properties  of  superalloy 
substrates. 

The  superalloy  microstructure,  and  therefore  its  mechanical  performances,  particularly  in  creep,  can 
be  altered  by  the  heat  treatments  associated  with  the  coating  deposition  process.  As  a  result,  proper 
care  must  be  taken  when  selecting  a  coating  for  a  specific  superalloy  substrate.  Interdiffusion 
phenomena  taking  place  between  coating  and  substrate  at  high  temperature  during  service  may 
decrease  the  load  bearing  section  of  the  superalloy  and,  as  a  consequence,  may  degrade  its  creep 
lifetime.  Examples  will  be  given  of  the  possible  effects  of  coating/substrate  interdiffusion  on  the  creep 
life  of  single  cristal  CMSX2  (no  effect)  and  in  the  case  of  a  directionally  solidified  eutectics  superalloy 
(significant  degradation).  It  is  to  be  added  though  that  in  the  long  run,  the  presence  of  a  coating  can 
enhance  the  creep  life  of  a  substrate  due  to  its  protective  effect  against  high  temperature  corrosion. 
As  regards  the  fatigue  behaviour,  several  studies,  in  the  U.S.A.  and  in  Europe,  have  shown  that  the 
presence  of  a  coating  (aluminide  or  MCrAlY  overlay)  may  In  some  cases  degrade  the  mechanical  and 
thermomechanical  performances  of  superalloy  substrates.  The  interpretation  of  these  data  remains  at 
present  limited  because  the  Intrinsic  properties  of  protective  coatings  are  still  insufficiently  studied. 

1-  INTRODUCTION 

For  use  in  hot  sections  of  gas  turbine  engines,  a  superalloy  is  generally  selected  for  specific  properties 
such  as  creep,  fatigue,  whether  mechanical  or  thermal.  Due  to  the  interaction  with  the  aggressive 
environment  of  the  combustion  gases  which  can  provoke  the  degradation  of  these  properties,  the 
superalloy  components  must  be  protected  by  a  coating.  The  most  used  coatings  are  alumlnide-based 
[1],  MCrAlY  overlays  [2],  and  zlrconia-based  thermal  barrier  coatings  (3).  However,  a  coating  may 
affect  the  mechanical  properties  of  the  superalloy  substrate  it  protects  In  several  ways  :  alteration  of 
the  alloy  microstructure  during  the  heat  treatments  associated  with  the  coating  cycle,  formation  of  non- 
load-bearing  regions  or  of  brittle  phases  because  of  interdiffusion  phenomena  during  coating 
application  or  in  service  at  high  temperature,  suppression  of  environmental  degradation,.. 

Several  reviews  have  been  published  concerning  the  inffuence  of  protective  coatings  on  the 
mechanical  properties  of  superalloys  (4-6).  In  this  paper,  after  considering  the  different  factors  which 
can  affect  the  mechanical  behaviour  of  coated  systems,  we  will  review  some  recent  experimental 
results. 

2.  CONSIDERATIONS  ON  THE  MECHANICAL  PROPERTIES  OF  COATED  SYSTEMS 
2.1.  Coating  as  non-load-bearlnq  section 

Coatings  are  generally  considered  as  non-load-bearing  material.  This  is  all  the  more  justified  that,  at 
temperatures  ranging  between  800’C  and  1100°C,  which  are  typical  operating  superalloy 
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temperatures  In  gas  turbine  applications,  the  coating  mechanical  resistance  is  low  as  will  be  seen 
below.  This  fact  has  to  be  taken  Into  account  when  calculating  the  effective  stress  supported  by  the 
substrate  alloy.  For  example,  during  the  formation  of  an  aluminide  coating,  part  of  the  substrate  is 
transformed  Into  0-NIAI-based  material.  This  reduces  the  effective  load-bearing  section  of  the 
superalloy  substrate.  It  has  been  calculated  [7]  that  the  formation  of  a  typical  60  turn  low  activity 
aluminide  coating  on  a  1  mm  thick  INI  00  component  results  In  a  9%  Increase  In  stress  supported  by 
the  non  affected  alloy  and,  as  a  consequence,  a  reduction  by  a  factor  2  of  the  creep  lifetime  at  850*C. 
Such  an  effect  does  not  occur  with  MCrAlY  overlay  coatings,  provided  Interdiffusion  phenomena 
remain  limited  during  exposure  at  elevated  temperature. 

In  addition,  it  has  to  be  mentioned  that  for  rotating  components  a  coating  is  an  overload  due  to 
centrifugal  forces,  particularly  In  the  case  of  thermal  barrier  coatings. 

2.2.  Compatibility  of  coating  process  with  allov  heat  treatments 

Mechanical  properties  of  modern  superalloys,  such  as  creep  strength,  are  strongly  dependent  on  their 
microstructure  (in  particular  the  y’-NijAl  morphology  and  distribution  [81).  This  microstructure  Is  to  a 
great  extent  determined  by  the  heat  treatments.  It  is  therefore  essential  that  the  heat  treatment 
associated  with  the  coating  thermal  cycle  be  compati  ble  with  the  quality  heat  treatment  cycle  required 
by  the  alloy.  Table  1  shows  for  example  that  for  CMSX-2,  the  thermal  cycle  of  a  high  activity  aluminizing 
process  Is  compatible  with  the  heat  treatment  of  the  alloy,  whereas  a  low  activity  is  not,  because  of  the 
slow  cooling  rate  due  to  the  thermal  inertia  of  the  pack,  in  this  case,  it  has  been  demonstrated  that  an 
additional  heat  treatment  Is  required  to  restore  the  proper  7’  microstructure. 


Quality  heat 
treatment 

Heat  treatments  associated 
with  aluminizing 

CMSX-2 

Low  activity 

High  activity 

2-3  h.  T  :  1280°C  to  1320°C  AC 

16  h.  at  1050°C  SC 

4  h.  at  750°C  SC 

15  h.  at  1050°C  AC  or 

4-6  h.  at  llOO'C  AC 

16  h.  at  1050°C  AC 

15-24  h.  at  850°C  AC 

Table  1  :  Quality  heat  treatments  of  CMSX-2  and  typical  thermal  cycles  associated  with  aluminizing 
processes  (AC  =  air-cooled,  SC  =  slow  cooling  in  pack). 


An  advantage  of  gas  phase  aluminizing  over  pack  cementation  processes,  as  emphasized  by  [9J,  Is 
the  possibility  of  high  cooling  rate.  On  the  other  hand,  MCrAlY  coatings  obtained  by  EB-PVD  or  plasma¬ 
spraying,  are  generally  heat  treated  to  improve  their  adhesion  and  density ;  this  treatment  can  easily 
coincide  with  a  quality  heat  treatment  of  the  alloy. 

2.3  Intrinsic  mechanical  properties  of  coating  materials  ; 

2.3.1.  Aluminide  coatings 

These  coatings  are  generally  obtained  by  a  cementation  process  during  which  aluminium  Is  brought 
upon  the  substrate  surface  where  it  reacts  and  forms  a  13-NIAI  or  -CoAl  based  coating.  Coating 
thicknesses  are  determined  by  solid  state  diffusion  laws  (proportional  to  square-root  of  time)  and  for 
durations  compatible  with  Industrial  practice,  they  range  between  50  and  100  pm.  The  structure  of 
these  coatings  can  be  very  complex  as  illustrated  by  figure  1 ,  rendering  extremely  difficult  the 
evaluation  of  their  intrinsic  mechanical  properties. 

Investigations  carried  out  on  extruded  pure  13-NiAI  (10]  have  shown  that  this  phase  exhibits  a  brittle 
behaviour  at  low  temperature,  up  to  a  so-called  DBTT  (ductlle-brlttle-transltlon-temperature),  typically 


600°C.  This  Is  explained  by  the  operation  of  only  three  Independent  slip  systems,  of  the  form 
{hk0}<001  >,  less  than  the  minimal  five  required  by  Von  Mlses  crlterium  for  generalized  plastic 
deformation.  At  high  temperature,  diffusion -related  mechanisms  can  be  effective,  for  example 
dislocation  climb,  and  the  material  becomes  ductile.  It  has  to  be  noted  though  that  apparently  no 
published  data  exist  on  the  mechanical  behaviour  of  bulk  materials  having  as  complex  compositions 
and  structures  as  aluminide  coatings.  Most  experimental  results  reported  In  the  litterature  concern  the 
evaluation  of  DBTT  determined  on  coated  specimens  (fig.  2). 

It  is  important  to  keep  in  mind  that  the  properties  of  B-NiAl  may  depend  on  a  variety  of  factors  such  as 
grain  size,  composition,  strain  rate,..  As  regards  the  influence  of  grain  size  for  instance,  Schulson  et 
al.  ( 1 1  ]  have  carried  out  tensile  tests  on  polycrlstalllne  B-NiAl  at  400“C  and  shown  that  below  a  critical 
size  (20  pm),  its  ductility  increases  sharply  with  decreasing  grain  size,  reporting  tensile  elongation  of 
up  to  40%.  According  to  these  authors,  In  fine-grained  aggregates,  the  stress  required  to  nucleate 
cracks  is  less  than  that  corresponding  to  their  propagation.  The  cracks  propagate  only  after  some 
plastic  flow  has  occurred. 

2.3.2.  MCrAlY  alloys 

MCrAlY  alloys  deposited  by  plasma  spraying  under  controlled  atmosphere,  to  prevent  any  oxidation, 
are  generally  constituted  of  a  7(7’)  matrix  containing  a  fine  dispersion  of  B-NiAl  phases.  Yttrium  is 
practically  insoluble  in  these  phases  and  Is  generally  found  in  a  M,Y-type  phase  or  an  yttrium- 
containing  oxide. 

The  possibility  of  fabricating  MCrAlY  specimens  by  low-pressure-plasma-spraying  (LPPS)  (1 2-14]  or 
by  hot  isostatic  pressing  [15]  has  permitted  to  gather  experimental  data  on  the  mechanical  behaviour 
of  alloys  representative  of  overlay  coatings.  It  was  shown  in  [14]  for  example,  that  bulk  LPPS 
NiCoCrAITaY  alloy  presents  two  deformation  behaviours  between  room  temperature  and  800°C,  as 
revealed  by  tensile  (fig.  3),  microhardness  and  torsion  tests.  Up  toabout  500°C,  it  exhibits  low  fracture 
elongation  (lower  than  2%)  and  high  strength;  above  550°C,  its  strength  decreases  and  its  ductility 
increases  sharply  .'At  800°C  a  superplastic  behaviour  could  be  shown  for  strain  rates  ranging  from  1 0 
4  to  1 0 3  s  '.  Similarly,  Wood  et  al.[  1 5]  have  shown  that  the  tensile  strentgh  of  a  flne-prained  (5-10  pm) 
NiCoCrAlY  alloy  obtained  by  HIP  of  alloy  powders,  remains  high  up  to  about  600  C  (yield  strength 
higher  than  800  MPa)  and  sharply  decreases  at  higher  temperatures,  with  a  correlative  rise  in  ductility. 

The  low  cycle  fatigue  behaviour  of  an  LPPS  NiCoCrAlY  (PWA  276)  coating  alloy  has  been  investigated 
by  Gayda  et  al.  [16].  At  1050”C,  the  life  of  the  NiCoCrAlY  alloy  is  significantly  greater  than  that  at 
650°C  and  this  is  attributed  to  a  slower  transgranular  crack  growth. 

2.4.  Residual  stresses 

Residual  stresses  may  arise  at  different  stages  during  the  coating  processing :  Initial  surface  treatment 
of  the  substrate  alloy,  solidification  of  molten  powder  particles  during  plasma  spraying, . .  It  is  generally 
thought,  however,  that  these  stresses  may  be  relaxed  during  the  post-coating  heat  treatment  and 
therefore  that  the  main  source  of  residual  stress  commes  from  the  thermal  expansion  mismatch 
between  coating  and  substrate.  Thus  for  a  positive  expansion  mismatch  of  2. 1 0  *°C  '  between  coating 
and  substrate,  a  temperature  drop  of  1 000 °C  will  provoke  a  0.2%  tensile  deformation  in  the  coating, 
which  is  considered  to  be  a  maximum  value  by  [5  ].  Few  residual  stress  values  are  reported.  Wood  [  1 5] 
determined  by  X-ray  diffraction  tensile  stresses  of  225  and  60  MPa  In  a  fully  processed  CoNICrAlY  and 
an  aluminide  coating  respectively,  the  substrate  being  SX60A  In  both  cases. 

2.5.  InterJIffualon  phenomena 

Coating  and  superalloy  substrates  generally  have  widely  different  compositions,  each  of  them  selected 
for  different  purposes :  protection  against  oxidizing  environment  on  the  one  hand  and  high  temperature 
mechanical  properties  on  the  other.The  chemical  potential  gradients  of  the  different  elements  (Ni,  Al, 
Cr, . . . )  accross  the  coating/substrate  1  nterface  will  cause  Interdlff  uslon  phenomena  to  occur ,  and  these 
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effects  will  be  all  the  more  Important  that  the  temperature  Is  elevated.  As  a  consequence,  several 
transformations  can  take  place  In  the  subcoating  zone  of  the  superalloy  substrate  with  a  resulting  loss 
of  load-bearing  section : 

-  transformation  of  the  initial  7/7’  microstructure  into  7/8  in  the  case  of  CoCrAIY/Ni-base 
superalloys  [17,  IS], 

-  alteration  of  the  7'  distribution, 

-  modification  of  the  distribution  of  grain-boundary  strengthening  elements  (carbon, ,.)[19J, 

-  formation  of  brittle  phases  which  may  be  crack  initiation  sites  or  an  easy  paths  for  crack 
propagation. 

The  consequences  of  such  effects  can  be  minimized  by  carefully  selecting  a  coating  composition 
compatible  with  that  of  the  substrate,  which  is  possi  ble  In  the  case  of  MCrAlY  coatings  because  of  the 
flexibility  allowed  by  the  deposition  processes. 

3.  EXPERIMENTAL  RESULTS  ON  COATED  SYSTEMS 

A  protective  coating  may  alter  the  mechanical  properties  of  a  superalloy  substrate  It  Is  applied  on,  as 
a  result  of  factors  exposed  above.  It  must  be  stressed  however  that  in  the  tong  run,  a  coating,  if 
adequately  protective,  will  isolate  the  superalioy  from  the  environment  (oxidizing  combustion  gases, 
molten  salt  deposits)  and  will  limit  or  suppress  the  corrosion-induced  mechanical  degradations,  in  a 
study  on  thin  section  Rene  80  specimens,  precorroded  during  500  hours  in  an  engine  atmosphere, 
Kaufman  [20]  has  thus  shown  that  the  presence  of  a  coating,  whether  aluminide  or  MCrAlY,  improves 
the  creep  lifetime  (at  980  and  1080°C)  by  factors  ranging  between  2  and  6,  as  well  as  the  fatigue 
resistance  at  room  temperature  (220  to  280  MPa). 

Components  in  gas  turbine  engines  experience  complex  mechanical  and  thermal  sollicitations.  The 
data  concerning  the  mechanical  behaviour  of  components  In  service  are  most  often  proprietary  or,  if 
mentioned  in  publication  [2 1 , 22  ],  they  are  often  Incomplete,  with  lack  of  detailed  knowledge  of  precise 
operating  conditions. 

The  evaluation  of  the  influence  of  coatings  on  the  mechanical  properties  of  superalioys  is  most  often 
carried  out  with  simple  tests  such  as  creep,  thermal  or  Isothermal  fatigue,  sometimes 
thermomechanical  fatigue,  thought  to  be  representative  of  service  conditions. 

3.1.  Creep 

3.1.1.  Conventional  superalioys 

A  number  of  studies  carried  out  on  equiaxed  superalioys  such  as  IN  1 00  or  IN  738  [6, 23  ]  did  not  show 
any  marked  effect  of  a  protective  coating  on  the  creep  resistance  of  these  systems  provided  that  the 
quality  heat  treatments  of  the  superalioys  are  carried  either  during  coating  application  or  after,  and 
that  the  coating  section  is  not  taken  into  account  In  the  calculation  of  the  load  bearing  section.  Restall 
[24]  mentions  an  important  reduction  In  creep  lifetime  of  IN738  and  IN792  thin  sections  (0  76  mm 
thickness)  protected  by  a  simple  or  by  a  Pt-modified  aluminide  (from  290  h  down  to  50  hours  at  850°C 
In  the  case  of  IN738LC  for  instance).  It  Is  not  clear  however  how  the  load-bearing  section  was 
determined  In  this  work. 

3.1.2.  Directionally  solidified  superalioys 

Figure  4  shows  clearly  on  a  Larson-Mlller  plot  that  the  creep  properties  of  single  crystal  superalioy 
CMSX-2  are  not  affected  by  the  presence  of  an  aluminide  coating  or  a  low-pressure-plasma-sprayed 
NICoCrAlYTa  coating.  The  Insensitivity  of  the  creep  resistance  of  this  superalioy  to  the  presence  of  a 
coating  may  be  attributed  to : 

-  the  compatibility  between  coating  cycle  and  the  standard  heat  treatments  of  the  alloy,  thus  ensuring 
that  the  reinforcing  7'  phase  Is  present  with  the  optimum  distribution. 


-  the  very  limited  interdiffusion  phenomena  observed  between  coating  and  substrate  both  during 
coating  application  and  during  tests  at  the  highest  temperatures.  Metallo graphic  examinations  showed 
that  the  thickness  of  substrate  affected  by  Interdlffuslon  Is  less  than  30  pm  after  990  hours  at  1 050*C; 
this  would  correspond  to  a  maximum  overload  of  5  MPa  If  this  zone  Is  supposed  to  support  no  charge 
(25], 

It  is  to  be  noted  that  Wood  an  Restall  [26]  observed  cracks  in  a  platinum-modified  alumlnide  coating 
at  the  end  of  a  creep  test  tested  at  760 °C,  but  not  at  higher  temperatures.  The  cracks  In  the  coating, 
however,  do  not  propagate  into  the  substrate  which  was  single  crystal  SX60A. 

In  the  case  of  a  directionally-solidified  eutectics,  Cotac 784,  coated  with  an  LPPS  NICoCrAlYTa  coating, 
it  has  been  shown  [27]  that  interdiffusion  phenomena  result  in  the  formation  of  an  extended  y 
subcoating  region  in  which  the  NbC  fibres  are  degraded.  This  zone  is  much  less  creep  resistant  than 
the  rest  of  the  specimen.  The  presence  of  this  coating  markedly  lowers  the  creep  strength,  with  a 
lifetime  reduction  of  20  to  30%  at  900°C  and  up  to  50%  at  1 100’C.  In  this  case  it  would  be  necessary 
to  reconsider  the  coating  composition,  in  particular  concerning  the  chromium  content,  in  order  to 
minimise  the  interdiffusion  effects  and  the  resulting  fibre  degradation. 

To  summarise  this  paragraph,  it  should  be  kept  in  mind  that  provided  the  standard  heat  treatments  are 
respected  and  little  Interdlffuslon  occurs  in  service  or  during  coating  application,  no  effect  are  to  be 
expected  except  a  possible  favourable  influence  In  the  long  run,  because  of  the  suppression  of 
environmental  degradation. 

Fatigue  in  gas  turbine  engine  components  results  from  thermal  and  mechanical  stresses.  Low  cycle 
fatigue  is  caused  by  centrifugal  loading  during  start-up  and  shut-down  procedures  High  cycle  fatigue 
effects  are  provoked  by  vibrations. 

Evaluating  the  influence  of  a  protective  coating  has  been  the  topic  of  early  studies.  For  example,  Vidal 
et  al.  [28]  have  noted  that  a  low  activity  aluminlde  coating  very  slightly  Improves  the  high  cycle  fatigue 
lifetime  at  of  cast  IN71 3  alloy  at  70o"C. 

3.2.1 .  High  cycle  fatigue 

High  cycle  fatigue  tests  involve  stress  cycling  a  specimen  with  a  deformation  remaining  largely  in  the 
elastic  domain.  In  the  case  of  a  coated  specimen,  the  coating  thickness  Is  always  thin  compared  to  the 
substrate  diameter,  and  the  sollicitation  on  the  coating  is  a  deformation  cycle  imposed  by  the  substrate 
deformation.  Therefore  for  given  test  conditions,  a  coating  behaviour  is  expected  to  be  better  for  a 
higher  yield  strength  and/or  a  lower  Young's  modulus.  It  is  also  Important  to  avoid  premature  crack 
initiation  sites  by  an  appropriate  surface  treatment. 

For  conventional  superalloys,  due  to  the  large  scatterband  of  high  cycle  fatigue  results  typical  of 
unprotected  substrates.  It  is  sometimes  difficult  to  define  an  influence  of  a  coating,  as  emphasized  by 
Pichoiretal.  [23]  for  example.  For  these  systems,  the  cracks  initiate  on  large  Internal  defects  (pores,..) 
with  subsequent  propagaton  to  rupture,  whether  the  substrate  Is  coated  or  not. 

Schneider  et  al.[29]  Investigated  the  effect  of  a  Pt-modifled  alumlnide  coatings  on  the  hcf  behaviour 
of  cast  IN738LC  and  IN939  at  850*C.  As  shown  on  figure  5  for  IN738LC,  the  lifetimes  of  coated 
specimens  He  within  the  scatterband  of  the  lifetimes  of  uncoated  IN738LC.  An  aging  treatment  or 
precorroding  the  specimens  in  slag  significantly  lowers  the  lifetimes  at  low  stress  levels.  It  is  not  clear 
however,  if  this  last  test  can  be  representative  of  simultaneous  mechanical  sollicltations  and  corrosive 
aggression. 

The  situation  Is  better  defined  with  more  advanced  dlrectlonnally  solidified  superalloys.  Graham  and 
Woodford  [30]  Investigated  the  effect  of  three  plasma  sprayed  coatings  on  the  high  cycle  fatigue 


resistance  of  NiTaC3  at  room  temperature,  600°C  and  900°C.  The  reduction  in  fatigue  life  is  found  to 
be  sensitive  to  the  coating  composition  and  stress  level.  A  Ni-20Cr  coating  exhibits  relatively  good 
fatigue  resistance  at  high  cyclic  stress  levels  because  of  Its  ductility,  but  exhibits  a  poor  fatigue 
strength  at  low  stress  levels.  The  higher  strength  coatings  (NI-20CM  0AI-2Hf-0. 1 C  and  Ni-20Co-20Cr- 
10AI-2Hf-0.lC)  are  superior  at  low  stresses,  but  crack  early  at  high  stresses.  At  900’C,  the  coatings 
has  little  effect  on  fatigue  life. 

Veys  [31  ]  evaluated  the  effects  of  coatings  on  the  high  cycle  fatigue  behaviour  of  a  single  crystal 
superailoy,  CMSX-2,  and  a  directionnally-solidifled  eutectics,  Cotac  784.  Both  an  aluminlde  coating 
and  a  LPPS  NICoCrAlYTa  coating  markedly  lower  the  high  cycle  fatigue  resistance  of  CMSX-2  at 870‘C 
(fig.  6),  the  lifetime  being  all  the  more  reduced  that  the  stress  is  high.  This  Is  attributed  to  the  early 
cracking  of  the  coatings  and  the  subsequent  crack  propagation  into  the  substrate,  leading  to  the 
eventual  failure  of  the  specimen.  In  contrast,  the  failure  of  uncoated  CMSX-2  involves  crack  Initiation 
on  internal  defects  (pores,  inclusions).  It  should  be  noted  that  the  CMSX-2  superalloy  employed  In  that 
study  hadrelatively  high  mechanical  fatigue  properties,  having  been  solidified  in  laboratory  conditions. 
The  drop  In  lifetime  for  materials  processed  In  industrial  conditions  might  not  be  therefore  so  important. 
It  is  likely  however  that  even  in  this  case  early  craking  would  occur  in  the  coating. 

Wood  and  Restall  [26]  reported  results  concerning  rotating  bend  high  cycle  fatigue  (50  Hz,  380  and 
560  MPa)on  NICoCrAIY-coated  single  crystals,  MMT 1 43  and  SX60A,  attemperatures  ranging  between 
400  and  1000*C  (fig.  7).  They  note  that  increasing  temperature  : 

-  decreases  the  number  of  cycles  to  crack  Initiation, 

-  increases  the  number  and  surface  length  of  coating  cracks, 

-  lessens  the  significance  of  those  cracks,  especially  at  low  stresses. 

Moreover  they  observed  that  a  polishing  treatment  increases  the  lifetime  at  low  temperature  but  does 
not  have  any  marked  effect  at  800°C. 

A  qualitative  interpretation  can  be  proposed  for  both  extreme  cases :  low  stresses  and  low  temperature 
on  one  hand,  high  stresses  and  high  temperature  on  the  other.  At  low  temperature  and  low  stresses, 
the  coating  is  solllcited  in  elastic  cyclic  deformation;  this  corresponds  to  long  lives  in  the  absence  of 
surface  defects,  which  explains  why  a  polishing  treatment  can  Improve  the  performances.  At  high 
stresses  and  high  temperatures,  the  yield  stress  of  the  coating  material  is  low  and  the  coating  is  cycled 
in  plastic  deformation;  this  corresponds  to  shorter  lives  (early  cracking).  In  this  case  a  surface  defect 
has  little  influence  since  plastic  deformation  can  relieve  the  stress  concentration  it  may  cause.  Once 
the  coating  is  cracked,  the  remaining  life  is  determined  by  the  crack  propagation  rate  inside  the 
substrate  alloy.  This  rate,  on  the  whole  decreases  with  increasing  temperature,  this  effect  being  more 
pronounced  at  low  stresses.  This  is  generally  explained  by  environmental  effect  (oxidation  at  the  crack 
tip  limits  the  crack  opening  displacement)  and  by  the  effect  of  temperature  on  the  crack  tip  plasticity; 
obviously,  the  oxidation  effect  is  expected  to  be  Important  for  long  lives  at  high  temperatures,  and  this 
corresponds  to  low  stresses. 

The  fact  that  early  cracking  occurs  at  temperatures  around  800 ”C  or  900°C  may  be  an  aggravating 
factor  for  hot  corrosion  degradation :  In  this  temperature  range ,  sodium  sulfate  may  condense  on  blade 
surfaces  and  penetrate  through  these  crack,  abolishing  the  beneficial  effect  of  the  protective  coating 

It  is  important  to  note  that  the  structure  and  composition  of  a  protective  coating  changes  during 
operation  at  high  temperatures ;  aluminium  is  consumed  by  oxidation,  the  Initial  7  +  0  structure  of  an 
MCrAlY  coating  therefore  transforms  Into  7  ( +  7')  and  in  the  end  to  7-solid  solution  of  nickel,  this  Is 
accompanied  by  grain  growth.  No  study  however  seems  to  have  been  published  on  these  effects,  the 
durations  of  tests  performed  being  too  short  lor  these  phenomena  to  be  significant. 

3.2.2.  Low  cycle  fatigue 

in  this  type  of  test,  the  specimen  is  stressed  at  a  level  above  the  conventional  yield  stress,  which 
explains  the  low  cycle  number  at  rupture,  generally  lower  than  1 0*  cycles,  and  with  lower  frequency 
(0.033  to  1  Hz)  than  for  high  cycle  fatigue.  The  degradation  modes  are  very  similar  to  those  observed 
In  thermal  fatigue. 


Wood  [15]  reports  an  alteration  of  strain-controlled  low  cycle  fatigue  of  a  single  crystal  superalloy  at 
room  temperature,  due  to  the  presence  of  overlay  and  aluminide  coatings.  The  fatigue  properties  at 
800°C  were  not  affected. 

Recent  tests  at  950°C  performed  by  CEAT  (unpublished  data)  on  NiCoCrAlYTa-coated  IN100  and 
DS200  Hf  showed  no  alteration  of  low  cycle  fatigue  resistance  at  950°C. 

3.3.  Thermal  and  thermomechanical  fatigue 

Thermal  fatigue  results  from  temperature  cycling  during  start-up  and  shut-down  procedures.  Few 
experimental  results  are  published,  some  of  them  having  been  reviewed  by  Nicoll  et  al.  [32]. 

Recent  efforts  [33-36]  have  concentrated  on  thermomechanical  fatigue  tests  which  combine 
mechanical  strain  controlled  cycling  and  temperature  cycling;  these  tests  offer  a  better  simulation  of 
the  complex  strain-temperature-time  experienced  by  gas  engine  components  in  service.  Moreover, 
thermomechanical  fatigue  may  now  be  a  major  limiting  factor  in  turbine  vanes  and  blades  [37],  in 
particular  for  highly  stressed  thin-walled  components. 

Swanson  et  al.  [35,  36]  are  developing  life  prediction  models  with  emphasis  on  applicability  to 
thermomechanical  fatigue  conditions.  These  models  are  based  on  the  development  of  Individual 
constitutive  models  of  coatings  (PWA286  :  NICoCrAIYSiHf  and  PWA273  low  activity  aluminide)  and 
PWA1 480  single  crystal  substrate,  for  which  commercial  production  experience  already  exists.  Results 
of  out-of-phase  tests  carried  out  between  427  and  1 038°C  indicate  that  at  strain  ranges  greater  than 
0.5%,  the  overlay-coated  specimens  have  longer  lives  than  do  those  coated  with  the  aluminide,  the 
reverse  being  true  at  lower  strain  range.  It  Is  interesting  to  note  that  similar  results  had  been  obtained 
by  Bain  [33]  on  a  single  crystal  superalloy  coated  with  a  CoCrAlY  alloy  or  an  aluminide  and  tested  in 
slightly  different  conditions. 

s-  CONCLUSION 

As  emphasized  by  Wood  [15],  little  work  has  been  done  to  determine  in  depth  what  coating  properties 
are  of  importance  in  controlling  the  mechanical  behaviour  of  coating/substrate  system.  The  studies 
In  this  field  have  mainly  dealt  with  the  identification  of  degradation  modes  and  the  experimental 
evaluation  of  the  incidence  of  coatings  on  few  mechanical  properties  of  as-coated  substrates.  It  is 
important  to  remark  that  coatings  are  found  as  crack  initiation  sites  in  a  variety  of  test  conditions,  the 
cracks  thus  formed  propagating  subsequently  Into  the  substrate  material  and  leading  eventually  to 
failure.  Neither  the  evolution  of  the  coating  composition  in  service  nor  the  presence  of  corrosive 
products  are  taken  Into  account.  Some  attempts  at  modelling  the  coatlng/superalloy  system  have  been 
recently  published  [36],  However,  the  lack  of  data  relative  to  the  coating  Intrinsic  mechanical 
properties,  mainly  In  the  case  of  the  widespread  alumlnldes  (simple  or  modified),  seems  to  have 
delayed  the  development  of  an  adequate  description  of  these  systems.  As  a  consequence,  the 
possibility  of  tailoring  the  coating  composition  and/or  structure  to  improve  the  mechanical  properties 
of  the  coating/substrate  composite  does  not  seem  to  have  been  fully  exploited. 
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Figure  1  :  High  activity  alumlnicfe  coating  on  CMSX-2  (25). 
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Figure  3a :  Tanaila  proparttee  of  LPPS  NlCoCr AlYTa  alloy  aa  a  function  of  temperature  1 1 4| 

a)  Ultimate  tensil  strength  ( •  ),  .2%  yield  strength  (  a  ) 

b)  Elongation  to  rupture  ( ■  ) 

c)  Young's  modulus  (  ♦ ) 

The  open  symbols  correspond  to  vacuum  cast  NiCoCrAlYTa  alloy 


cycles  to  failure 


Figure  5  :  Results  of  HCF  tests  of  IN  738 1C  at  850°C  (f  =  1 56Hz  in  air;  R  =  0) 
— • — ,  uncoated;  -  -*  — ,  LCD2coated;  -  -  LDC2  coated  and  aged  5000h 

at  850)C;  LDC2  coated  and  pre-corrodedfor  lOOOh  at  850°C  in  slag  [29) 
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Figures  :  High  cycle  fatigue  properties  of  coated  CMSX-2  [25] 
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SUMMARY 

Fretting  studies  were  performed  on  silicon  nitride  in  order  to  ascertain  the  effect 
of  small  amplitude  slip  (  0.1  to  10  micrometers)  on  ceramic  wear.  The  results  of  this 
study  indicate  that  the  small  amplitude  fretting  of  silicon  nitride  on  silicon  nitride 
is  primarily  controlled  by  tribochemical  reaction  forming  a  soft  silicon  oxide  layer. 
This  reaction  was  not  observed  to  any  measurable  extent  at  slip  amplitudes  of  less  than 
3  micrometers.  The  tribochemical  reaction  was  initially  observed  at  the  edge  of  the 
contact  region  and  then  progressed  toward  the  center  of  the  contact  zone.  The  reacted 
material  in  the  contact  zone  tended  to  flow  out  of  the  high  pressure  region  to  form. a 
debris  pile-up  outside  of  the  contact  area.  The  wear  ratio  was  found  to  be  4  x  10~10 
rn^/Nm. 


INTRODUCTION 

The  tribology  of  ceramics  and  in  particularly  the  effect  of  small  amplitude 
fretting  (0.1  to  10  micrometers)  on  ceramic  wear  are  important  considerations  in  the 
design  of  bearings  for  future  turbine  engine  applications.  A  certain  amount  of  elastic 
deformation  occurs  during  rolling  bearing  contact  applications  and  this  contributes  to 
slip  which  in  turn  can  be  responsible  for  bearing  failure.  The  initial  aim  of  this 
study  was  to  determine  the  effect  of  slip  on  bearing  life  and  in  particular,  to 
determine  if  there  was  a  critical  slip  amplitude  or  similar  value  that  defined  a  lower 
limit  below  which  no  surface  damage  would  occur.  This  value  represents  a  parameter  that 
could  be  incorporated  In  future  ceramic  bearing  designs.  Other  objectives  included  the 
determination  of  the  effect  of  atmosphere,  number  of  fretting  cycles  and  load  on  the 
small  amplitude  fretting  of  ceramics. 

The  primary  material  investigated  in  this  study  was  silicon  nitride  since  it  is  one 
of  the  most  promising  materials  for  use  in  high  temperature  bearing  applications. 
Previous  studies  have  provided  a  significant  insight  into  the  low  amplitude  slip 
fretting  mechanism  for  metals  and  It  was  felt  that  this  knowledge  would  provide  a  basis 
for  comparison  and  thus  provide  a  greater  understanding  of  the  effect  of  surface 
stresses  on  ceramic  damage  . 

EXPERIMENTAL 

The  configuration  of  the  ceramic  ball  and  flat  that  was  used  in  this  study  is  shown 
in  Fig.  1.  The  ball  specimens  were  grade  5,  12.7  mm  diameter  balls  made  from  either 
Norton's  unlaxlally  hot  pressed  NC-132  or  hot  lsoprussed  N8D-100  silicon  nitride.  The 
flat  specimens  were  in  the  form  of  small  cylinders  8  mm  in  diameter  and  2  mm  in  height. 
The  flat  specimens  made  from  silicon  nitride  were  then  hand  polished  using  a  diamond 
polishing  medium.  Both  the  ball  and  flat  specimens  were  washed  in  boiling  Stoddard 
solvent  and  rinsed  in  petroleum  ether  prior  to  testing.  The  test  specimens  were  then 
Inserted  into  a  fretting  test  rig  producing  the  specimen  configuration  shown  in  Fig.  1 . 
Testing  was  normally  performed  using  an  applied  load  of  88  N.  This  test  rig  which  was 
operated  at  210  Hz,  was  previously  described  ,  Most  conventional  wear  test  devices 
using  a  ball  on  flat  type  of  specimen  arrangement  would  normally  generate  fretting  wear 
by  Imparting  a  linear  oscillatory  motion  to  one  of  two  contacting  specimens  under  load 
conditions.  The  length  of  this  back-and-f orth  displacement  would  be  defined  as  the  slip 
amplitude.  Accurately  reproducing  extremely  small  amplitude  slip  conditions  with  this 
type  of  linear  displacement  would  be  extremely  difficult.  Alternately,  a  similar  type 
of  fretting  motion  can  be  produced  by  using  an  angular  displacement  rather  than  a  linear 
displacement.  Loading  of  a  ball  against  a  flat,  as  shown  in  Fig.  1  produces  a  circular 
Hertzian  contact  region  which  defines  the  actual  damage  or  wear  area.  Under  normal  teat 
conditions,  the  contact  area  would  have  a  radius  of  approximately  0.13  mm.  During 
testing,  the  ball  specimen  is  held  stationary  and  an  oscillatory  twisting  type  of  motion 
through  an  angle,  theta,  is  imparted  to  the  flat  specimen.  The  actual  amount  of  twist 
needed  to  produced  a  slip  amplitude  of  1  micrometer  is  very  small  and  amounts  to  0.007 
rad/microoeter  or  0.4  degree/  micrometer.  This  motion  was  about  the  Z-axis  which  is 
normal  to  and  through  the  center  of  the  ball/flat  contact  region.  The  slip  amplitude  at 
the  edge  of  the  ball/flat  oontaot  area  can  be  easily  calculated  knowing  the  magnitude  of 
the  angle  of  twist  and  the  radius  of  the  contact  area.  The  primary  experimental 
variables  were  the  angle  of  twist  or  slip  amplitude,  the  normal  load  and  the  duration  of 
test.  In  previous  testing,  fretting  specimens  were  analyzed  after  2.3  million  fretting 


cycles.  In  this  study,  the  majority  of  test  specimens  were  analyzed  after  12,600 
fretting  cycles. 

A  typical  wear  scar,  resulting  from  the  oscillatory  torsional  motion  of  a  ball 
against  a  flat,  is  illustrated  in  Fig.  2.  The  outer  diameter  of  the  wear  scar  can  be 
calculated  using  the  Hertz  equations.  The  inner  diameter  would  be  dependent  on  normal 
and  shear  stresses.  This  can  be  illustrated  by  considering  a  ball  resting  on  a  flat 
plate  under  elastically  loaded  conditions.  This  will  produce  a  normal  stress 
distribution  over  the  ball/flat  contact  area.  This  stress  would  be  zero  at  the  edge  of 
the  contact  and  a  maximum  in  the  center.  Application  of  a  shearing  or  twisting  force  to 
the  flat  produces  a  shear  stress  distribution  that  would  have  a  maximum  near  the  edge  of 
the  contact  area  and  a  minimum  in  the  center.  Estimates  of  the  shapes  of  these 
distributions  are  shown  in  Fig.  2.  The  action  of  these  two  opposing  forces  can  produce 
microslip  in  the  Hertzian  contact  region. 

Relative  motion  or  sliding  requires  that  the  applied  shearing  force  must  exceed  the 
product  of  the  static  coefficient  of  friction  and  the  normal  load.  The  inner  dash  lines 
in  Fig.  2  represent  a  radius  which  can  be  defined  as  the  locu3  of  those  points  at  which 
the  ratio  of  the  shear  to  normal  stress  i3  exactly  equal  to  the  static  coefficient  of 
friction.  Thus,  relative  motion  or  sliding  can  only  occur  at  radii  greater  than  the 
inner  radius  shown  in  Fig.  2  or  outside  of  the  inner  dash  line  region.  This  region  is 
referred  to  as  the  slipped  region.  Inside  of  the  dash  lines,  the  converse  will  hold 
true  and  the  shearing  force  will  always  be  less  than  the  product  of  the  normal  stress 
and  coefficient  of  friction  and  thus,  all  motion  will  be  taken  up  elastically.  This  is 
normally  referred  to  as  the  locked  region.  Slip  can  not  be  directly  calculated  along 
the  radius  of  the  wear  scar  using  the  applied  angle  of  twist.  At  the  edge  of  the  locked 
region,  no  motion  can  occur  since  all  applied  motion  will  result  in  elastic  deformation. 
Elastic  deformation  effects  must  also  be  taken  into  consideration  at  all  other  points  in 
the  wear  scar  region  except  at  the  edge  of  the  slipped  region.  At  this  point  the  normal 
stress  is  equal  to  zero  and  no  elastic  deformation  can  occur.  In  this  work,  slip  was 
calculated  at  the  edge  of  the  Hertzian  contact  region. 

RESULTS 

Initial  experiments  were  concerned  with  elucidating  the  fretting  mechanism  for 
silicon  nitride  against  itself  under  small  amplitude  (  0.1  to  10  micrometers  )  slip 
conditions.  Wear  scars  formed  on  silicon  nitride  were  unlike  those  that  were  formed  on 
metals  under  similar  conditions.  Some  of  these  unusual  characteristics  are  shown  in 
Fig.  3.  This  photomicrograph  consists  of  a  series  of  overlays  of  photographs  taken  of 
the  slip  region  on  a  flat  specimen.  The  lower  left  hand  corner  shows  the  undamaged 
locked  region  whereas,  the  upper  right  corner  shows  the  undamaged  ceramic  surface 
outside  of  the  wear  region.  This  wear  scar  was  formed  under  88  N  load  using  an  angle  of 
twist  equal  to  2  micrometers  slip  at  the  edge  of  the  Hertzian  contact  area.  Testing  was 
done  for  3  hours  at  210  Hz.  The  photomicrographs  show  that  the  slip  region  is 
characterized  by  the  formation  of  smooth  grooves  that  start  at  the  edge  of  the  locked 
region  as  extremely  fine  lines  that  increase  in  breath  with  increasing  radial  distance 
from  the  center  of  the  scar.  This  general  trend  in  wear  scar  width  is  reasonable 
because  theory  indicates  that  the  amount  of  slip  would  be  zero  at  the  edge  of  the  locked 
region  and  would  be  a  maximum  at  the  edge  of  the  wear  scar.  At  the  edge  of  the  locked 
region,  the  pressure  would  theoretically  be  great  enough  to  insure  that  all  motion  would 
be  taken  up  elastically.  As  we  increase  in  radial  distance  from  the  edge  of  the  locked 
region,  the  amount  of  slip  would  increase  to  the  calculated  amount  at  the  Hertz  radius 
since  pressure  decreases  with  increasing  radial  distance. 

An  examination  of  Fig.  4  suggests  that  groove  widths  approach  the  applied  slip 
amplitude  (dash  line).  Plots  of  groove  width  as  a  function  of. radial  distance  for  two 
separate  wear  scars  were  made.  A  typical  plot  is  shown  in  Figure  4.  In  both  this  plot 
and  a  plot  of  groove  width  for  a  higher  amplitude  slip,  results  indicated  that  the 
groove  width  is  equal  to  1/2  the  applied  slip  amplitude  at  the  Hertz  radius.  It  had 
previously  been  suggested  that  a  significant  amount  of  applied  slip  would  be  lost  In  the 
moving  mechanical  components  of  the  the  test  rig  when  applied  slip  amplitudes  were 
extremely  small  (4).  This  possibility  was  investigated  by  attaching  a  flag  in  the 
position  where  the  ball  would  normally  touch  the  flat  specimen  so  as  to  measure  actual 
movement  at  the  point.  Under  these  conditions,  the  slip  amplitude  calculated  from  the 
applied  slip  amplitude  was  equal  to  the  measured  slip  amplitude.  These  tests  suggest 
that  this  value  of  0.5  is  real  and  may  be  associated  with  the  thickness  of  the  glassy 
film  that  forms  on  both  the  ball  and  flat  specimen  during  testing.  The  data  points  in 
Fig,  4  are  the  average  of  3  separate  readings.  It  is  difficult  to  determine  the  general 
effect  of  a  decreasing  normal  stress  on  applied  slip  from  this  data. 

The  wear  scar  pattern  shown  in  Fig.  3  requires  slip  amplitudes  greater  than  3 
micrometers  and  total  slip  distances  in  excess  of  1  meter.  The  Initial  Intent  of  this 
investigation  was  to  determine  if  there  was  a  critical  slip  amplitude  that  was 
associated  with  the  onset  of  surface  damage.  Comparison  of  surface  profiles  of  wear 
scars  at  different  slip  amplitudes  indicates  that  significant  surface  damage  did  not 
occur  below  3  micrometers.  Only  extremely  mild  surface  changes,  perhaps  associated  with 
the  build  up  of  a  trlbofllm,  were  observed  in  a  slip  amplitude  range  of  0.1  to  3 
micrometers.  In  a  previous  study  with  metals,  this  mild  surface  damage  appeared  as  a 
dark  staining  on  the  surface  of  the  specimens’’2.  This  mild  damage  was  dependent  on 
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both  slip  ampliltude  and  total  distance  traveled.  For  example,  no  wear  scar  was  observed 
after  testing  at  0.1  micrometer  for  3  hours  but  was  observed  at  6  hours.  From  visual 
observation  of  damage  as  a  function  of  both  total  sliding  distance  and  slip  amplitude, 
it  appears  that  mild  damage  is  dependent  on  both  parameters,  but  it  is  more  dependent  on 
slip  amplitude  than  on  total  sliding  distance. 

The  "sun  burst"  pattern  shown  in  Fig.  3  is  formed  in  a  thin  layer  of  glassy 
material.  The  relative  softness  of  this  layer  is  shown  in  Fig.  5.  This  wear  scar 
contains  several  indentor  marks.  The  type  of  indentor  mark  formed  ouside  of  the  wear 
area  is  shown  in  photo  (B)  and  is  character ized  by  very  sharp  edges.  It  can  be  seen 
that  the  indentor  marks  inside  the  wear  area  (photos  C  and  D)  are  quite  different  and 
are  characterized  by  the  extrusion  of  plastic-like  material  in  the  form  of  thin  sheets 
of  debris.  It  is  interesting  to  note  the  rivulet  pattern  in  photo  D  and  the  presence  of 
loose  debris  in  this  groove.  These  thin  sheets  of  debris  were  then  lifted  from  the 
surface  using  a  plastic  film  technique  and  analyzed  using  TEM.  Analysis  of  the  energy 
loss  spectrum  indicated  the  presence  of  silicon  and  oxygen.  Nitrogen  was  not  detected. 
This  suggests  that  the  material  covering  the  slip  region  was  a  form  of  silicon  oxide. 

The  development  of  this  trlbofilm  appears  to  be  associated  with  a  tr ibochemical 
reaction  occurring  at  the  edge  of  the  Hertzian  contact  area.  The  way  in  which  this  was 
determined  was  unusual.  Three  dimensional  maps  of  the  wear  scar  developed  from  multiple 
surface  profiles  using  a  surface  contacting  or  stylus  type  instrument  are  shown  in  Fig. 

6  for  different  wear  scars  formed  at  ^.^8  micrometers  slip  but  tested  for  varying 
periods  of  time.  The  short  1  minute  test  shows  the  development  of  two  circular  mounds 
of  debris  without  any  indications  of  debris  removal  from  the  surface.  The  runs  at  10 
minutes  and  180  minutes  showed  the  expected  wear  track  that  defines  the  slip  region. 

This  build-up  phenomena  was  also  found  in  a  wear  scar  at  2  micrometers  slip  for  10 
minutes.  Surface  contours  were  then  determined  on  these  same  specimens  using  an  optical 
laser  based  system.  The  surface  profile  obtained  using  the  optical  method  on  the  same 
specimen  shown  in  photograph  (A)  of  Fig.  6  showed  the  expected  groove  rather  than  a 
debris  pile-up.  This  optical  data  is  compared  with  the  stylus  based  data  in  Fig.  7. 

This  difference  was  at  first,  very  surprising  and  both  surface  profiling  instruments 
were  re-evaluated  and  found  to  be  accurate.  One  logical  explaination  for  the  apparent 
difference  in  surface  profiles  would  be  that  the  wear  process  initially  involves  the 
development  or  growth  of  a  transparent  tr ibochemical  film  around  the  edge  of  the  ball 
flat  contact  region.  The  groove  shown  in  the  optical  surface  tracing  would  not  be 
detected  by  the  stylus  measuring  system  since  it  is  filled  with  material  or,  conversely, 
the  transparent  material  filling  the  groove  would  be  invisible  to  the  optical  surface 
profiling  equipment.  As  the  wear  process  proceeds,  large  particles  of  debris  are  broken 
down  in  the  slip  region  and  extruded  out  to  the  outer  edge  of  the  contact  area.  This 
debris  is  in  the  form  of  3tring-llke  material  in  the  contact  region.  Near  the  low 
pressure  edge  of  the  contact  region,  the  debris  breaks  down  to  small  spherical  particles 
that  either  maintain  their  shape  or  coalesce  into  a  partially  transparent  glassy 
material  that  can  form  a  lip  around  the  wear  scar. 

At  higher  amplitude  slip,  the  wear  process  appears  to  be  characterized  by  formation 
of  a  tribochemical  layer  followed  by  a  general  wearing  away  of  the  surface  from  the 
outside  edge  in  towards  the  locked  region.  At  very  low  amplitude  slip,  the  mechanism 
might  be  somewhat  different.  Photomicrographs  of  the  slip  region  formed  by  slip 
amplitudes  less  than  1  micrometer  suggest  delamination  of  thin  surface  flakes  of 
material  approximately  10  micrometers  in  length.  This  may  be  due  to  the  presence  of  a 
thin  tribochemical  film  less  than  1  micrometer  in  thickness  on  the  wear  surfaces  of  both 
the  ball  and  flat  specimen. 

The  principal  aim  of  this  investigation  was  to  determine  the  effect  of  slip 
amplitude  on  the  fretting  of  silicon  nitride  components.  In  addition,  we  were 
interested  In  the  degree  of  surface  damage  under  fretting  conditions.  Wear  ratios, 
calculated. from  wear  volume  data,  were  2  x  10"  at  1  and  10  minutes  and  then  decreased 
to  6  x  10”  '  nr/Nm  at  180  minutes.  This  decrease  in  the  wear  ratios  with  time  would  be 
expected  since  the  pressure  distribution  would  change  as  the  amount  of  debris  removed 
from  the  slip  region  increased.  After  extended  testing,  the  pressure  distribution  would 
change  so  that  the  entire  load  would  be  supported  by  the  locked  region.  In  terms  of 
wear  rate,  this  value  would  be  about  2  orders  of  magnitude  lower  than  the  commonly 
report  value3'  but  this  is  probably  due  to  test  conditions  which  involve  a  pressure 
distribution  rather  than  an  applied  load,  a  slip  amplitude  dependent  on  radial  distance 
and  the  exclusion  of  atmosphere  from  the  wear  track. 

CONCLUSIONS 

From  the  results  of  our  experiments,  the  following  conclusions  can  be  drawn. 

_ - 6 ( 1 4  The  wear  ratio  for  silicon  nitride  fretting  was  found  to  be  approximately  2  x 
10“  nr/Nm  or  about  two  orders  of  magnitude  less  than  that  reported  for  sliding  wear. 

(2)  Although  wear  scars  were  formed  at  slip  amplitudes  less  than  0.1  micrometers, 
surface  profile  measurements  indicated  that  3  micrometers  represents  a  critical  slip 
amplitude  for  silicon  nitride  in  that  slip  amplitudes  greater  than  this  were  required 
for  significant  surface  damage  or  measurable  wear  volumes. 
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(3)  Slip  amplitudes  of  about  1  micrometer  can  produce  delamination  of  very  thin 
flakes  of  material  from  the  surface  of  silicon  nitride  specimens  in  the  "as  received" 
condition.  This  is  an  important  consideration  in  the  use  of  ball  specimens. 


(4)  The  initial  step  in  the  fretting  wear  of  silicon  nitride  involves  a 
tr ibochemical  reaction  to  form  a  silicon  oxide  glassy  layer.  This  glassy  material  was 
found  to  cover  the  entire  wear  track. 
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WEAR  AREA 

(DUE  TO  RELATIVE 
MOTION  OF  FLAT  WITH 
RESPECT  TO  BALL  IN 
THE  HERTZIAN  CONTACT 
AREA) 


BALL  SPECIMEN 

(BALL  SPECIMEN  IS  HELD 
STATIONARY  DURING  TESTING) 


FLAT  SPECIMEN 

(FLAT  SPECIMEN  IS  SUBJECTED 
TO  AN  OSCILLATORY  MOTION 
ABOUT  THE  BALL/FLAT  PIVOT 
POINT) 


Figure  1.  Specimen  configuration  and  motion. 
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Figure  H.  Width  of  wear  scar  grooves  as  a  function  of  radial  distance. 


Figure  5.  Indentor  marks  In  wear  scar  region 
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SUMIAXT 

The  high  sensitivity  of  titaniun  alloys  to  fretting  fatigue  has  to  be  taken  into  account  when  oscillatory 
relative  notion  occurs  in  joints  of  fatigue  loaded  components,  e.g.  in  the  connection  of  the  disc  with  the 
blades  in  compressors  of  aircraft  engines.  Against  this  background  fretting  fatigue  behaviour  of  Ti-6Al-4V 
vas  Investigated  at  rooa  temperature  and  service  temperature  (350*C)  as  veil  by  testing  flat  specimens  un¬ 
der  fatigue  loading  and  simultaneous  fretting  applied  by  a  special  fretting  apparatus. 

The  results  show  a  complex  system  of  parameters  affecting  fretting  fatigue  resistance:  Fretting  fatigue 
resistance  decreases  with  increasing  contact  pressure  and  increasing  amplitude  of  slip,  down  to  a  certain 
limit  value  for  each.  Other  parameters  investigated  here  are  surface  finish  and  stress  ratios.  The  lowest 
value  of  fretting  fatigue  limit  found  in  this  work  vas  about  20*  of  the  original  fatigue  limit  of  the  un¬ 
fretted  material.  Elevated  temperature  (350°C),  however,  had  little  additional  detrimental  effect. 

Among  several  methods  to  improve  fretting  fatigue  resistance,  shot  peening  and  coating  are  also  employed  in 
compressor  components.  By  shot  peening  the  fretting  fatigue  limit  could  be  increased  by  more  than  a  factor 
of  two,  by  coating  vith  PVD  systems  by  nearly  a  factor  of  two. 

LIST  OF  SYMBOLS 


P: 

F.: 

T*'- 

tu* 

N: 

S' 

l  Dfnaxcnoi 

Fretting  Is  defined  in  [1]  to  stand  for  "wear  phenomena  occurring  between  two  surfaces  having  oscillatory 
relative  notion  of  snail  amplitude".  Fretting  can  produce  damage  by  fretting  wear  or  fretting  corrosion. 

Fretting  fatigue  scans  "the  c cabined  action  of  fretting  and  fatigue,  a  situation  where  the  actual  wear  da¬ 
mage  can  be  slight"  [1],  but  the  fatigue  resistance  can  decrease  considerably,  down  to  about  10%  of  the 
original  values  in  extreae  cases  t 1—5 ] . 

Die  sensitivity  to  fretting  fatigue  is  specific  for  a  certain  material,  i.e.  different  materials  are 
sensitive  to  fretting  fatigue  to  different  degrees.  Coapared  to  many  other  aetals,  titanium  alloys  have 
been  shown  to  be  especially  sensitive,  in  contact  with  materials  of  the  sane  type,  as  well  as  in  contact 
with  other  metals.  This  sensitivity  results  in  a  considerable  decrease  of  fatigue  resistance  due  to  frett¬ 
ing. 


"strain  length",  characteristic  length  of  fretting  assembly  influ¬ 
encing  amplitude  of  slip 
claaplng  pressure,  nominal  contact  pressure 
relative  clamping  pressure 
aaplitude  of  slip 
amplitude  of  fatigue  load 
mean  load 
clawing  force 
number  of  cycles  to  failure 
ultimate  mmtoer  of  cycles 
stress  ratio, 

amplitude  of  fatigue  stress 
maxim*  fatigue  stress 
minimum  fatigue  stress 


This  situation  has  to  be  taken  into  account  when  titanium  alloys  are  used  for  producing  fatigue  loaded 
components  where  fretting  can  also  occur.  In  consideration  of  the  specific  advantages  of  titanium  alloys  - 
high  strength  and  low  density  -  efforts  are  made  to  ij^rove  the  fretting  fatigue  resistance  in  order  to 
extend  the  applicability  of  these  alloys. 

An  important  application  of  titanium  alloys  are  components  of  aircraft  engines.  Since  the  service  tem¬ 
perature  of  titanium  alloys  is  limited  (300‘C  to  4S0"C)  depending  on  the  type  of  alloy,  compressor  coe^jo- 
nents  are  produced  from  titanium  alloys.  Shaft-hub  connections,  bolted  joints,  and,  above  all,  the  joints 
of  the  rotating  discs  with  the  blades  are  subject  to  fretting  fatigue  loading  [6-6). 

Figure  1  shows,  schematically,  the  dovetail  of  a  cc^retsor  blade  where  fretting  fatigue  damage  has  been 
observed  (7).  The  contact  pressure  results  from  the  centrifugal  force,  the  slip  and  fatigue  loading  are 
traduced  by  the  flutter  of  the  bladss  in  thm  gas  stream. 


The  problem*  described  above  and  the  actual  damage  were  the  reason  for  the  following  investigations.  The 
ala  waa  to  iaprove  the  understanding  of  the  complex  mechanism  of  fretting  fatigue  and  to  look  for  measures 
to  improve  fretting  fatigue  resistance  of  titanium  alloys. 
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Test  material  for  the  following  experimental  investigations  was  Ti-6A1-4V,  the  most  frequently  used  tita¬ 
nium  alloy.  Tests  were  carried  out  at  room  ten*>erature  and  at  elevated  temperature  as  well.  According  to 
the  service  conditions  the  elevated  test  temperature  was  chosen  to  be  350°C. 


2  BXFERDBfAL  INVESTIGATIONS 

2.1  MRBCD6 


The  complexity  of  stressing  and  damaging  mechanism  in  fretting  fatigue  in  connection  with  the  multiple 
affecting  factors  prevent  analytical  solutions  of  the  actual  problems  [3,  9,  10].  Therefore  most  of  the 
fretting  fatigue  research  work  puts  the  main  enphasis  on  experimental  work. 

Compared  to  the  actual  situation  in  service  the  experimental  procedures  have  to  be  simplified  in  order  to 
be  able  to  define  and  to  vary  parameters  and  to  obtain  reproducible  test  results.  A  survey  of  various  ex¬ 
perimental  methods  and  test  setups  is  given  in  [1]  and  (11],  some  special  additional  arrangements  are 
described  in  [12-14]. 

The  assembly  shown  in  Figure  2  was  used  in  numerous  test  series,  e.g.  in  [3,  4,  7,  15-19],  due  to  its 
sixple  design,  facilitating  the  systematic  variation  of  contact  pressure  and  slip  amplitude.  Fretting  pads 
shaped  similar  to  a  bridge  are  clamped  to  the  fatigue  loaded  flat  specimen.  The  slip  amplitude  develops 
from  the  relative  motion  between  specimen  and  fretting  pads  caused  by  the  cyclic  elongation  of  the  flat 
specimen  during  fatigue  loading.  The  slip  amplitude  can  be  varied  within  certain  limits  by  varying  the 
length  2a  of  the  bridge. 

This  "bridge"  assembly  may  have  an  -  at  least  theoretical  -  disadvantage:  since  the  position  of  the  bridge 
in  the  axial  direction  is  not  fixed,  it  is  not  absolutely  sure  that  the  relative  motion  of  all  four  contact 
points  will  be  equal  and  will  occur  simultaneously.  One  contact  point  might  weld  and  prevent  motion  in  this 
point.  This  would  double  the  slip  anplitude  in  the  other  contact  point  of  the  bridge,  in  consequence  the 
scatter  of  results  might  increase  and  reproducibility  and  comparability  of  results  might  be  reduced. 

To  avoid  such  possible  effects  a  modified  test  assembly  was  used  for  the  majority  of  the  tests.  This 
modified  assembly,  shown  in  Figure  3,  has  oily  one  contact  point  on  each  side  of  the  specimen  so  that  slip 
can  occur  only  here.  The  slip  amplitude  can  be  varied,  similar  to  the  bridge  assembly,  by  varying  the 
length  of  the  arms. 

To  anticipate  one  result  of  the  following  tests:  under  the  given  conditions,  the  "bridge"  assembly  supplied 
results  of  a  quality  similar  to  the  modified  assembly. 

2.2  SPECIMENS  AM)  FRETTING  PADS 

Flat  specimens  as  shown  in  Figure  4  were  chosen  for  the  fretting  fatigue  tests  with  the  fretting  system 
shown  in  Figure  5.  This  system  contains  fretting  pads  with  a  cylindrical  fretting  area  mounted  in  the 
supporting  "bridged  cf.  Figure  2,  or  "arm",  cf.  figure  3,  of  the  respective  fretting  assembly.  The  cylin¬ 
drical  shape  of  the  fretting  area  was  chosen  to  avoid  edge  effects.  The  contact  surface  of  the  pads  was 
machined  by  precision  turning  and  polished  with  fine  abrasive  paper  resulting  in  a  roughness  R,  of  approxi¬ 
mately  0.5  tm. 

The  surface  finishing  of  the  flat  specimens  was  varied  for  the  jxirpose  of  evaluating  the  effect  on  fretting 
fatigue  resistance,  cf.  chapter  2. 6. 1.3  and  2.7.2. 

2.3  TEST  SETUP 

The  main  components  of  the  test  assembly  are  the  loading  frame  with  electronic  load  cell  for  measuring  the 
clamping  force,  and,  for  the  tests  at  elevated  temperature,  the  surrounding  heating  chamber  fed  with  hot 
air  from  a  heater  fan,  see  Pique  6.  The  test  temperature  was  measured  and  controlled  via  thermo-couples  on 
the  specimen  surface.  This  assembly  was  mounted  in  an  electro-mechanical  resonance  machine,  loading  the 
flat  specimen  in  axial  direction. 


2.4  VBSt  MATERIAL 


Flat  specimens  and  fretting  pads  were  machined  from  a  7  ■  thick  plate  of  Ti-6Al-4V  in  the  annealed  condi¬ 
tion.  Chemical  composition  and  characteristic  mechanical  properties  are  compiled  in  the  Tables  1  and  2. 

2.5  TEST  raOCHUKE 

Moat  of  the  fretting  fatigue  tests  were  carried  out  at  a  fatigue  stress  ratio  of  R  -  0.1.  Test  frequency 
was  about  150  Hz.  The  test  te^erstures  were  chosen  to  be  room  temperature  and  350*c. 

The  fretting  pads  were  clamped  to  the  flat  specimen  with  defined  constant  force.  The  nominal  contact  press¬ 
ure  was  calculated  from  the  clawing  force  and  the  area  of  the  fretting  scar  measured  on  the  pads  after  the 
test. 

Due  to  the  cylindrical  surface  of  the  pads  the  contact  is  theoretically  line  shaped  at  the  very  beginning 
of  the  test.  It  was  observed,  however,  that  a  plane  contact  area  was  formed  due  to  abrasive  wear  in  a  very 
short  time.  Continuing  the  test,  this  area  is  enlarged  more  and  more  slowly,  so  that  contact  pressure  may 
be  regarded  to  be  approximately  constant  during  most  of  the  test  duration. 

Evaluation  of  contact  area  would  be  problematic,  even  if  pads  with  plane  contact  surface  were  used:  the 
actual  contact  area  is  different  from  the  nominal  area  in  the  most  cases,  at  least  in  the  first  test  pe¬ 
riod. 


In  all  tests  the  claaping  pressure  p  ms  related  to  the  ailiia  fatigue  stress,  and  this  ratio  p/»„,  ms 
introduced  as  a  paraaeter. 


2.6  RESULTS 

2.6.1  BASIC  CTTBCTS  ON  FRETTING  FATIGUE  RESISTANCE 

2.6.1. 1  OAHFING  PRESSURE 

The  S-N-lines  in  Figure  7  demonstrate  the  effect  of  claaping  pressure  (ncainal  contact  pressure)  on  frett¬ 
ing  fatigue  resistance. 

By  increasing  the  claaping  pressure  the  fretting  fatigue  strength  is  continuously  reduced  down  to  a  certain 
lower  limit,  which  obviously  is  reached  at  a  relative  clawing  pressure  p/*aai  of  approximately  0.4.  The 
individual  results,  oaitted  in  Figure  6,  show  a  rather  saall  scatter. 

The  relation  between  fretting  fatigue  strength  and  clawing  pressure  is  illustrated  in  Figure  8.  shewing 
the  fretting  fatigue  limit  at  10’  cycles  depending  on  the  relative  clawing  pressure.  It  can  be  seen  more 
clearly  in  this  diagram,  that  beyond  a  certain  limit  of  relative  clasping  pressure  (approximately  0.4  in 
this  actual  case)  the  fretting  fatigue  strength  will  not  be  reduced  further.  For  siailating  the  worst  con¬ 
ditions  all  the  following  tests  were  carried  out  with  a  relative  clawing  pressure  of  approximately  0.4. 

2.6. 1.2  AMPLITUDE  OP  SUP 

The  amplitude  of  slip  is  influencing  the  fretting  fatigue  strength  to  a  degree  similar  to  the  influence  of 
contact  pressure.  The  parameter  in  Figure  9  is  the  distance  between  the  contact  pointa  at  the  "bridge" 
assembly  (Figure  2)  or  the  atm  length  of  the  modified  assembly  (Figure  3). 

The  amplitude  of  slip  depends  essentially  on  this  length  "a",  but  in  addition  depends  on  the  fatigue  stress 
amplitude,  an  the  clamping  pressure,  and  on  the  coefficient  of  friction. 

Figure  10  shows  the  dependency  of  the  fretting  fatigue  limit  at  10’  cycles  on  the  slip  amplitude,  measured 
in  the  ti rst  period  of  the  fretting  fatigue  test  or  extrapolated  from  measurements.  Even  if  the  slip  ampli¬ 
tude  is  not  constant  during  the  test  (due  to  the  probably  changing  coefficient  of  friction)  this  represen¬ 
tation  leads  to  the  conclusion  that  also  a  limit  value  of  slip  solitude  exists  beyond  which  the  fatigue 
strength  -  under  constant  '>ther  conditions  -  will  not  decrease  further. 

The  results  confirm  the  complexity  of  the  problem  "fretting  fatigue"  and  the  interaction  of  different  fac¬ 
tors  with  synergetic  effects.  Figures  11  and  12  demonstrate,  for  example,  the  interaction  of  slip  axplitude 
and  claaping  pressure:  In  spite  of  a  relatively  big  slip  axplitude  producing  severe  abrasive  wear  the  fati¬ 
gue  strength  is  hardly  reduced  If  the  claaping  pressure  is  low,  Figure  11.  In  contrast  to  this.  Figure  12 
shows  that  high  clamping  pressure  and  a  saall  slip  axplitude  produce  very  little  abrasive  wear  but  have  an 
extremely  detrimental  effect  on  fatigue  strength. 

2.6.1. 3  SURFACE  rlNISUNG 

The  different  fretting  fatigue  resistance  of  specimens  with  a  milled  surface  (R,  «  0.8  m )  and  those  with  a 
ground  surface  (R,  «  0.6  im) ,  already  visible  in  Figures  8  and  10,  is  demonstrated  more  extensively  in 
Figure  13.  The  ground  specimens  always  show  lower  fretting  fatigue  resistance  compared  to  the  milled  speci¬ 
mens  under  equal  other  conditions. 

Trying  to  interpret  this  difference,  at  least  two  interacting  effects  have  to  be  taken  into  consideration: 
The  higher  friction  forces  measured  in  the  first  test  period  on  ground  specimens  and  the  less  favourable 
residual  stresses  near  the  surface.  Measuring  residual  stress  near  the  surface  by  radiography  resulted  in 
compressive  stresses  with  maxiarm  values  of  500  MPa  on  the  milled  specimens,  but  only  200  MPa  on  the  ground 
specimens,  cf.  Figure  19.  It  is  well  known  (7,20]  that  grinding  can  also  produce  residual  tensile  stresses. 

2.6.1. 4  STRESS  RATIO 

The  effect  of  stress  ratio  on  fretting  fatigue  resistance  was  checked  with  one  test  series  at  R  -  0.5.  A 
considerable  effect  was  only  found  at  low  numbers  of  load  cycles,  the  effect  at  high  numbers  is  negligible, 
see  Figure  14. 

2.6. 1.5  TMMHaaORE 

Fatigue  and  fretting  fatigue  resistance  of  Ti-6A1~4V  are  obviously  less  affected  by  elevated  temperatures 
of  up  to  350*C,  see  Figure  15.  An  interesting  result  Is  the  increase  of  the  fretting  fatigue  limit  at  high 
maters  of  cycles  In  the  case  of  the  ground  specimens  at  350*C  compared  to  room  temperature.  Obviously,  the 
fretting  conditions  can  be  improved  in  special  cases  at  elevated  temperature,  probably  due  to  changing  tri¬ 
bologic  conditions.  Relaxation  of  residual  stresses  should  still  be  e  secondary  effect  at  this  temperature 
121). 

2.6.2  FRACTURE  APPEARANCE 

Fretting  fatigue  failure  ie  induced  by  local  damage  in  the  contact  tone,  small  cracke,  propagating  first  in 
oblique  orientation  to  the  surface,  develop  from  such  damage.  One  or  several  of  these  small  cracks  propa¬ 
gate  during  cyclic  loading,  change  to  a  direction  normal  to  the  cyclic  load  direction  (1,9,15]  and  finally 
cause  failure. 

A  typical  crack  origin  and  tha  first  part  of  the  corresponding  fracture  surface  ere  shown  in  a  longitudinal 
section  in  Figure  16  and  in  an  SEM  fractograph  in  Figure  17 ■  In  parallel  to  the  dominating  crack  aacondary 
cracks  can  alto  be  seen.  Part  of  the  fretting  debris,  oxidised  by  tribo-chemical  reactions,  remains  on  tha 
fracture  surface,  tee  Figure  16. 
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Fretting  fatigue  resistance  is  essentially  determined  by  the  mechanism  of  crack  initiation  and  propagation 
in  the  first  phase.  As  soon  as  the  crack  reaches  a  certain  depth  its  propagation  rate  will  depend  only  on 
the  effective  fatigue  stress  intensity  factor  range  and  no  longer  on  the  fretting  conditions  at  the  sur¬ 
face.  In  this  phase  the  high  stress  concentration  at  the  crack  tip  will  result  in  continuous  crack  propa¬ 
gation  even  under  canparatively  low  stress  amplitudes. 

Following  current  interpretation,  crack  initiation  and  propagation  in  the  first  phase  are  governed  by 
multi axial  stresses  in  the  surface  area.  The  compressive  stress  due  to  the  clamping  pressure  and  the 
tensile  and  shear  stresses  caused  by  the  frictional  force  are  superimposed  on  the  stress  produced  directly 
by  the  fatigue  load.  The  shear  stress  component  is  claimed  to  be  the  most  effective  factor  (18,22). 

2.7  MEANS  TO  IMPROVE  FRETTING  FATIGUE  RESISTANCE 

2.7.1  GENERAL 

Following  the  current  interpretation  that,  as  described  above,  the  multiaxial  stress  in  the  surface  area  is 
decisive  for  failure  initiation,  two  alternative  methods  of  improving  fretting  fatigue  resistance  are  con¬ 
ceivable  in  principle: 

-  increase  of  allowable  stress  by  improving  material  properties  which  affect  strength  in  the  surface  area 

-  Reduction  of  effective  stress.  Service  loads,  i.e.  fatigue  load  and  clanging  load,  seldom  can  be  reduced. 
What  remains  is  to  reduce  the  frictional  force  by  reducing  friction  coefficient  and  adhesion  respectively. 

An  effective  method  for  increasing  the  allowable  stresses  of  components  is  to  generate  residual  compressive 
stresses  and  strain  hardening  effects  in  the  critical  surface  area  by  plastic  deformation  [23].  From  several 
different  methods  applied  in  practice,  shot  peening  stands  out  because  of  flexible  handling  and  applicabili¬ 
ty  also  for  cooponents  with  complicated  shape.  The  method  also  could  be  employed  for  local  treatment  of  com¬ 
pressor  blades. 

Another  possible  method  is  coating.  An  ideal  coating  would  supply  increased  strength  of  the  surface  area  and 
reduced  friction  and  wear,  covering  in  this  way  both  alternative  principle  methods  mentioned  above.  Coating 
also  in  principle  is  applicable  for  compressor  blades. 

Other  methods  to  reduce  friction  -  use  of  liquid  or  solid  lubricants  or  intermediate  layers  -  would  not  be 
applicable  in  discblade  connections  or  would  require  modifications  in  design. 

2.7.2  SHOT  PEENING 

The  positive  effect  of  shot  peening  on  fretting  fatigue  resistance  at  room  temperature  was  demonstrated  for 
several  applications  (7,24).  The  following  results  include  results  from  tests  at  elevated  temperature  in 
addition. 

The  flat  specimens.  Figure  4,  were  shot-peened  over  the  gage  length.  For  optimizing  peening  parameters  the 
shot  size  and  Almen  intensity  were  varied.  Coverage  was  100%  in  all  cases.  According  to  the  results  of  these 
optimization  trials,  see  Figure  18,  peening  shot  MI  110  h  and  an  Almen  intensity  of  0.24  mm  A2  were  choosen 
for  preparing  the  specimens  for  the  following  tests.  Measuring  residual  stress  distribution  by  radiography, 
see  Figure  19,  resulted  in  maximjm  compressive  stress  of  approximately  750  MPa  near  the  surface. 

The  tests  on  specimens,  shot-peened  with  optimized  peening  parameters,  resulted  in  a  considerably  improved 
fretting  fatigue  resistance,  see  Figure  20.  The  fretting  fatigue  limit  at  107  cycles  was  improved  by  more 
than  a  factor  of  two  compared  to  the  untreated  milled  specimens.  That  means  a  level  of  about  70%  of  the 
original  fatigue  limit  can  be  reached  under  fretting  conditions  by  shot-peening. 

Residual  stresses  can  be  relaxed  when  local  yield  strength  is  approached  by  the  service-induced  stresses. 
Additional  tests  with  elevated  mean  stress  at  R  -  0.33  and  R  -  0.5  gave  no  indication  for  a  beginning 
relaxation:  The  decrease  of  the  allowable  stress  amplitude  due  to  the  increased  mean  stress  is  similar  to 
untreated  specimens  with  and  without  fretting  as  well,  see  Haigh  diagram  in  Figure  21. 

Figures  22  and  23  show  the  appearance  of  the  shot-peened  surfaces  and  fretting  scars  of  specimens  failed  in 
fretting  fatigue  tests . 

2.7.3  COATING 

In  cooperation  with  MU  several  types  of  coatings  were  chosen  for  fretting  fatigue  tests  from  the  following 
points  of  view: 

-  applicability  for  compressor  co^onents 

-  good  results  from  fretting  wear  tests  or  fretting  fatigue  spot  checks 
(7,16,24,25) 

Galvanic  copper  coatings  and  other  copper  containing  coatings  showing  favourable  results  in  previous  MTU 
tests  (16)  ««re  not  investigated  further  in  this  work.  The  practical  use  of  copper  coatings  would  be  pro¬ 
blematic  anyway  because  of  a  possible  detrimental  effect  of  abraded  copper  particles  on  high-teeperature- 
resistant  alloys  in  the  hot  turbine  parts. 


The  test  programme  included  different  types  of  other  coatings.  In  any  case  the  flat  specimens  were  coated, 
and  partly  the  fretting  pads  as  well.  The  following  coatings  were  investigated: 

-  Nickel  diffusion  layer  applied  by  electroplating.  Thickness  appr.  50  v m,  hardness  500  to  1000  HV  0.025. 
Fretting  pads  were  uncoated. 

-  Cobalt  chromium  oxide  (Co+Cr203)  dispersion  coating,  consisting  of  a  Co-aatrix  applied  by  electroplating, 
with  embedded  solid  Cr203  particles  with  2  to  5  pm  grain  size.  Thickness  appr.  15  pm,  hardness  appr.  450 
HV  0.025.  Fretting  pads  were  uncoated. 

-  Two  types  of  PVD  (Physical  Vapour  Deposit)  titanium  nitride  coatings,  one  applied  in  a  thickness  of  appr. 
5  pm  by  ion  plating,  the  other  by  high  performance  sputtering  in  a  thickness  of  appr.  2  pm  on  an  interme¬ 
diate  layer  from  pure  titanium.  Hardness  of  both  types  was  500  to  600  HV  0.025.  Fretting  pads  were  partly 
coated,  partly  uncoated. 

-  PVD  chromium  nitride  (CrN)  coating,  applied  by  high  performance  sputtering.  Thickness  appr.  10  pm,  hard¬ 
ness  appr.  1000  HV  0.025.  Fretting  pekis  were  coated  as  well. 

-  Two  other  PVD  coatings:  A  titanium  carbo-nitride  system  (TiCN)  and  a  titanium  aluminium  nitride  (TiAlN) 
system.  Thickness  appr.  5  pm  each.  Pretting  pads  were  coated  as  well. 

From  all  these  coatings  only  three  did  improve  fretting  fatigue  resistance  at  room  temperature  and/or  350°C 
cellared  to  the  untreated  material: 

-  the  CrN  coating 

-  the  ion  plated  TiN  type  (pads  coated  as  well) 

-  the  (Co+Cr203)  dispersion  coating 

Figures  24  and  25  shew  the  degree  of  improvement.  The  best  results,  achieved  with  the  CrN  coating  at  350°C, 
nearly  doubled  the  fretting  fatigue  limit  compared  to  the  untreated  material.  The  level  of  the  shot-peened 
specimens,  however,  could  not  te  reached. 

An  interesting  result  is  the  increase  of  fretting  fatigue  resistance  at  elevated  temperature,  compared  to 
RT,  measured  on  these  coating  systems.  Different  factors  can  be  responsible  for  this  effect:  Obviously  the 
fretting  conditions  can  be  improved  at  elevated  temperatures  by  reducing  friction  coefficient  and  adhesive 
wear.  In  the  case  of  the  (Co+Cr203  )  coating  an  orientated  oxide  developing  at  elevated  teoperature  is  supp¬ 
osed  to  have  such  a  beneficial  effect  [25,26],  The  fretting  zone  appears  smooth  and  shining.  Figure  26.  The 
specimens  coated  with  CrN  present  a  relatively  smooth  fretting  zone  as  well  with  only  a  few  wear  scars. 
Figure  27. 

Another  positive  effect  is  probably  the  increase  of  ductility  in  same  coatings.  Early  initiation  of  cracks 
due  to  stress  concentrations  can  be  avoided  or  hindered  if  the  coating  is  able  to  relax  by  local  plastic 
deformation. 

If  fatigue  stress  and  clasping  pressure  exceed  a  certain  level  abrasive  or  adhesive  wear  will  increase  and 
cracks  will  be  initiated,  see  Figures  28  to  31. 

High  contact  pressure  and  shear  stress  also  produce  plastic  cyclic  deformation  in  ductile  coatings,  Figures 
28  and  29.  In  less  ductile  coatings  the  first  stage  of  damage  are  multiple  cracks,  as  can  be  seen  in  Figures 
32  and  33. 

The  reasons  why  the  other  coatings  failed  at  rather  low  stress  are  different:  Seme  coatings,  e.g.  the  nickel 
diffusion  coating,  are  too  brittle  and  failed  by  early  crack  initiation,  other  coatings  had  insufficient 
wear  resistance  and  were  removed  rapidly. 

2.7.4  SOMMUZED  RESULTS 

The  main  results  achieved  with  methods  for  proving  fretting  fatigue  resistance  a6  described  above  are  com¬ 
piled  in  Figure  34,  demonstrating  that  shot  peening  is  superior  to  the  coatings  investigated  here.  But  by 
coating  the  fretting  fatigue  limit  could  also  be  improved  by  nearly  a  factor  of  tw>  compared  to  the  un¬ 
treated  material. 


3  CCWCLOBiaC 

The  fretting  fatigue  mechanism  is  very  complex  and  still  difficult  to  analyse. 

Fatigue  behaviour  under  multi axial  stress  (crack  initiation,  crack  propagation),  tribological  conditions 
(friction,  v«ar )  and  chemical  reactions  (oxidation)  have  to  be  regarded  as  well.  All  efforts  to  improve 
fretting  fatigue  resistance  have  to  consider  this  situation. 

The  investigations  described  above  demonstrate  that  promising  methods  to  throve  fretting  fatigue  resistance 
of  H-6A1-4V  for  application  in  compressor  components  of  aircraft  engines  can  be  developed.  Both  basic  meth¬ 
ods  investigated  here  -  shot  peening  and  coating  -  have  special  characteristics  to  be  judged  specifically 
for  each  individual  case.  One  important  aspect  is  the  reliability  which  dwmwndf  uniform  quality  since  even  a 
single  defect  may  initiate  a  fatigue  crack  resulting  in  failure. 


Tins  research  work  has  been  supported  by  a  grant  of  the  Ministry  of  Reseach  and  Technology  (BMFT)  of  the 
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Table  1:  Chemical  composition  of  Ti -6A1 -4V.  Table  2:  Basic  mechanical  properties 

Values  from  producer's  certificate. 


Figure  1:  Dovetail  of  a  compressor  blade  Figure  2:  "Bridge"  assembly.  Figure  3:  Modified  assembly, 
with  fretting  fatigue  damage  schematically  schematically 


Figure  4:  Flat  specimen 


Figure  5:  Fretting  system 


Fretting  fatigue  limit  (amplitude)  <J4  — —  Stress  amplitude 


Heating  chamber 


Figure  6: 

Test  setup  (left  half  of 
heating  chamber  removed) 
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Figure  7: 

Effect  of  clamping  pressure 
on  fretting  fatigue  resistance 


Cycles  to  failure 


Figure  8: 

Fretting  fatigue  limit  at  10'  cycles  in 
dependency  on  relative  clamping  pressure 
Parameter:Surface  finishing  of  flat  specimens 
(mi lied  and  around) 


relative  clamping  pressure  p/o, 
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Figure  9: 

Effect  of  length  "a" 

(cf.  Figs.  2  and  3)  which  is 
directly  proportional  to  the 
slip  amplitude  on  the 
fretting  fatigue  resistance. 
a=3  and  12mm:  "bridge"  assembly, 
a=23  and  43nm:  modified  assembly 


Figure  10: 

Fretting  fatigue  limit  at  101  cycles 
in  dependency  on  the  slip  amplitude 
Parameter:Surface  finishing  of  flat 

specimens  (milled  and  ground) 
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Figure  16:  Fracture  In  milled  specimen, 
tested  at  RT. 

Longitudinal  section. 


Figure  17:  Fretting  zone  with  fracture 
origin  and  secondary  cracks. 
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Figure  20: 

Fretting  fatigue  resistance 
of  shot-peened  specimens. 
Peening  parameters  optimized. 
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Figure  22:  Shot-peened  surface 

with  fretting  scar  and  fracture 
origin. 

Specimen  tested  at  RT 


Figure  23:  Shot-peened  surface 

with  fretting  scar  and  fracture 
origin. 

Specimen  tested  at  350°C 


Figure  24: 

Fretting  fatigue  resistance 
of  coated  specimens  at 
room  temperature 
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Figure  25: 

Fretting  fatigue  resistance 
of  coated  specimens  at  350°C 


Figure  26:  (Co+Cr^Oj)  dispersion  coating 
with  fretting  zone  (above). 
Specimen  tested  at  35(^0 


Figure  27:  Cr  N  coating  with  fretting  zone 
(in  the  middle). 

Specimen  tested  at  350°C  without 
failure. 


Figure  28:  Specimen  with  (Co.Cr,0,)  Figure  29:  Detail  from  Figure  28 

dispersion  coating,  longitudinal  Section  edged 

section  after  failure  in  test 
at  350° C 


Figure  30:  Specimen  with  Cr  N  coating  after  Figure  31:  Specimen  with  Ti  N  coating. 

failure  in  test  at  350°C  Longitudinal  section  after 

failure  in  test  at  350°C 


Figure  32:  Specimen  with  Ti  N  coating.  Figure  33:  Fretting  zone  in  Cr  N  coating 

Longitudinal  section  after  wi th  multiple  cracks 

failure  at  350° C 


Figure  34:  Fretting  fatigue  limit  at  10’  cycles  for  different 
surface  finish  and  treatment 
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ABSTRACT 

A  protective  coating  must  meet  several  criteria  give  adequate  environmental  resistance,  be  compatible  with 
the  substrate,  and  be  applicable.  After  a  brief  description  of  the  high  temperature  protective  coatings  currently 
used  (simple  and  modified  alumlnides,  MCrAlY  overlays,  ceramic  thermal  barrier  coatings,..),  a  review  of 
recent  trends  In  the  coating  field  Is  attempted.  These  trends,  which  arise  from  the  search  for  more  demanding 
applications  such  as  higher  operating  temperatures  and  the  use  of  low  grade  fuels,  are  related  to  high 
temperature  corrosion  degradation  mechanisms,  mechanical  properties  of  coated  components,  dlffuslonal 
stability  of  coating/substrate  systems,  the  development  of  alternative  coating  processes  and  of  more 
performant  ceramic  coatings. 


1  INTRODUCTION 

Materials  lor  high  temperature  applications  are  generally  selected  for  specific  properties  such  as  strength,  creep,  mechanical 
and/or  thermal  fatigue.  During  their  use  at  high  temperature  these  properties  may  degrade  as  a  result  of  Interactions  with 
corrosive  environments.  One  solution  to  avoid  this  alteration  Is  to  protect  the  component  with  a  coating.  Most  high  temperature 
coatings  rely  on  the  formation  of  a  protective  oxide  scale  by  interaction  with  the  environment.  The  r6le  of  this  scale  Is  to 
isolate  the  coating  from  the  aggressive  environment  and  thereby  limit  the  degradations  due  to  high  temperature  corrosion. 
Obviously  this  scale  must  fulfill  several  conditions  :  be  stable,  slow-growing,  dense,  adherent  (often  In  cyclic  conditions)  and 
In  practical  applications  only  three  oxides  correspond  to  these  criteria  :  alumina  (AI.OJ,  chromla  (0,0 j  and  silica  (SiOJ. 
The  fact  that  chromla  can  form  volatile  suboxides  at  temperatures  above  about  900*C.  generally  restricts  Us  use  at  somewhat 
lower  temperatures,  especially  with  high  velocity  gases.  Silica  scales  confer  protection  on  ceramic  coatings  (SIC,  SI,N«  for 
example)  deposited  on  carbon-based  materials  up  to  about  1800*C  (1 J.  However,  the  use  of  silica-former  metallic  alloys  as 
coatings  has  been  limited.  This  Is  largely  due  to  the  fact  that  In  order  to  form  a  silica  scale,  a  metallic  coating  must  contain  a 
relatively  large  silicon  amount.  But  aWcon.  which  diffuses  rapidly  In  most  alloys,  may  form  low  melting  phases  and/or  brittle 
slllcldes  by  Interaction  with  substrate  elements.  As  In  the  case  of  chromla  forming  coating  alloys,  the  use  of  silica-forming 
metallic  coatings  must  be  restricted  to  rather  low  temperatures.  These  considerations  explain  why  most  high  temperature 
coatings  (simple  or  modified  alumlnides,  MCrAlY  overlays)  rely  on  the  formation  of  an  a  lumlna  scale  to  ensure  the  protection 
of  an  underlying  component 

Comprehensive  reviews  on  high  temperature  protective  coatings  have  regularly  appeared  since  the  early  70  s  (1-6)  Our 
purpose  Is  not  to  recapitulate  the  material  covered  therein  but  rather,  on  the  basis  of  published  material  and  some  personal 
communications,  to  focus  on  recent  trends  and  to  attempt  to  point  out  some  research  perspectives  In  the  first  pan  of  this  paper . 
The  second  pan  of  this  paper  is  devoted  to  subetrate/coatlng  compatibility  considerations. 


2.  MAIN  Types  OF  COATINGS 

As  mentioned  above,  most  coatings  rely  on  the  isolation  by  a  'barrier*  of  the  pan  to  be  protected  from  the  environment.  The 
roe  of  this  barrier  Is  to  minimize  the  diffusion  of  gaseous  or  liquid  species  towards  the  component  and  conversely  to  prevent 
the  elemental  diffusion  from  the  alloy  towards  the  external  surface  where  they  could  react.  Most  generally  the  barrier  Is  dynamic 
in  the  seme  that  it  forms  by  Interaction  of  the  coating  with  the  oxidizing  environment.  And  this  Is  typically  the  case  of  coatings, 
whether  metallic  or  ceramic,  which  form  oxides  such  as  alumina,  chromla  and  eWca.  However,  It  Is  be  noted  that  Inert  barriers 
have  been  proposed  In  some  cases,  for  example,  silica  coatings  on  steels  (7],  ir  on  C/C  [1  ],  thin  platinum  layers  on  titanium 
alloys  [8).  Their  effective  use  would  Imply  that  a  partial  absence  of  coating,  due  for  Instance  to  a  coating  defect  or  spalling,  Is 
not  too  detrimental  to  the  component  Hfe  as  the  protection  cannot  then  be  restored  In  these  systems.  Moreover,  Interdlffueion 
effects  between  coating  and  substrates  are  supposed  to  be  Innocuous  as  far  as  the  properties  of  the  coated  component  are 
concerned. 
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2. 1 .  Diffusion  costings 

2.1.1.  Simple  diffusion  costings 

Alumlnkte  coatings  [9, 1 0  ]  are  the  most  widely  used  to  protect  nickel-  and  cobalt-based  *uperalloysf  or  gas  turbine  applications. 
They  are  generally  formed  by  pack  cementation :  the  components  are  Immersed  In  a  powder  mixture  In  a  seml-sealed  retort. 
The  retort  is  then  placed  Inside  a  furnace  and  heated  at  high  temperature  (between  750*C  and  1 1 50*C)  under  a  protective 
atmosphere.  In  the  case  of  an  aluminizing  process,  aluminum  Is  transferred  from  the  pack  to  the  substrate  surface  where  It 
reacts  and  an  aluminlde  layer  forms  by  diffusion  with  the  substrate.  Due  to  this  mode  of  formation  this  technique  Is  a  particular 
case  of  'reactive  chemical  vapour  deposition'.  Pack  cementation  Is  a  simple  process  to  operate,  easily  controlled  and 
Inexpensive  to  run.  These  advantages  justify  its  wide  use  for  protecting  superalloys.  But  due  to  Its  mode  of  formation.  It  suffers 
from  several  limitations :  the  range  of  accessible  coating  compositions  and  structures  remains  rather  narrow  -only  one  element 
In  practice  can  be  transferred  In  the  gas  phase  from  the  pack  -  and  In  some  applications  It  would  be  desirable  to  enrich  the 
substrate  surface  not  only  with  aluminium,  but  also  with  chromium,  yttrium,...  Moreover,  the  composition  and  the  structure  of 
the  substrate  alloy  can  seriously  affect  the  performances  of  the  coating. 

Other  diffusion  coatings  have  been  developed :  silicon  carbide  on  carbon-based  materials  [  1 1  ].  sllicideson  niobium  alloys  [12]. 
In  the  last  case  the  addition  elements  are  generally  brought  onto  the  surface  in  a  slurry. 

2.1.2.  Modified  diffusion  coatings 

As  stated  earlier,  the  range  of  accessible  compositions  and  structures  with  a  pack  cementation  process  Is  limited.  However 
In  several  applications,  It  would  be  interesting  to  benefit  from  the  advantages  of  reactive  CVD  processes  (uniform  thickness 
on  complex  geometries  In  particular)  but  to  modify  the  coating  composition  In  order  to  Improve  Its  corrosion  resistance. 
Different  routes  have  been  proposed  to  modify  aluminlde  coatings  :  by  pretreatment  or  predeposit  prior  the  alumlzing 
process,  and  by  codeposition. 

Atypical  pretreatment  consists  in  chromizing  beforealumlnlzlngtoobtainachromlum-enrlchedalumlnide  coating.  Industrially 
available  Cr-modiftod  aluminlde  coatings  Include,  for  instance.  CIA  (SNECMA)  and  PWA  32. 

Codeposition  of  two  (or  more)  elements  during  a  single  step  cementation  treatment  does  not  seem  to  be  a  widespread 
technique  In  industrial  practice  although  It  was  envisaged  a  long  time  ago;  reports  of  combined  chromium  and  silicon 
cementation  of  steel  were  published  as  early  as  1945  [13].  Recent  works  based  on  thermodynamic  calculations  have 
demonstrated  the  feasibility  of  codepositing  Cr  and  Al  on  nickel  base  alloys  [  1 4, 1 6b]  or  on  Iron-base  alloys  [  1 5, 16a],  as  well 
as  Al  and  Hf  [  16a,  b].  Difficulties  seem  to  remain  In  the  case  of  the  codeposition  of  Al  and  an  active  element  such  as  yttrium, 
one  reason  might  be  the  very  low  solubility  limit  of  this  element  in  nickel-  or  iron-based  alloys.  It  Is  to  be  reckoned  that  only 
scarce  Information  are  available  at  the  moment  concern  ing  the  passage  to  industrial  practice  (control  of  cement  composition 
Incorporation  of  a  third  element  by  a  predeposit  has  lead  to  the  development  of  the  platinum-modified  coatings.  Most  often 
platinum  is  eiectrodeposlted  as  a  6  micron  thick  layer.  After  aluminizing,  platinum  is  concentrated  in  the  external  region  of  the 
coating  which  Is  generally  constituted  of  a  mixture  of  PtAI,and  B-NiAl  enriched  In  platinum.  The  addition  of  platinum  Improves 
the  resistance  of  simple  &-N1AI  based  coatings,  particularly  against  type  I  hot  corrosion. 

Recent  work  by  Alpfrlne  et  al .  [  1 7  ]  Indicates  that  platinum  may  be  advantageously  replaced  by  the  chemically  similar  and  less 
expensive  palladium,  provided  proper  care  is  taken  to  avoid  the  coating  embrittlement  during  Its  processing. 

2.2.  MCrAlY  overlay  coatings  [18] 

MCrAIY  alloys  whose  compositions  and  structures  are  entirely  Independentfrom  the  substrate  can  now  be  deposited  as  aresult 
of  the  development  of  now  well  established  techniques  such  as  EB-PVD  (electron  beam  physical  vapour  deposition),  and 
plasma  spraying  under  controlled  atmosphere.  As  a  consequence,  a  wide  range  of  compositions  Is  commercially  available  as 
shown  in  table  1. 


Tab**  1  :  Example*  of  MCrAIY  nominal  compositions  (wt.%)  which  are  commeraMfty  avaHabl*  (19-21  ].  (ATD  :  coatings 
produced  by  EB-PVD,  Alrco  T*m**cal;  LN  and  LCO ;  coating*  produced  by  argon  shield  plasma  spraying.  Union  Carbide; 
Amdry ;  powder*  available  for  LPP8,  Alloy  Metal*) 


2.2.1.  Structure  and  compositions 


MCrAiY  alloys  a/e  most  generally  multiphase  materials.  If  the  aluminium  content  Is  not  too  high,  Nl-  and  Co-base  alloys  consist 
basically  of  a  ductile  7-solid  solution  (face-centered  cubic)  containing  a  dispersion  of  B-NIAI  or  -CoAl  phase.  The  actual 
microstructure  can  be  more  complex  as  shown  for  example  by  Frances  et  al.  (22]  who  have  identified  7’,  sigma,  M'(YandYtO, 
phases  in  addition  to  8  and  7  In  NfCoCrAlYTa  alloys.  It  Is  to  be  borne  In  mind  that  the  mlcrost/ucture  of  MOAIY  alloys  may 
depend  on  previous  heat  treatments  and  cooling  rates.  If  the  aluminium  content  Is  high  enough,  the  beta  phase  percolates  and 
contains  a  dispersion  of  7-Nl  particles.  Such  a  structure  is  certainly  less  favourable  In  terms  of  ductility. 

It  is  to  be  noted  that  in  the  Nl-Cr-AI  ternary  system,  a  phase  transformation  can  occur  at  about  1 000*C  whereby  7  +  B,  stable 
at  high  temperature,  transforms  Into  7  -NI,AI  +  a-Cr  as  represented  schematically  on  figure  1  based  on  the  phase  diagrams 
established  by  Taylor  and  Floyd  (24).  This  reaction  is  accompanied  by  a  significant  volume  variation  (fig.  lb)  which  may  be 
deleterious  for  the  mechanical  Integrity  of  a  coating/substrate  system.  It  Is  therefore  recommended  to  select  an  alloy 
composition  outside  this  held,  limiting  the  aluminium  content,  or  to  add  cobalt  to  destabilize  7'  formation. 

The  oxidation  behaviour  of  MCrAiY  coating  alloys  depends  on  various  factors  (for  a  review,  see  for  example  [25]):  alloy 
composition,  temperature,  oxygen  partial  pressure,  time,  thermal  cycling. 

A  typical  oxidation  sequence  for  an  MCrAiY  alloy  starts  with  the  formation  of  transient  oxides  (NiO,  spinel. ..)  growing  rapidly 
until  a  continuous  stable  oxide  layer  (chromla  or  alumina)  has  formed  underneath.  The  diffusion  of  oxygen  and  metallic  species 
being  very  slow  In  chromia  and  even  slower  In  alumina,  this  layer  ensures  the  oxidation  resistance  of  the  alloy.  The  presence 
of  chromium  In  these  alloys  reduces  the  Al  level  necessary  to  form  a  protective  alumina  scale.  The  presence  of  as  little  as  5- 
1 0  %  O  reduces  the  amount  of  Al  required  from  40  at.%  to  about  10  at.%. 

Alumina  scales  formed  on  MO  A I  alloys  are  not  adherent  in  thermal  cycling  conditions,  presumably  as  a  result  of  growth  and 
thermal  stresses.  In  order  to  improve  the  adherence  of  the  alumina  scale,  so-called  active  elements  such  as  Y ,  rare-earth. ,  are 
incorporated  in  these  alloys  In  small  amounts  (less  than  1  wt.  %).  Several  explanations  have  been  put  forward  (see  for  example 
[26]  for  a  review)  to  explain  this  effect  but  a  controversy  still  exists  relative  to  the  precise  mechanism(s)  involved.  Other 
elements  have  been  claimed  to  have  the  same  effect  (Hf,  Zr...).  A  recent  comparative  study  (23]  showed  however  that,  among 
Hf ,  Zr,  Y,  yttrium  is  by  far  the  most  effective  addition  element  for  Improving  the  adherence  of  alumina  scales  formed  at  1 1 00*0. 

It  is  to  be  noted  that  this  effect  is  observed  whether  yttrium  is  initially  present  In  oxide  particles  or  metallic  phases  within  the 
coating.  It  seems  In  fact  that  a  uniform  distribution  of  these  elements  is  essential.  Recently,  Gupta  and  Duvall  [27]  have 
recommended  the  addition  of  both  Y  and  Hf . 

A  major  degradation  (termed  ’hot  corrosion')  is  the  accelerated  oxidation  Induced  by  condensed  salts  formed  by  pollutants 
present  in  combustion  gases.  Major  contaminants  In  gas  turbines  are  alkaline  sulphates,  In  particular  Na,SO,.  The  degradation 
modes  dependon  various  factors  :temperature  range,  nature  of  contaminants,  gas  composition,  alloy  composition  (5].  Several 
mechanisms  have  been  proposed  (for  a  review,  see  [28]). 

At  relatively  high  temperature  ( type  I  hot  corrosion,  T  >  800*C),  the  degradation  of  the  scale  can  take  place  : 

•  either  by  basic  fluxing;  this  affects  alumina-forming  alloys  containing  less  than  about  1 5%  Cr, 

-  or  by  acidic  fluxing  Induced  by  oxides  such  as  MoO,,  WO„  V,0,  formed  by  oxidation  of  refractory  elements. 

A!  moderate  temperatures  (650*C  <  T  <  8Q0#C)  another  form  of  hot  corrosion  (type  If.  [29])  which  affects  alloys  having  low 
chromium  has  been  reported.  It  involves  acidic  fluxing  of  oxide  scales  by  SO,  dissolved  In  molten  sulphates  in  the  presence 
of  air. 

The  presence  of  chromium  is  beneficial  against  all  types  of  hot  corrosion.  It  Is  thought  that  0,0,  acts  as  a  buffer  against  basic 
fluxing  mechanisms.  Moreover,  0,0,  Is  more  rapidly  formed  than  Al,0,.  About  25  to  40%  Cr  are  required  for  type  II  hot 
corrosion  whereas  1 5  to  20  %  O  are  usually  recommended  for  type  1  [29].  It  Is  to  be  noted  though  that  too  high  a  chromium 
content  may  have  deleterious  effects  on  the  diffusionnal  stability  of  the  coating/substrate  system. 

SMcon  is  particularly  good  In  the  case  of  type  II  hot  corrosion  (acidic  fluxing)  but  above  about  800*C,  It  tends  to  diffuse  rapidly 
Into  the  substrate  and  may  form  iow-melting  phases  or  brittle  Inter  metallic  compounds. 

Other  addition  elements  may  piay  a  beneficial  rdie  ,  tantalum  for  example,  although  not  particularly  good  for  oxidation 
resistance,  prevents  the  outward  diffusion  of  elements  such  as  titanium,  which  are  potentially  deleterious  regarding  oxidation 
resistance,  by  tying  them  up.  with  carbon,  in  stable  MC  carbides. 

The  above  considerations  Justify  the  wide  use  of  standsrd  NICoCrAIY-base  compositions  with  about 
20%  Co,  20%  Cr,  0- 12%  Al  end  <1%Y  (wt.  %). 

2.2.2.  Alternative  deposition  techniques  for  metafile  coatings 

Despite  the  flexibility  they  permit,  the  techniques  commercially  available  to  deposit  MOAIY  coatings,  EB-PVD  and  plasma 
spraying  under  Inert  atmosphere,  remain  Hne-of-slght  processes  and  this,  in  addition  to  their  relatively  high  cost,  can  be  a  real 
drawback  for  coating  components  having  complex  shapes.  In  view  of  some  of  the  disadvantages  of  techniques  which  are  in 
production,  alternative  processes  have  been  developed,  among  which  electrolytic  codeposition  and  electrophoresis  seem 
the  moat  promising  at  the  moment. 

-  cNPCuorync  cooepoeiuon 

MCrAiY  coatings  hava  bean  obtainad  by  eo^lectrodapoaldon  al  a  dispersion  of  Una  CrAJY  powder  particles  end  e  Co  or  Nl 
matrix  [30].  TNa  operation  can  ba  carried  out  In  a  barrel  plating  unit  (fig.  2).  The  barrel  containing  the  specimens  and  the 
powder  particles  (10  pm  tlametar)  Is  Immersed  Into  a  Co  end/or  Nl  conventional  bath  and  rotated  The  coated  components 
are  subsequently  heat  treated  lor  alloying  and  diffusion  bonding  the  coating  to  the  substrate. 

TWe  process  presents obvtoue  economical  advantages :  lew  capital  coat  (claimed  to  be  on  or  der  of  magnitude  less  than  existing 
commercial  systems,  unit  processing  cost  about  half  those  of  competing  systems  [30]);  reliability  performance*  do  not  teem 
to  have  bean  pubHahad  as  this  technique  ha*  not  yet  been  scaled  up. 


-  Electrophoresis 

This  process  la  baaad  on  lhamlytdonol  Una  powdar  parttdaa  suspended  In  a  polar  solution  under  ado  voltage.  In  the  process 
developed  at  8NECMA  (31 . 32),  MCrAiY  Ploy  powders  with  elzt  laa*  than  about  40  pm  ar*  deposited  by  electrophoresis  on 
the  components  to  be  coated  with  deposition  rates  up  to  100  isn/mfn.  Flgtr*  3a  shows  the  deposit  wfth  controlled  porosity 
obtainad  at  this  stag*.  In  order  to  density  them  and  ad|utt  th*  coating  composition,  the  components  are  than  aluminized 
(vapour  phaaa  prooaaa).  The  aapact  plan  MCrAiY  coating  obtainad  In  tha  and  la  Wutffated  In  Itgur*  3b.  With  adequate  electrode 
gaomatry.  components  with  complex  shapes  can  b*  uniformly  coated.  FacWda*  required  are  relatively  simple,  to  the 
Investment  at  waddle  running  coat*  aramuchlaaa  than  lor  prccasasatuch  as  ElM’VD  and  ptaema-epceylngAs  shown  Indqure 
3c.  lhaaa  coatings  confer  a  hot  corrosion  reslatanc*  comparable  wllh  diet  of  LPP9  ooadnqs. 
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-  Cladding 

Cladding  MCrAlY  sheets  has  been  envisaged  to  produce  protective  coatings  [33  j.  Early  experiments  do  not  seem  to  have  met 
an  overwhelming  success.  This  may  have  been  caused  by  the  very  limited  Al  content  of  available  sheet  alloys  (conventional 
forming  processes  require  low  Al  content)  and  possibly  an  inadequate  yttrium  distribution.  It  might  be  interesting  to  reconsider 
this  technique  as  MCrAlY  ribbons  (50  to  1 00  pm  thickness)  having  satisfactory  oxidation-resistant  compositions  can  now  be 
obtained  by  melt-spinning  [34J. 

2.3.  Thermal  barrier  coatings 

Thermal  barrier  coatings  are  generally  constituted  of  an  oxide  layer  (thickness  ranging  from  about  300  pm  in  turbine 
applications  up  to  about  2  mm  in  diesel  engines)  plasma-sprayed  on  top  of  an  MCrAlY  bond  layer  deposited  on  the  substrate. 
The  benefits  of  thermal  barrier  coatings  are  multiple  :  higher  Inlet  gas  temperatures,  lower  cooling  flow  within  the  metallic 
component,  reduction  of  temperature  transients  on  the  metal  surface.  All  these  advantages  can  result  in  improved  efficiency, 
extended  lifetimes  and  simplified  designs.  Such  ceramic  coatings  have  been  plasma-sprayed  onto  sheet  metal  combustor 
components  for  more  than  1 5  years.  Only  recently  have  they  been  used  in  the  turbine  section  of  commercial  gas  turbine 
engines.  Thermal  barrier  coatings  over  the  entire  airfoil  of  PW4000  turbine  vanes  were  certified  in  the  United  States  for 
production  use  in  1986  [35]  This  progress  could  be  achieved  by  a  proper  control  of  porosity,  microcrack  distribution,  and 
residual  stresses  in  the  coating.  With  nickel-base  superalloys  having  reached  their  optimum  properties,  one  of  the  present 
challenges  to  significantly  increase  the  gas  turbine  performance  remains  to  apply  these  coatings  on  highly  stressed 
components,  such  as  turbine  blades. 

2.3.1.  Zr0,-6  to  8wt.%YtO, 

Figure  4  illustrates  the  typical  aspect  of  the  cross  section  of  a  thermal  barrier  coating  Most  often  the  oxide  is  zirconia-based, 
whether  partially  or  completely,  stabilized  with  proper  additions  of  Y,0„  MgO  or  CaO,  as  ZrO,  offers  a  good  compromise 
between  low  thermal  conductivity  and  high  thermalexpansion  coefficient.  Yttria  partially  stabilized  zirconia.  containing  between 
6  and  8  wt.%  Y,03  has  been  found,  empirically  [36],  to  be  most  resistant  in  thermal  cycling  conditions.  This  composition 
corresponds  to  the  formation  of  a  metasta  ble  tetragonal  t’  phase  when  the  cool  ing  rate  is  sufficiently  high ,  as  in  plasma  spraying 
which  is  at  the  moment  the  most  often  used  deposition  process  for  obtaining  these  coatings.  With  proper  parameter 
adjustment,  plasma  spraying  gives  a  microcracked  structure  particularly  strain  tolerant  In  compression  (37).  This  is  important 
as  the  main  degradation  mode  (spallation)  of  thermal  barrier  coatings  results  from  fatigue  cracking  damage  in  the  ceramic  layer 
near  the  ceramic/ bon dcoat  interface,  induced  by  thermal  strains  It  is  to  be  emphasized  though  that  the  precise  role  of  the  f 
phase  In  ter  ms  of  crack  propagation  rate  is  not  clearly  understood  and  basic  studies  are  needed  to  relate  the  fine  microstructure 
and  phase  transformations  of  TBC  with  their  mechanical  properties  [38,  39). 

Recent  engine  tests  by  Sheffler  et  al.[40J.  Toriz  et  al.  (41  ]  have  proved  that  thermal  barrier  coatings  obtained  by  EB  PVD  may 
be  even  more  performant  than  plasma-sprayed  ones  This  might  be  due  to  the  well  adapted  anisotropic  microcrack  network 
in  PVD  columnar  deposits 

2.3.2.  Rdle  of  the  bond  coat 

Between  the  oxide  topcoat  and  the  superalloy  substrate,  an  MCrAlY  bond  coat  is  required  to  confer  an  adequate  environmental 
resistance  and  to  mechanically  adapt  the  oxide  layer  and  the  substrate. 

-  Mechanical  adaptation 

This  mechanical  adaptation  is  more  complex  than  a  simple  matching  of  thermal  expansion  coefficient .  Actually  the  expansion 
coefficients  of  MCrAlY  alloys  are  generally  higher  than  for  super  alloys.  The  calculation  of  residual  stresses  in  a  purely  elastic 
situation  (with  experimental  elastic  moduHi)  gives  values  well  above  the  measured  ones.  In  fact,  strain  accommodation  occurs 
in  a  large  pan  by  plastic  deformation  of  the  bondcoat  as  MCrAlY  alloys  have  a  very  low  flow  stress  at  temperatures  above 
600*C. 

-  Environmental  resistance 

Thermal  barrier  coatings  are  dynamic  systems  in  the  sense  that  zirconia  topcoat,  MCrAI Y  bondcoat  and  substrate  superalloy 
interact  at  high  temperature.  Figure  5  shows,  for  example,  the  thin  alumina  layer  formed  at  the  zirconia/ MCrAlY  interface  after 
a  100  hour  heat  treatment  at  1 100*C.  This  layer  has  formed  by  Interaction  of  aluminium  which  has  diffused  from  the  MCrAlY 
alloys  with  oxygen  present  in  the  zirconia  material.  It  Is  Interesting  to  note  that  the  adhesion  between  these  layers 
(zirconia/alumlna/MCrAlY)  is  sound  and  that.  In  practice,  spallation  rarely  occurs  at  the  Interfaces.  Instead,  in  thermal  cycling 
tests,  failure  of  TBC  happens  as  shown  on  figure  6a.  by  propagation  of  a  main  crack  inside  the  zirconia  topcoat  near  the 
alumlna/zirconia  Interface.  The  propagation  results  from  compressive  stresses  arising  on  cooling  In  the  topcoat  because  of 
thermal  expansion  mismatch.  A  more  extensive  oxidation  of  the  bondcoat  can  lead  to  the  ruin  of  the  barrier  as  shown  on  figure 
6b  as  the  transformation  of  the  alloy  into  oxide  is  accompanied  by  a  volume  expansion  which  generates  additional  stresses 
in  the  zirconia  layer.  The  evolution  of  the  structure  and  composition  of  the  MCrAlY  bondcoat  is  likely  to  affect  its  mechanical 
properties  and  as  a  consequence,  to  alter  Its  ability  to  deform  rapidly  during  cooling  This  in  turn  will  raise  the  compressive 
stress  level  In  the  ceramic  layer,  accelerating  the  degradation  of  the  coating. 

Another  degradation  mode  may  occur  by  hot  corrosion  with  liquid  sulfate  contaminants.  Several  mechanisms  have  been 
proposed  to  explain  the  accelerated  degradation  of  TBC  in  hot  corrosion  conditions :  destabilization  of  zirconia.  sulfidation  of 
bondcoat,  solidification  of  sodium  sulfate  In  the  cracks,  crack  propagation  assisted  by  sulfate  vapours  [42] 

2.3.3.  Modelling 

A  significant  effort  at  modelling  the  behaviour  and  life  of  thermal  barrier  coatings  Is  going  on  especially  in  the  U  S  A  ,  as 
summarized  by  Miller  )43).  The  models  develop ?d  result  from  a  predominantly  phenomenological  approach  schematically 
Illustrated  on  figure  7  and  Involve  several  empirical  parameters.  It  must  be  emphasized  that,  up  to  now.  some  areas  are  still 
generally  poorly  described  :  creep  and  Inelasticity  of  ceramic  and  bondcoat,  geometry  effect  (roughness  of  metal/ceramic 
Interface),  oxidation-induced  damages,  sintering  of  oxide  at  high  temperature.  .. 
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2.3  4.  Concluding  remarks 

Thermal  barrier  coatings  should  provide  the  next  significant  increase  In  engine  performance.  S heftier  and  Gupta  {40]  report 
that  a  250  pm  thick  zlrconla  layer  can  reduce  metal  temperature  by  as  much  as  17o’C.  This  may  be  achieved  through  the 
development  of  more  reliable  coatings  and  of  thermomechanical  modelling.  Moreover  new  ceramic  compositions  are  required 
for  Improved  coatings  resistant  to  corrosive  environments  with  contaminated  fuels  and  molten  salt  deposits  {45]  and,  In  the 
long  run.  for  coatings  having  higher  temperature  capability  than  yttrla  partially  stabilized  zlrconla.  Finally  new  processes  for 
depositing  ceramic  coatings  will  have  to  be  developed  to  protect  components  having  complex  geometry. 

3.  COMPATIBILITY  CONSIDERATIONS 

Numerous  considerations  are  to  be  taken  Into  account  when  selecting  or  designing  a  coating  for  a  particular  application  ,  they 
are  related  to  the  environment,  the  coating  process,  the  service  conditions  and  the  substrate.  Due  to  the  drive  for  ever 
increasing  temperatures  to  improve  engine  performances  and  the  development  of  advanced  superalloys,  considerations  of 
coating/substrate  compatibility,  whether  chemical  or  mechanical,  become  more  and  more  Important. 

3. 1 .  CHEMICAL  COMPATIBILITY 

Coating  and  superalloy  substrates  generally  have  widely  different  compositions,  each  of  them  selected  for  different  purposes 
protection  against  oxidizing  environment  on  the  one  hand  and  high  temperature  mechanical  properties  on  the  other  The 
chemical  potential  gradients  of  the  different  elements  (Nl,  Al,  Cr,...)  across  the  coating/substrate  interface  will  cause 
interdiffusion  phenomena  to  occur  and  these  effects  will  be  ail  the  more  Important  that  the  temperature  is  elevated. 

As  a  consequence,  elements  from  the  substrate  may  diffuse  through  the  coating,  reach  the  external  surface  and  perturb  the 
formation  of  the  protective  oxide  scale  This  is  illustrated  on  figure  8  which  represents  the  weight  variations  In  cyclic  oxidation 
at  1 1 00*C,  of  different  superalloys  (IN  1 00,  IN738  and  CMSX2)  coated  with  the  same  plasma-sprayed  CoCrAlY  alloy.  The  graph 
clearly  shows  that  after  only  250  cycles  the  coating  deposited  on  INI 00  and  IN738  suffers  extensive  damages,  which 
correspond  to  internal  oxidation  and  subsequent  scale  spallation  as  revealed  by  metallographlc  examinations.  Whereas  on 
CMSX2  the  coating  lifetime  Is  more  than  1000  cycles.  Analysis  of  oxidized  samples  suggested  that  in  theftrst  two  cases,  the 
formation  of  the  alumina  scale  Is  perturbed  by  diffusion  of  titanium  from  the  substrates  toward  the  external  surface 
Conversely,  inter  diffusion  may  also  affect  the  structure  of  the  subcoating  zone  In  the  substrate  and  therefore  alter  or  modify 
Its  mechanical  properties  Several  transformations  can  take  place 

-  transformation  of  the  initial  7/7'  microstructure  into  7/8  in  the  case  of  CoCrAIY/NI-base  superalloys  {46,  47], 

-  alteration  of  the  7'  distribution, 

-  modification  of  the  distribution  of  grain-boundary  strengthening  elements  (carbon. ,.){48], 

-  destabilization  of  the  reinforcing  carbide  fibres  in  directionally  solidified  eutectics  {49], 

-  formation  of  brittle  phases  which  may  be  crack  initiation  sites  or  easy  paths  for  crack  propagation. 

These  effects  which  can  be  important  in  the  case  of  components  with  thin  sections,  can  be  minimized  by  carefully  selecting 
a  coating  composition  compatible  with  that  of  the  substrate  This  Is  possible  in  the  case  of  MCrAlY  coatings  because  of  the 
flexibility  allowed  by  the  deposition  processes  Some  authors  [50]  have  suggested  putting  a  ‘diffusion  barrier'  (generally  a 
stable  ceramic  material  In  which  metallic  diffusion  Is  slow)  between  coating  and  substrate  to  prevent  these  effects  It  is  thought 
however  that  such  Intermediate  layer  might  present  several  drawbacks  :  poor  thermomechanical  behaviour  due  to  thermal 
expansion  mismatch,  preferential  path  for  oxidation  penetration  once  the  diffusion  barrier  material  has  been  reached  by  oxygen 
through  a  coating  defect  Initially  present  or  Induced  by  local  degradation  In  service 

3.2.  MECHANICAL  COMPATIBILITv 

A  protective  coating  may  alter  the  mechanical  properties  of  a  superalloy  substrate  It  Is  applied  on.  as  a  result  of  factors  exposed 
above  It  must  be  stressed  however  that  in  the  long  run.  a  coating.  If  adequately  protective,  will  isolate  the  superalloy  from  the 
environment  (oxidizing  combustion  gases,  molten  salt  deposits)  and  therefore  will  limit  or  suppress  the  corrosion  Induced 
mechanical  degradations  In  a  study  on  thin  section  Renfc  80  specimens,  precorroded  during  500  hours  in  an  engine 
atmosphere.  Kaufman  [51]  has  thus  shown  that  the  presence  of  a  coating,  whether  alumlnide  or  MCrAlY,  Improves  the  creep 
lifetime  (at  980  and  1080’C)  by  factors  ranging  between  2  and  6,  as  well  as  the  fatigue  resistance  at  room  temperature  (220 
to  280  MPa) 

It  is  generally  accepted  that  creep  properties  of  superalloys  are  not  affected  by  a  coating  provided  the  standard  heat  treatments 
are  respected  and  little  inter  diffusion  occurs  In  service  or  during  coating  application;  a  possible  favourable  Influence  Is  likely 
to  occur  in  the  long  run.  because  of  the  suppression  of  environmental  degradation. 

The  mere  presence  of  a  protective  coating  can  significantly  alter  the  fatigue  resistance  of  superptloy  substrates.  This  has  been 
clearly  shown  lor  example  by  Veys  [52],  Wood  1 53, 54)  in  the  case  of  single  crystal  superalloys.  The  reduction  In  fatigue  lifetime 
is  refated  to  early  cracking  In  the  coating  with  subsequent  propagation  Inside  the  substrate  The  fact  that  early  cracking  occurs 
at  temperatures  around  800'C  or  900*C  may  bean  aggravating  factor  for  hot  corrosion  degradation :  in  this  temperature  range, 
sodium  sulphate  may  condense  on  Wade  surfaces  and  penetrate  through  these  crack,  abolishing  the  beneficial  effect  of  the 
protective  coating 

it  Is  Important  to  note  that  the  structure  and  composition  of  a  protective  coating  changes  during  operation  at  high  temperatures 
as  a  result  of  aluminium  consumption  by  oxidation;  the  Initial  7  +  B  structure  of  an  MCrAlY  coating  therefore  progressively 
transforms  Into  7  ( +  7*)  and  In  the  end  to  7-solld  solution  of  nickel;  this  Is  also  accompanied  by  grain  grcmrth.  No  study  taking 
these  effects  into  account  however  seems  to  have  been  published,  the  durations  of  tests  performed  being  too  short  for  these 
phenomena  to  be  significant 

Recent  efforts  (55-58]  have  concentrated  on  thermomechanical  fatigue  tests  which  combine  mechanical  strain -controlled 
cycling  and  temperature  cycling;  these  tests  offer  a  better  simulation  of  the  complex  straln-temperature-tlme  cycles 
experienced  by  gas  engine  components  in  service.  Moreover,  ttwmomechanlcal  fatigue  may  now  je  a  major  limiting  factor 
In  turbine  vanes  and  Wades  [37],  In  particular  for  highly  stressed  thln-walied  components 

Swanson  et  al  { 57 . 58 )  have  been  developing  life  prediction  models  with  emphasis  on  applies  Wllty  to  thermomechanical  fatigue 
conditions  These  models  are  based  on  the  development  of  individual  constitutive  models  of  coatings  (PWA286 
NlCoCr  AiYSIHf  and  PWA273  low  activity  alumlnide)  and  PWA 1 480  single  crystal  substrate,  for  which  commercial  production 
experience  already  exists  Results  of  out-of-phase  tests  caried  out  between  427  and  1038'C  indicate  that  at  strain  ranges 
greater  than  0  5%,  the  overlay -coated  specimens  have  longer  fives  than  do  those  coated  with  the  alumlnide,  the  reverse  being 
true  at  lower  strain  range  It  Is  interesting  to  note  that  similar  results  were  obtained  by  Bain  (56]  on  a  single  crystal  superalloy 
coated  with  a  CoCrAlY  alloy  or  an  alumlnide  and  tested  In  slightly  different  conditions 


As  emphasized  by  Wood  [57],  little  work  has  been  done  to  determine  in  depth  what  coating  properties  are  of  importance  In 
controlling  the  mechanical  behaviour  of  coating/substrate  system.  The  studies  in  this  field  have  mainly  dealt  with  the 
identification  of  degradation  modes  and  the  experimental  evaluation  of  the  Incidence  of  coatings  on  few  mechanical  properties 
of  as-coated  substrates.  It  is  important  to  remark  that  coatings  are  found  as  crack  Initiation  sites  in  a  variety  of  test  conditions, 
the  cracks  thus  formed  propagating  subsequently  into  the  substrate  material  and  leading  eventually  to  failure.  Neither  the 
evolution  of  the  coating  composition  in  service  nor  the  presence  of  corrosive  products  are  taken  into  account.  Some  attempts 
at  modelling  the  coatlng/superalloy  system  have  been  recently  published  [58].  However,  the  lack  of  data  relative  to  the  coating 
intrinsic  mechanical  properties,  mainly  in  the  case  of  the  widespread  aluminides  (simple  or  modified),  seems  to  have  delayed 
the  development  of  an  adequate  description  of  these  systems.  As  a  consequence,  the  possibility  of  tailoring  the  coating 
composition  and/ or  structure  to  Improve  the  mechanical  properties  of  the  coating/substrate  composite  does  not  seem  to  have 
been  fully  exploited. 


4.  CONCLUSION 

Looking  back  on  the  historical  evolution  of  high  temperature  protective  coatings  it  is  interesting  to  note  that,  generally,  the  most 
performant  systems,  which  are  in  service  at  the  moment,  have  been  developed  according  to  a  largely  empirical  approach. 
Further  development  can  be  expected  along  this  line,  for  example  with  the  introduction  of  alternative  coating  processes  for 
depositing  MCrAlY  alloys  (electrophoresis,  co-electrodeposition)  or  with  the  replacement  of  platinum  by  palladium  in  modified 
alumlnide  coatings.  The  development  of  advanced  processes  however,  often  requires  a  more  subtle  approach  (for  example 
involving  thermodynamic  calculationsln  the  case  of  codeposition  In  single  step  cementation,  for  Instance). 

More  in-depth  investigations  are  needed  In  order  to  better  understand  the  degradation  mechanisms  and  therefore  be  In  a 
position  to  exploit  the  full  potential  of  available  coating  compositions.  In  this  respect  more  data  and  modelling  are  necessary 
concerning  the  intrinsic  mechanical  properties  of  coatings  as  well  as  the  thermomechanical  behaviour  of  coated  systems. 
Application  of  thermal  barrier  coatings  on  highly  stressed  components  represent  the  next  challenge  for  improving  significantly 
gas  turbine  engine  performances.  This  Implies  an  active  research  effort  in  the  direction  of  more  reliable  coating  processes  and, 
depending  on  applications  envisaged,  of  new  systems  with  higher  temperature  capabilities  or  improved  hot  corrosion 
resistance. 

Finally  an  increasing  activity  is  noted  concerning  the  development  of  high  temperature  materials :  titanium  alloys  having  creep 
strength  at  temperatures  above  those  for  which  oxidation  resistance  is  adequate,  intermetallic  compounds,  etc.  Formulating 
new  coating  compositions  and  processes  is  expected  to  be  necessary  to  ensure  the  protection  of  these  materials. 
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Figure  i  Partial  phase  diagram  in  the  Nl-Cr-Al  system  (a)  and  thermal  expansion  data  (b)  showing  the  phase 
transformation  at  around  1000‘C  {23J. 


•)  Longitudinal  section; b)  transverse  section 
Figure  2 :  Schematic  diagram  of  a  co-electrodeposition  plating  unit  [9], 


a/  Electrophoresis 


•  Hot  corrosion  behaviour  (IN  100  substrata) 


b/  Vapour  phase  aluminization 


c /  Hot  corrosion  behaviour 


Figure  3 :  Croeaaectlon  of  an  MCrAlY  coating  after  electrophoresis  (a)  and  aubeequentconaoiktotion  by  vapour 
pheae  afcimintring  (b).  Hot  ccrroakxi  resistance  In  burner  rig  teata,  with  Ha.SO,  deposits,  at  900  C  of 
various  coetinga  on  IN  100(c)  (16]. 


Partially  stabilized 
zlrconla 

UCrAlY  bondcoat 


Superalloy  substrate 


200  pm 


Figure  4 :  Typical  aspect  In  cross  section  of  a  thermal  barrier  coating. 


Figure* :  Typical  degadatkxw  of  a  thermal  barrier  coating  :  propagation  of  a  main  crack  parallel  to  the 
ceramlc/metal  interlace  (a)  Internal  oxidation  of  bondcoat  (b). 


TEMPERATURE 


Figure  7  :  Schematic  representation  of  thermal  barrier  coating  life  as  a  function  of  temperature  [43, 44] 


Figure  0 :  Cydlc  oxidation  at  1 100’C  ofaCoCrAiYcoatinQlow-pressure- plasma-sprayed  on  different  superalloy* 
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SUMMARY 

Thermal  shock  and  long  term  oxidation  tests  on  ceramic  thermal  barrier  coatings  were  done  under 
flight  simulation  conditions  in  a  burner  rig.  Three  coating  combinations  were  investigated: 

-  Magnesium  stabilised  zlrconia  topcoat  with  Ni-5  Z  A1  bondcoat 

-  Magnesium  stabilised  zlrconia  topcoat  with  NiCoCrAlY  bondcoat 

-  Yttrium  stabilised  zlrconia  topcoat  with  NiCoCrAlY  bondcoat. 

r  ^  The  Zr02/Y203  +  NiCoCrAlY  combination  showed  superior  resistance  to  thermal  shock  and  long  term 
oxitfat/ion  as  compared  to  the  Zr02/Mg0  +  Ni-5  Z  Al  coating.  The  long  term  oxidation  resistance  of  the 
Zr02/Mg0  4-  NiCoCrAlY  combination  was  intermediate  to  that  of  the  other  two  coatings.  Degradation  of  the 
coatings  was  examined /in  detail*  and  the  practical  significance  of  the  results  is  assessed. 

1 .  INTRODUCTION 

There  is  a  continuing  effort  to  increase  the  operating  temperatures  of  gas  turbines  in  order  to 
improve  the  efficiency  and  power  output.  This  means  that  continued  development  of  high  temperature 
materials,  cooling  methods  and  coatings  for  oxidation  and  corrosion  resistance  is  necessary. 

Ceramic  thermal  barrier  coatings  are  promising  candidates  for  protecting  high  temperature  components 
such  as  combustion  chambers,  augmentor  liners  and  flame  holders.  These  coatings  offer  a  combination  of 
thermal  insulation  and  high  resistance  to  oxidation  and  corrosion,  thereby  enabling  better  performance  and 
longer  service  lives.  Many  ceramics  have  been  investigated,  with  zlrconia  (Zr02)  being  given  the  moat 
attention.  However,  zlrconia  undergoes  a  phase  transformation  in  the  turbine  temperature  regime  and  the 
accompanying  volume  change  causes  cracking  and  spalling  during  thermal  cycling.  The  zlrconia  therefore 
must  be  stabilised.  This  has  led  to  development  of  the  coating  systems  Zr02  +  18-24  weight  Z  MgO 
(magnesium  stabilised  zlrconia)  and  Zr02  +  6-8  weight  Z  Y20$  (yttrium  stabilised  zlrconia).  These  systems 
represent  a  good  compromise  between  low  thermal  conductivity  and  acceptable  thermal  expansion  mismatch 
with  the  metallic  substrate  [1], 

Thermal  barrier  coatings  (TBCs)  are  commonly  applied  as  two-layer  systems  consisting  of  a  ceramic 
topcoat  deposited  over  a  metallic  bondcoat.  As  its  name  implies,  the  bondcoat  provides  good  adhesion  at 
the  interfaces  with  the  ceramic  topcoat  and  metallic  substrate.  Also  the  bondcoat  has  better  corrosion 
resistance  than  the  substrate.  Many  investigations  have  sh</wn  the  potential  of  TBCs,  but  it  is  also  clear 
that  their  performance  depends  on  component  geometry  and  loads  and  the  environmental  conditions. 

The  F100  engine  In  service  with  the  Royal  Netherlands  Air  Force  (RNLAF)  uses  a  TBC  for  the  combustion 
chamber  and  augmentor  liner.  The  TBC  Is  a  magnesium  stabilised  zlrconia  topcoat  with  a  Ni-5  Z  Al  bondcoat. 
In  service  the  coating  has  limited  life  owiug  to  spalling,  and  improvements  are  necessary.  Thus  an 
investigation  to  compare  the  thermal  shock  and  loug  term  oxidation  resistances  of  the  currently  used  TBC 
and  two  possible  alternatives  has  been  carried  out  by  the  NLR.  The  alternative  TBCs  are  a  magnesium 
stabilised  zlrconia  topcoat  with  a  NiCoCrAlY  bondcoat,  and  an  yttrium  stabilised  zlrconia  topcoat  with  a 
NiCoCrAlY  bondcoat. 

2.  THE  TEST  PROGRAMME 

An  overview  of  the  test  programme  is  given  in  table  1.  Details  of  the  test  specimens,  the  burner  rig 
and  testing  conditions  are  given  in  the  following  subsections  2.1  -  2.3. 

2.1  Specimens 

Cylindrical  tube  specimens  with  the  dimensions  shown  in  table  1  were  used  for  thermal  shock  tests. 
The  specimens  were  fabricated  by  roll-up  and  welding  of  Hastslloy  X  and  HS  188  superalloy  sheets.  The 
sheet  thickness  for  both  materials  was  1.2  mm.  Chemical  compositions  of  the  alloys  are  given  in  table  2: 
these  are  compared  with  nominal  values  [2]. 

The  thermal  barrier  coatings  were  applied  by  air  plasma  spraying  at  the  R'lLAF  Jet  Engine  Depot  (DSM 
Woensdrecht) .  The  Intended  nominal  coating  thicknesses  were  0.1  on  for  the  bondcoats  and  0.2  m  for  the 
topcoats.  These  are  the  specified  thicknesses  for  the  F100  combustion  chamber  and  augmentor  liner.  Actual 
thicknesses  and  the  chemical  compositions  of  the  TBCs  are  given  in  table  3.  Excepting  the  ZrOa/YaO* 
topcoat,  the  coating  thicknesses  met  the  nominal  specification.  The  Zr02/Y203  topcoat  was  consistently 
thinner  chan  specified.  Also  the  yttrium  content  of  the  NiCoCrAlY  bondcoats  was  lower  than  the  nominal 
specification  of  0.5  weight  Z. 

Examples  of  coated  specimens  are  shown  In  figure  1.  Before  testing  all  specimens  were  visually 
inspected  for  coating  deficiencies.  None  were  found.  Also  the  specimens  cross-sectioned  for  coating 
thickness  measurements  shoved  normal  structures  and  porosities,  figure  2. 
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2.2  Burner  Rig 

The  TBCs  were  tested  with  a  BECON  burner  rig  Installed  at  the  NLR.  The  basic  unit  of  this  rig  Is  a 
laboratory  combustor  whose  operating  characteristics  closely  approximate  those  of  actual  gas  turbine 
combustion  chambers.  A  schematic  of  the  BECON  rig  combustor  is  given  in  figure  3.  The  combustor  consists 
of  two  sections  with  independent  air  systems  and  an  instrumentation  ring: 

(1)  Primary  section: 

This  Is  an  annular  diffuser  and  a  burner  liner.  Fuel  is  Injected  via  a  pressure-atomising  nozzle 
and  homogeneous  combustion  is  achieved  by  a  strong  swirl-stabilised  recirculation  zone. 

(2)  Secondary  section: 

Hot  combustion  gases  are  cooled  by  dilution  with  air  from  secondary  jets. 

(3)  Instrumentation  ring: 

This  is  air  cooled  and  enables  control  of  the  ignitor,  a  flame  monitor  and  access  ports  for 
injection  of  pollutants  (S02,  NaCI,  etc.)  and  erosive  particles,  if  required. 

A  technical  specification  for  the  BECON  rig  is  listed  in  table  4. 


2.3  Test  Conditions 

The  specimens  were  mounted  in  batches  of  8  in  a  rotating  holder  downstream  to  the  burner  rig  exhaust 
nozzle.  In  each  batch  one  specimen  was  a  fully  representative  "dummy1'  containing  thermocouples  brazed  into 
the  metallic  substrate  and  the  substrate /bondcoat  interface.  A  slip-ring  system  was  used  to  enable 
thermocouple  measurements  Co  be  recorded.  The  specimens  and  holder  could  be  moved  from  the  hot  gas  into  a 
cold  air  stream  to  simulate  thermal  shocks.  Also  the  high  temperature  testing  could  be  done  under 
flight-by-flight  conditions.  Movement  of  the  specimens  and  holder,  and  all  the  burner  rig  operating 
conditions,  were  programmed  and  controlled  by  a  microprocessor. 

The  thermal  shock  tests  were  done  using  the  temperature-time  profiles  shown  in  figure  4.  The  test 
history  consisted  of  repeated  sequences  of  30  rapid  thermal  cycles  between  450  °C  and  1100  °C  plus  a 
30  minute  hold  at  940  ®C. 

The  long  term  oxidation  tests  were  done  using  the  temperature-time  profiles  shown  In  figure  5.  The 
test  history  consisted  of  repeated  60  minute  sequences  involving  rapid  heating  (120s)  and  cooling  (60s) 
between  100  *C  and  1050  °C  at  the  beginning  and  end  of  each  sequence. 

For  both  types  of  test  the  burner  rig  used  JP-4  jet  fuel.  No  pollutants  or  erosive  particles  were 
added  to  the  hot  gas  stream.  It  should  be  noted  that  the  tempera ture-time  profiles  in  figures  4  and  5  are 
idealised.  In  practice  reasonable  approximations  were  achieved,  for  example  figure  6. 


3.  RESULTS 

A  summary  of  the  applied  thermal  shock  and  long  term  oxidation  test  sequences  is  given  in  table  5.  As 
expected,  the  thermal  shock  tests  were  of  relatively  sho  duration.  The  numbers  of  thermal  cycles  varied 
considerably  because  the  specimens  were  regularly  insp*.  '.d»  and  serious  spalling  or  lifting  of  the 
coating  resulted  in  prompt  removal  from  testing. 


3.1  Macroscopic  Examination 

Visual  inspection  of  the  specimens  during  and  after  testing  led  to  the  qualitative  classification  of 
coating  damage  shown  in  figure  7.  These  results  indicate  the  following: 

(1)  The  Zr03/Y309  +  NlCoCrAlY  combination  possessed  superior  resistance  to  thermal  shock  and  long 
term  oxidation  as  compared  to  the  ZrOa/MgO  +  Ni-5  Z  A1  coating. 

(2)  The  long  term  oxidation  resistance  of  the  Zr03/Mg0  +  NlCoCrAlY  combination  was  intermediate  to 
that  of  the  other  two  costings. 

(3)  The  choice  of  substrate  apparently  influenced  the  thermal  shock  resistance.  Progressive  damage 
of  each  TBC  combination  tended  to  occur  later  in  coatings  on  HS  188. 

Representative  examples  of  the  macroscopic  appearances  after  testing  are  given  In  figure  8.  The 
superior  resistance  of  the  Zr03/Y30j  +  NlCoCrAlY  coating  to  spalling  is  evident. 


3.2  Optical  Metallography 

Metallographlc  cross-sections  of  the  specimens  were  made  after  testing.  A  qualitative  classification 
of  the  observed  costing  and  substrate  damage  is  shown  In  figure  9,  and  representative  micrographs  are 
illustrated  in  figure  10.  The  results  are  discussed  in  detail  in  the  following  sections  3.2.1  -  3.2.4. 


3.2.1  Tfutmjl  Shook ,  496  Cyolaa 

Specimens  coated  with  Zr02/Y30s  +  NlCoCrAlY  were  undamaged  except  for  slight  oxidation  of  the 
bondcoat.  Specimens  costed  with  Zr03/Mg0  +  Ni-5  Z  Al  shoved  cracks  in  the  topcoat,  the  bondcoat /topcoat 
interface  and  the  bondcoat.  Also,  the  bondcoat  vsa  severely  oxidised,  and  slight  oxidation  of  the 
Hastslloy  X  substrate  had  occurred. 


3.2.2  Thermal  Shock. ,  1240  Cycles 


Specimens  coated  with  Zr02/Y203  +  NiCoCrAlY  showed  cracks  In  the  topcoat  and  slight  oxidation  of  the 
bondcoat.  The  non-spalled  areas  on  HS  188  specimens  coated  with  Zr02/Mg0  +  Ni-5  2  A1  shoved  progressive 
deterioration  as  compared  to  496  cycles,  see  figure  10.  However,  the  Bubstrate  had  not  oxidised. 


3.2.3  Long  Term  Oxidation ,  100  Cycles 

Specimens  coated  with  Zr02/Y203  +  NiCoCrAlY  and  Zr02/Mg0  +  NiCoCrAlY  showed  cracks  in  the  topcoat  and 
slight  oxidation  of  the  bondcoat  and  substrate.  Specimens  coated  with  Zr02/Mg0  +  Ni-5  2  Al  showed  cracks 
in  the  topcoat,  the  bondcoat /topcoat  interface  and  the  bondcoat.  The  bondcoat  was  severely  oxidised  and 
slight  oxidation  of  the  substrate  had  occurred. 


3.2.4  Long  Term  Oxidation t  200  Cycles 

Specimens  coated  with  Zr02/Y203  +  NiCoCrAlY  showed  cracks  only  in  the  topcoat  and  moderate  oxidation 
of  the  bondcoat  and  substrate.  Specimens  coated  with  Zr02/Mg0  +  NiCoCrAlY  showed  cracks  in  the  topcoat  and 
the  bondcoat/topcoat  Interface.  The  bondcoat  and  substrate  were  moderately  oxidised. 


3.3  Scanning  Electron  Metallography  and  Analysis 

Metallographlc  cross-sections  of  untested  and  tested  specimens  were  Investigated  by  SEM  and  EDX 
analysis.  Elemental  X-ray  density  maps  showed  that  changes  In  coating  and  substrate  composition  were 
qualitatively  similar  for  the  thermal  shock  and  long  term  oxidation  tests.  The  choice  of  substrate  did  not 
affect  the  composition  changes  in  the  thermal  shock  tests.  Hence  only  a  selection  of  the  resuLts  will  be 
Illustrated.  Elemental  X-ray  maps  and  video  images  of  the  untested  and  tested  TBCs  are  presented  in 
figures  1 1  -  13.  These  figures  show*. 

0)  Test  lug  the  Zr02/Mg0  +  Ni-5  2  Al  combination,  figure  11,  resulted  in 

•  Cr  diffusion  from  the  substrate  to  the  substrate/bondcoat  interface 

•  N1  diffusion  from  the  bondcoat  to  the  substrate 

•  increased  0  content  of  the  bondcoat,  especially  at  the  substrate/bondcoat  interface.  This 
change  is  clearly  associated  with  Cr  enrichment  at  the  substrate/bondcoat  interface. 

(2)  Testing  the  Zr02/Mg0  +  NiCoCrAlY  and  Zr02/Y203  +  NiCoCrAlY  combinations,  figures  12  and  13, 

resulted  in 

•  Cr  enrichment  of  the  bondcoat,  especially  at  the  substrate/bondcoat  and  bondcoat/topcoat 
Interfaces 

•  Ni  diffusion  from  the  bondcoat  to  the  substrate 

•  Increased  0  content  of  the  bondcoat.  This  change  is  associated  with  Cr  enrichment  of  the 
bondcoat . 

Concentration  changes  of  other  elements  were  too  small  to  give  useful  information.  However,  it  is 
evident  from  the  results  that  there  are  broad  similarities  in  the  compositional  changes  arising  from  both 
thermal  shock  and  long  term  oxidation  testing. 


4.  DISCUSSION 

4.1  Overview  of  Coating  Performances  and  Rankings 

The  TBCs  were  tested  under  flight  simulation  whereby  the  temperature  exceeded  1000  °C  only  for  short 
times,  figures  4-6.  This  is  an  Important  consideration  because  it  is  generally  agreed  that  magnesium 
stabilised  zlrconla  is  not  suitable  for  long  term  service  exposure  above  about  1000  °C  [1], 

On  the  foregoing  basis  we  conclude  that  the  present  test  programme  demonstrates  the  superiority  of 
the  Zr02/Y203  +  NiCoCrAlY  combination  for  service  use.  This  coating  was  significantly  better  in  its 
resistance  to  spalling,  which  is  the  main  life-limiting  problem  for  the  currently  used  Zr02/Mg0  + 
Ni-5  X  Al  combination.  However,  it  is  worth  noting  that  metallography  of  non-spalled  areas  In  the  long 
term  oxidation  tests,  figures  9  and  10,  shows  little  difference  between  the  TBCs  with  respect  to  substrate 
protection.  This  servss  to  indicate  the  Importance  of  high  temperature  hold  times  as  well  as  thermal 
cycling  in  service  [  1 ) . 


4.2  Coating  Degradation  and  Failure 

The  most  important  degradation  and  failure  mechanisms  of  TBCs  are  [1,3-5]: 

(1)  Topcoat  spalling  owing  to  thermal  expansion  mismatch  and  destabilisation  during  thermal  cycling. 

(2)  Bondcoat  oxidation  or  hot  corrosion. 

(3)  Reactions  with  pollutants. 

(4)  Eros lon-mlcrospal ling  due  to  Impingement  of  particles  and  hot  gas. 

In  the  present  work  the  principal  degradation  and  fallura  mechanisms  wars  most  probably  limited  to 
topcoat  spalling  (thermal  expansion  mismatch)  and  bondcoat  oxidation.  Topcoat  microspalling  occurred  in 
the  long  tarn  oxidation  testa.  This  was  visible  as  surface  roughening,  as  noted  in  figure  7. 
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In  more  detail  figure  14  shows  the  observed  degradation  and  failure  mechanisms  according  to  test  type 
and  duration.  There  are  similarities  but  also  distinct  differences.  The  main  differences  relate  to 
bondcoat  cracking  and  substrate  oxidation.  Bondcoat  cracks  occurred  late  in  the  thermal  shock  tests  and 
not  at  all  in  the  long  term  oxidation  testa.  On  the  other  hand*  substrate  oxidation  began  relatively  early 
in  the  long  term  oxidation  tests.  Thus  TBC  protection  of  the  substrate  is  clearly  time-related*  as  already 
Indicated  In  section  4.1. 

In  view  of  the  similar  degradation  and  failure  mechanisms  of  the  TBCs  tested  in  the  present 
investigation*  we  conclude  that  the  choice  of  bondcoat  was  crucial.  Early  failure  of  the  ZrO2/Mg0  -t 
Ni-5  X  A1  combination  can  be  attributed  to  bondcoat  oxidation*  whereby  the  concomitant  volume  expansion 
causes  stresses  leading  to  topcoat  spalling  11]. 

The  elemental  X-ray  density  maps,  figures  ll  -  13,  show  that  the  Ni-5  X  Al  bondcoat  is  a  relatively 
poor  barrier  to  oxidation.  This  is  because  it  contains  no  chromium,  and  oxygen  has  a  strong  affinity  for 
chromium,  which  is  present  iu  the  substrates  and  also  diffuses  to  the  substrate/bondcoat  interface.  The 
NiCoCrAlY  bondcoat  distributes  oxygen  somewhat  more  homogeneously,  but  there  is  still  a  concentration  of 
oxygen  and  chromium  at  the  substrate/bondcoat  interface,  and  also  at  the  bondcoat /topcoat  interface. 

By  itself  the  concentration  of  chromium  and  oxygen  -  forming  Cr2Oa  -  is  beneficial  to  both  oxidation 
and  thermal  shock  resistance  [4j.  However,  in  keeping  with  the  policy  of  increasing  the  times  between 
overhaul  and  maintenance  it  may  be  worthwhile  investigating  three-layer  TBCs.  These  have  an  additional 
metallic  or  graded  metallic/ceramic  layer  between  the  bondcoat  and  topcoat  in  order  to  reduce  inward 
diffusion  of  oxygen  and  to  assist  in  accommodating  thermal  expansion  mismatch  [1]. 


5.  CONCLUSIONS  AND  RECOMMENDATIONS 

An  investigation  of  the  thermal  shock  and  long  term  oxidation  resistances  of  three  ceramic  thermal 
barrier  coatings  under  flight  simulation  conditions  in  a  burner  rig  showed  that 

(1)  The  Zr02/Y203  +  NiCoCrAlY  combination  possessed  superior  resistance  to  thermal  shock  and  long 
term  oxidation  as  compared  to  the  Zr02/Mg0  +  Ni-5  X  Al  coating. 

(2)  The  long  term  oxidation  resistance  of  the  Zr02/Mg0  +  NiCoCrAlY  combination  was  intermediate  to 
that  of  the  other  two  coatings. 

(3)  The  choice  of  bondcoat  is  most  important.  Early  failure  of  the  Zr02/Mg0  +  Ni-5  X  Al  combination 
can  be  attributed  to  bondcoat  oxidation  leading  to  topcoat  spalling. 

(4)  Intact  coatings  did  not  differ  much  in  their  ability  to  protect  the  metallic  substrate  against 
oxidation.  This  is  because  neither  the  topcoats  [l]  nor  bondcoats  are  strong  barriers  to  oxygen 
diffusion. 

(5)  Substrate  oxidation  is  strongly  time-dependent.  This  means  that  high  temperature  hold  times,  as 
well  as  thermal  cycling,  are  important  to  coating  performance. 

In  view  of  these  conclusions  we  recommend  to 

(6)  Replace  the  currently  used  Zr02/Mg0  +  Ni-5  X  Al  combination  with  the  Zr02/Y203  +  NiCoCrAlY 
coating  for  the  FI 00  combustion  chamber  and  augmentor  liner.  This  requires  evaluation  of  the 
plasma  spraying  conditions  to  ensure  that  the  Zr02/Y203  topcoat  thickness  meets  the 
specification. 

(7)  Investigate  the  potential  usefulness  of  three-layer  thermal  barrier  coatings,  which  should 
provide  improved  protection  of  the  metallic  substrates  against  oxidation. 
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TABLE  1  Test  programme  overview 


• 

TBC  COMBINATIONS 

:  (1)  Zr02/Mg0  +  Ni-5  1  A1 

(2)  Zr02/MgO  +  NiCoCrAlY 

(3)  Zr02/Y203  +  NiCoCrAlY 

• 

METALLIC  SUBSTRATES 

:  (1)  Hastelloy  X  nickel-base  superalloy 

(2)  Haynes  alloy  HS  188  cobalt-base  superalloy 

• 

SPECIMENS 

:  (1)  Cylindrical  tube 
(2)  Flat  strip 

• 

TYPES  OF  TEST 

:  (1)  Thermal  shock 

(2)  Long  term  oxidation 

• 

TESTING  CONDITIONS 

:  Burner  rig  flight-by-flight  simulation 

» 

TEST  MATRIX 

TYPES  OF  TEST 

TBC  COMBINATIONS 

SUBSTRATES 

THERMAL 

Zr02/Mg0  +  Ni-5  Z  A1 

Zr02/Y203  +  NiCoCrAlY 

Hastelloy  X 

SHOCK 

ZrOj/HgO  +  Nl-5  X  A1 

ZrOj/YjOa  +  NiCoCrAlY 

HS  188 

LONG  TERM 
OXIDATION 

Zr02/Mg0  +  Ni-5  Z  A1 

ZrOa/MgO  +  NiCoCrAlY 

Zr02/Y203  +  NiCoCrAlY 

HS  188 

SPECIMEN  CONFIGURATIONS 


All  dimensions  in  inn 


TABLE  2  Chemical  compositions  of  the  metallic  substrates  (weight  Z) 


TABLE  3  Chemical  compositions  (weight  X)  and  thicknesses  of  the  thermal  barrier  coatings 
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TABLE  4  Becon  burner  rig  technical  specifications 


• 

COMPRESSOR 

127  kW 

• 

MASS  FLOW 

•  Hot  section  at  1000  °C 

i  0.4  kg/s 

•  Cold  section 

±0.8  kg /« 

• 

TOTAL  AIR  PRESSURE 

1.45  bar 

• 

MACH  NUMBER 

0.2  -  0.7 

• 

GAS  TEMPERATURE 

500  °C  -  1650  °C 

• 

SPECIMEN  TEMPERATURE  VARIATION  AT  1000  °C 

♦  5  'C 

• 

PRESSURE  VARIATION  ACROSS  NOZZLE 

±  0.5  Z 

• 

RESPONSE  TIME  1000  *C  -  300  °C 

10s 

• 

SPECIMEN  TEST  AREA 

50  nan  diameter 

• 

POLLUTANT  INJECTION 

S02,  NaCl,  etc;  erosive  particles 

TABLE  5  Applied  test  sequences 


TYPES  OF  TEST 

TBC  COMBINATIONS 

SUBSTRATES 

SPECIMEN 

CODES 

NUMBER  OF 
LOW-HIGH-LOW 
THERMAL  CYCLES 

TEST  DURATIONS 
(HOURS) 

HX  1 

496 

16 

Zr02/Mg0  +  Ni-5  Z  A1 

Hastelloy  X 

HX  2 

HX  3 

496 

248 

16 

8 

HX  4 

744 

24 

HX  5 

1736 

56 

Zr02/Y203  +  NiCoCrAlY 

Hastelloy  X 

HX  6 

HX  7 

496 

1240 

16 

40 

THERMAL 

HX  8 

496 

16 

SHOCK 

HS  9 

496 

16 

ZrOj/MgO  +  Ni-5  X  A1 

HS  188 

HS  10 

HS  11 

1240 

1240 

40 

40 

HS  12 

992 

32 

744 

24 

Zr02/Y203  +  NiCoCrAlY 

HS  188 

BH 

496 

992 

16 

32 

mm 

1240 

40 

100 

100 

Zr02 /MgO  +  Ni-5  X  A1 

HS  188 

100 

100 

100 

100 

100 

100 

LONG  TERM 
OXIDATION 

Zr02/Ng0  +  NiCoCrAlY 

HS  188 

n 

12 

13 

100 

200 

100 

100 

200 

100 

6 

200 

200 

ZrO,/YjOs  +  NiCoCrAlY 

HS  188 

7 

8 

100 

100 

100 

100 

10 

200 

200 

Fig.  l  Examples  of  TBC  coated  specimens  before  testing 


C 


ZrOj/MgO  -*-Ni  -5%  Al 


Zr02 


/MjO  +  NiCoCrAlY 


1 


Zr02/Y203  ♦  NiCoCrAlY 


TOPCOAT 

BONOCOAT 

SUBSTRATE 


TOPCOAT 


BONOCOAT 

SUBSTRATE 


TOPCOAT 

BONOCOAT 


SUBSTRATE 


M. 


Fig.  2  Cross-sections  of  the  TBCs  before  testing  (X  100) 


13-10 
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NUMBER  OF  LOW-HIGH- LOW  THERMAL  CYCLES 


Pig.  10  Representative  examples  of  vetaliographic  cross-section  of  TBCs  after  testing  (x  100) 
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Zr02/V203  +  NiCoCrAlY  | 

HS  IS)  I 


UNTESTED 


ZrOj/YjOj  +  NiCoCrAlY 
HS  IBS 

THERMAL  SHOCK 
1240  CYCLES 


Zr02/Y203  +  NiCoCrAlY 

hsih 

LONG  TERM  0XI0ATI0N 
200  CYCLES 

Fig.  13  Elanantal  X-ray  aapa  and  vldao  laa|ti  of  unto* tad  and  taatad  ZrOj/YjOj  ♦  KICoCrAlY  tharnal  barrlar 
coating 
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type  of  test 


TBC  AMO  HIKTRATC 
DEGRADATION 


TOPCOAT  CRACKS 


QUALITATIVE  ASSESSMENT  OF  DEGRADATION  OCCURENCE  AND  SEVERITY 


THERMAL  SHOCK  BONOCOAT  OXIDATION 

AND 

LONG  TERM 

OXIDATION  BONOCOAT  /TOPCOAT  CRACKS 


TOPCOAT  SPALLING 


THERMAL  SHOCK 


LONGTERM 

OXIDATION 


BONOCOAT  CRACKS 


SUBSTRATE  OXIDATION 


TOPCOAT  MICROSPALLING 


SUBSTRATE  OXIDATION 


TEST  DURATION 


Fig.  14  Schematic  of  TBC  and  substrate  degradation  mechanisms  according  to  test  type  and  duration 
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EVALUATION  OF  HIGH  TEMPERATURE  PROTECTIVE  COATINGS  FOR  GAS  TURBINE  ENGINES  UNDER  SIMULATED  SERVICE 

CONDITIONS 
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The  surface  degradation  of  turbine  hot  section  components,  due  to  oxidation,  hot  corrosion,  erosion 
and  thermal  fatigue,  is  discussed.  The  mechanisms  of  each  mode  of  attack  are  summarized  and  the  state-of- 
the-art  in  protective  coatings  for  gas  path  components  is  reviewed.  Durability  evaluations  of  coatings 
under  simulated  service  conditions  are  discussed,  including  evaluations  conducted  in  high  velocity  burner 
rigs-  Inconsistencies  in  the  ranking  of  coatings  in  rigs  is  attributed  to  laboratory-to-laboratory 
variations  in  test  procedures  and/or  test  conditions.  Finally,  the  important  parameters  for  durability 
testing  in  rigs  are  discussed  in  terms  of  the  environmental  and  operational  factors  that  control  hot  gas 
chemistry  and  the  extent  of  surface  damage  of  hot  parts.  A  description  of  commonly  used  burner  rigs  and 
test  procedures  employed  is  also  provided  to  complete  the  paper. 


1.0  INTRODUCTION 

Performance  of  the  gas  turbine  engine  has  increased  considerably  in  terms  of  thrust  to  weight  ratio, 
fuel  consumption  and  reliability  ever  since  the  first  experimental  Whittle  engine  was  built  in  the  late 
thirties.  This  progress  was  achieved  by  approximately  doubling  the  turbine  inlet  entry  temperature  to 
xl775  K,  and  was  made  possible  by  the  introduction  of  materials  capable  of  withstanding  increasingly 
higher  inlet  temperatures  and  by  the  introduction  of  internal  cooling  technology  for  hot  parts. 
Austenitic  steel  turbine  blades  were  first  replaced  by  the  stronger  Ni-20%  Cr  alloys  and  the  latter  were 
subsequently  replaced  by  even  stronger  Y*  strengthened  Ni  based  superalloys.  Several  forms  of  these 
alloys  such  as  IN738LC,  KM200,  DS  MM200+Hf,  DS  Rene  80,  PVA  1480,  MA6000,  Rene  80  etc.  are  now  in  use  in 
gas  turbines  including  cast,  wrought  and  powder  processed  versions  of  the  alloys. 


600  880  900  MO  1000  1050  1100 

mraATUHE  CAP^BLITY  °C 


Figure  1:  Relationship  between  hot  cor¬ 
rosion  resistance  and  tempera¬ 
ture  capability  of  nickel  based 
superalloys.  Creep  rupture  in 
100  h,  stress  level  108  MN/mZ  (3). 


Materials  research  is  still  motivated  by  the  demand  for  materials  with  improved  high  temperature 
capability,  creep  and  fatigue  resistance  as  well  as  strength  coupled  with  toughness  and  long  term 
microstructural  stability.  Traditionally,  improvements  in  these  properties  for  nickel  based  superalloys 
have  been  sought  by  additional  strengthening  from  the  Y'  phase.  This  is  achieved  by  increasing  the 
aluminum  and  titanium  contents  while  decreasing  chromium  content  (1,2).  Although  such  developments  have 
allowed  higher  service  temperatures,  the  higher  strength  alloys  are  Inherently  less  resistant  than  their 
predecessors  to  environmental  attack.  Including  hot  corrosion.  The  reduction  in  'iot  corrosion  resistance 
that  accompanies  increasing  temperature  capabilities  of  nickel  based  superalloys  is  illustrated  in  Fig.  1 

(3) .  Such  shortcomings  have  often  caused  premature  rejection  of  expensive  to  replace  turbine  hardware 

(4) .  This  review  is  concerned  with  laboratory  evaluations  of  these  high  strength  alloys  and  the  coatings 
employed  to  mitigate  surface  degradation. 

Surface  degradation  due  to  oxidation  and  hot  corrosion  of  nickel  based  superalloys  has  already  been 
extensively  studied.  Both  modes  of  attack  are  relatively  well  understood  and  several  reviews  have  been 
published  on  the  subject  that  provide  an  Insight  into  the  reaction  mechanisms  involved  and  the  role  of 
alloying  elements  (5-21).  Similarly,  protective  coatings  for  these  materials  have  been  thoroughly 
Investigated  in  the  past  although  their  response  to  environmental  attack  is  not  well  understood. 
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It  is  shown  that  modes  of  service  degradation  of  hot  part  are  many,  and  that  protective  coatings  are 
an  essential  element  of  hot  section  material  developments  if  further  enhancements  in  engine  efficiency  or 
performance  and/or  component  longevity  are  to  be  obtained.  It  is  also  shown  that  coating  selection  is 
often  complicated  by  conflicting  laboratory  results  on  their  relative  durabilities  and  that  this 
complication  is  due  primarily  to  the  absence  of  standard  test  methods  and  procedures  employed  in 
evaluating  coatings. 

Of  the  numerous  laboratory  techniques  for  ranking  high  temperature  materials  and  coatings  in  terms  of 
their  relative  resistance  to  environmental  attack,  exposures  to  simulated  service  conditions  in  burner 
rigs  are  by  far  the  most  powerful  ones.  However,  burner  rig  tests  can  be  quite  complex  to  perform  and 
interpretation  of  the  results  can  be  quite  delicate.  This  interpretation  requires  not  only  a  clear 
understanding  of  modes  of  degradation  of  materials  and  coatings  in  turbines,  but  also  of  the  factors  that 
control  the  gaseous  environment  responsible  for  environmental  attack.  In  this  paper,  the  primary  modes  of 
attack  responsible  for  surface  degradation  are  first  described.  The  state-of-the-art  in  protective 
coatings  is  then  reviewed.  Environmental  and  operational  factors  that  are  believed  to  influence  hot 
section  environment  in  terms  of  contaminant  chemistries,  combustion  reactions,  formation  and  deposition  of 
corrosive  species  and  their  interactions  with  hot  parts  are  discussed  in  detail.  Finally  state-of-the-art 
burner  rigs  are  described  and  current  test  procedures  outlined.  Emphasis  throughout  the  paper  is  placed 
on  hot  salt  corrosion  evaluations  since  hot  corrosion  is  the  most  complex  mode  of  degradation  that  can 
affect  hot  section  components  and  the  most  difficult  to  simulate  in  the  laboratory. 


2.0  MODES  OF  SERVICE  DEGRADATION: 

Service-induced  damage  of  hot  section  components  in  the  gas  turbine  is  a  complex  problem.  The  damage 
can  take  many  forms  depending  on  component  type  and  operating  environment.  For  gas  path  components,  both 
internal  and  surface  damage  may  occur.  The  internal  damage  is  related  to  microstructural  changes  which 
occur  slowly  in  service  as  a  result  of  long  term  exposures  to  high  temperatures  and  stresses.  The  surface 
damage  is  related  to  oxidation,  hot  corrosion  or  erosion,  acting  singly  or  in  combination,  and  to  thermal 
fatigue  cracking.  Both  forms  of  damage  can  lead  to  loss  of  load  bearing  capacity  in  blades  and  vanes  and 
ultimately  to  component  rejection  if  costly  in-service  failures  are  to  be  avoided.  A  brief  description  of 
the  mechanisms  associated  with  each  mode  of  surface  degradation  is  presented  below. 

2.1  Oxidation: 

At  high  temperatures,  elements  such  as  Al,  Cr  or  Si  in  nickel  based  superalloys  react  with  oxygen 
present  in  combustion  gases  to  form  surface  oxides.  The  oxide  layers  of  A1203,  Cr203  and  Si02  that  form 
provide  protection  against  further  oxidation  by  providing  a  diffusion  barrier  between  the  alloy  and  the 
gaseous  environment.  In  practice,  a  reservoir  of  the  oxide  forming  elements  Is  supplied  by  coating 
components  (singly  or  in  combination)  with  Al ,  Cr  or  Si  to  ensure  long  term,  trouble  free,  service  in  the 
aggressive  environment  of  the  turbine  hot  section.  Of  the  Alt03,  Cr203  or  Si02  scales  that  form,  the 
first  two  are  known  to  provide  better  protection  against  oxidation.  At  temperatures  in  the  range  of  1175 
to  1475  K  an  A120}  scale  provides  better  protection  than  a  Cr203  scale,  because  of  its  slower  growth  rate. 
Protective  properties  of  a  Cr203  scale  are  also  limited  above  1225  K  in  oxidizing  environments  due  to  the 
formation  of  volatile  Cr03 .  Therefore,  above  1225  K,  oxidation  resistance  of  an  alloy  or  a  coating  is 
generally  provided  by  A1203  scales.  Si02  has  occasionally  been  used  as  a  protective  oxide  scale  but 
transformation  of  Si02  to  less  durable  SiO  in  reducing  atmospheres  at  higher  temperatures  greatly  limits 
its  application.  Also,  there  is  some  evidence  that  SiO*  can  react  with  other  metallic  ions  to  form 
complex  and  undesirable  oxides  (17). 

Protective  properties  of  scales  are  normally  reduced  with  time.  Several  factors  may  be  responsible 
for  this  degradation.  Most  of  these  are  associated  with  mechanically,  thermally  and/or  oxide  growth 
induced  stresses  which  can  cause  cracking  of  the  oxide  scales.  The  degradation  of  oxides  scales  can  be 
further  enhanced  by  the  presence  of  water  vapour  and/or  compounds  containing  chlorides  such  as  NaCl  or 
HC1 .  For  example,  Crc03  transforms  to  volatile  Cr(0H)3  in  the  presence  of  water  vapour  at  or  above  1225  K 
and  when  compounds  containing  chlorine  are  present,  volatile  metal  chlorides  and  oxychlorides  can  also 
form  (22). 

During  service,  cracked  oxide  scales  tend  to  spall  and  are  replaced  by  new  protective  scales 
resulting  from  oxidation  of  the  exposed  substrate.  Volatilization  and  spalling  leads  to  gradual  depletion 
of  oxide  forming  elements  below  the  surface  and  formation  of  less  stable  oxides  such  as  NiO  or  CoO.  In 
the  end,  the  substrate  is  attacked  by  internal  oxidation  which  can  lead  ultimately  to  loss  of  component 
load  bearing  capability.  An  example  of  oxidation  damage  at  the  tip  of  a  DS  Rene  80H  high  pressure  turbine 
(HPT)  blade  that  probably  resulted  from  the  above  scenario  is  shown  in  Fig.  2  (23). 
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2.2  Hot  Corrooioo: 

Hot  corrosion  Is  the  degradation  of  materials  caused  by  the  presence  of  corrosive  salt  deposit- or  ash 
on  hot  parts  in  the  temperature  range  between  875  and  1225  K.  This  form  of  damage  la  encountered 
primarily  in  engines  that  are  operated  in  marine  environments  when  sodium  chloride ,  ingested  as  sea  salt, 
reacts  with  sulphur  impurities  from  the  fuel  in  combustion  gases  to  form  corrosive  sulphates.  The 
sulphates  produced  by  this  reaction  may  be  deposited  onto  the  surface  of  hot  parts  where  they  can  flux  the 
protective  oxide  scales,  resulting  in  accelerated  metal  loss.  This  degradation  mode  occurs  usually  in  two 
steps,  one  an  incubation  and  the  other  a  propagation  step.  The  former  corresponds  to  the  formation  of  a 
sulphate  deposit  and  its  reaction  via  either  acidic  or  basic  fluxing  with  the  protective  oxide  scsle, 
while  the  letter  is  characterised  by  s  rspid  incresse  in  the  corrosion  rate  associated  with  changes  in  the 
morphology  of  the  corrosion  layers .  Pettit  and  Coward  have  reported  that  the  Incubation  time  is 
controlled  by  many  factors  including  alloy  composition,  gss  composition  and  velocity,  salt  deposition  rate 
and  temperature  (14).  The  time  associated  with  the  propagation  stage  is  comparatively  small  and  therefore 
the  incubation  time  is  normally  considered  ss  a  criterion  in  determining  the  relative  hot  corrosion 
resistance  of  materials. 

Two  forms  of  hot  corrosion  are  possible,  one  prevailing  at  an  intermediate  temperature  of  **975  K  and 
another  that  dominates  around  1125  K.  This  is  indicated  by  a  maximum  in  corrosion  rates  at  these  two 
temperatures  ss  shown  schematically  in  Fig.  3  (22).  The  first  maximum  situated  around  975  K  corresponds 
to  s  low  temperature  form  of  hot  corrosion  known  as  LTHC,  or  Type  II  corrosion,  which  involves  the 
formation  of  a  complex  sulphate  deposit  often  containing  cobalt  in  addition  to  sodium.  The  second 
maximum,  »t  about  1125  K,  corresponds  to  s  high  temperature  form  of  hot  corrosion  known  ss  HTHC,  or  type  I 
corrosion,  which  appears  to  involve  fluxing  by  NatSO*  perhaps  in  combination  with  MgSO*  and  CaSO*,  with 
the  latter  serving  only  to  depress  the  melting  point  of  N*sSO*.  The  condensed  salt  deposits,  totally  or 
partially  molten,  dissolve  the  protective  oxides  by  acidic  or  basic  fluxing  depending  upon  the  alloy 
composition  and  the  environmental  parameters.  Type  I  hot  corrosion  (HTHC)  develops  a  broad  front  of 
corrosion  products  containing  chromium  sulphides  and  a  layer,  within  the  alloy,  depleted  in  more  reactive 
elements.  In  contrast,  in  type  II  corrosion  (LTHC),  eutectic  sulphate  mixtures  are  formed  giving  rise  to 
pitting  attack  with  pits  filled  with  a  mixture  of  aluminum  and  chromium  oxides  with  little  or  no  sulphides 
and  minimum  alloy  depletion  (22). 


Hot  Corrosion  - 4*~  Oxidation 


Temperature  (K) 


Figure  3:  Schematic  diagram  of  corrosion 
rate  versus  temperature  de¬ 
picting  occurrence  of  type  I  and 
type  II  hot  corrosion  at 
approximately  1125  and  975  K 
respectively  (22). 


Gas  turbines  blades  and  vanes  in  aircraft  engines  are  subjected  to  complex  thermal,  mechanical  and 
chemical  loads  (14).  These  components  are  exposed  to  s  chemically  aggressive  environment,  and  depending 
on  service  conditions,  either  form  of  hot  corrosion  may  occur.  As  a  result,  their  dimensions  can  be 
altered  which  can  in  turn  have  negative  impact  upon  their  structural  integrity  or  aerodynamic  properties. 
An  example  of  type  I  hot  corrosion  at  the  trailing  edge  of  an  IN713  blade  retrieved  from  a  T56  engine  is 
shown  in  Fig.  4a.  The  innermost  layer  contains  chromium  sulphides  -  (CrfS3)  in  the  form  of  globules.  No 
such  sulphides  form  in  type  II  hot  corrosion  as  shown  in  Fig.  4b  for  a  CoCrAlY  costed  alloy  of  similar 
composition.  Both  type  I  end  type  II  hot  corrosion  may  occur  on  the  same  component  ss  s  result  of  thermal 
gradients  present  on  component  surfaces  during  engine  operation. 


Figure  4:  Characteristic  appearance  of  type  I  and  II  hot  corrosion  (s)  type  I,  IN713;  (b)  type  II, 
CoCrAlY  costing  ((b)  Courtesy  G.W.  Goward  of  Turbine  Components  Corporation) . 
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2.3  Erosion: 

Erosion  of  gas  path  components  is  caused  by  sand  ingested  during  take  off  or  landing,  or  during 
cruising  at  altitudes  up  to  10,000  meters  over  some  areas.  The  particles  of  sand  in  the  gas  stream  may 
strike  gas  path  components  and  destroy  the  reaction  product  barrier  that  normally  provides  resistance 
against  oxidation  and  hot  corrosion.  Leading  edge  surface  morphology  of  a  HPT  blade  damaged  by  erosion  is 
shown  in  Fig.  5a, b.  Pyrolytic  carbon  produced  due  to  poor  combustion  conditions  or  unevaporated  sea  salt 
particles  in  the  combustion  gases  can  also  cause  erosion  of  hot  parts  (24-32).  The  former  can  accelerate 
the  hot  corrosion  damage  by  creating  locally  reducing  conditions  or  high  sulphur  potentials  at  the 
component  surface  (27).  Erosion  or  combined  erosion  -  hot  corrosion  processes  can  lead  to  catastrophic 
failure  of  hot  parts.  The  extent  of  damage  depends  upon  size,  amount  and  impact  energy  of  the  particles. 
Galsworthy  et  al .  (26)  and  Sorell  (31)  have  reviewed  erosion  -  hot  corrosion  interactions  in  detail  and 
the  reader  is  referred  to  these  reviews  for  more  information. 


Figure  5:  Characteristic  appearance  of  an  eroded  surface  at  the  leading  edge  of  a  turbine  blade  (a) 
general  view,  (b)  magnified  image  of  encircled  area  shown  in  (a). 


2.4  Thermal  Fatigue: 

By  definition,  thermal  fatigue  is  the  gradual  deterioration  and  eventual  cracking  of  a  material  under 
thermal  strains  resulting  from  rapid  temperature  changes  in  high  temperature  environments  and  during  which 
free  thermal  expansion  is  partially  or  completely  constrained  (33).  In  this  respect,  thinner  sections  of 
gas  turbine  blades  at  the  leading  and  trailing  edges  heat  up  and  cool  down  faster  than  the  bulk  of  the 
component  during  service  (34).  The  temperature  transients  at  various  points  in  time  in  the  flight  cycle 
give  rise  to  large  cyclic  thermal  strains  at  these  locations,  which  can  result  in  cracking  due  to  thermal 
fatigue  damage  accumulation.  In  addition,  coatings  and  substrates  are  sometimes  mechanically  incompatible 
in  terms  of  their  thermal  expansion  and  therefore  significant  strain  mismatch  can  also  develop  in  a 
coating/alloy  system  during  service.  The  resulting  tensile  or  compressive  thermal  expansion  mismatch 
strains  can  either  increase  or  decrease  the  overall  cyclic  thermal  strains  within  the  coating,  depending 
on  materials  properties  and  operating  conditions.  When  cyclic  strains  are  relatively  severe,  the 
protective  barrier  provided  by  coatings  may  crack  prematurely.  Cracks  in  the  coating  provide  an  easy  path 
for  contaminant  to  reach  the  substrate,  leading  to  preferential  attack  of  the  substrate.  An  example  of 
such  localized  attack  along  the  trailing  edge  of  an  IN713  C  nozzle  guide  vane  is  shown  in  Fig.  6.  Such 
localized  attacks  can  lead  to  a  loss  of  load  bearing  capacity  and  ultimately  to  overload  failure  of  the 
component. 


Ni  Plating  (for  edge  retention  during  metallograghic  preparation) 
Aluminide  Coating 
Diffusion  Layer 


Substrate 


Figure  6:  Thermal  fatigue  crack  at  the 
trailing  edge  of  an  1N713C  nozzle 
guide  vane. 


The  overall  factors  contributing  to  the  degradation  of  hot  section  components  in  gas  turbines  are 
summarized  in  Table  1,  which  compares  operating  environments,  forms  of  damage  and  expected  life  times  for 
hot  parts  in  aeronautical ,  industrial  and  marine  engines.  Irrespective  of  the  type  of  engine, 
environmental  attack  due  to  oxidation,  hot  corrosion  or  erosion  can  be  life  limiting  depending  upon  the 
operating  conditions. 
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Table  1:  Main  Factors  Contributing  to  the  Degration  of  Components  in  Hot  Sections  of  Gas  Turbines. 


Factors 

Type 

of  turbine 

Environment 

Nature  of  Damage 

Temperature*,  K 

Thermal  Cycles 

Contaminant  level 

Mechanically  Induced 

Environmentally 

Induced 

Expected 

Ufeh 

Fuel  % 

Air,  ppm 

Military 

Aircraft 

>1175 

•Several  (function 
of  missions) 

•Aviation  Fuel 

Containing 

S<03% 

•Salt-0.1  ppm 
•Sand  from 
runway 

(Contaminants 
in  air  is  a  func¬ 
tion  of  flying 
locations) 

•Thermal  Fatigue 
•Creep 

•Oxidation 
•Type  I  hot  corro¬ 
sion 

1,000  to 
5,000 

Civil  Aircraft 

>1075 

•Several  (function 
of  flight  schedules) 

•Erossion  if  air  con¬ 
tains  sand  particles 

>10,000 

Industrial 
and  Utility 

1125-1175 

•Variable,  short 
cycles  (top  up 
machines) 

•Stable  (power 
generation) 

•Gas  oil,  Crude 
oil  containing 
S>03%  along 
with  (Na  +  V) 

and  K 

•Depends  on 
location  of 
machine 

•Thermal  fatigue  (if 
short  cycles) 

•High  cycle  fatigue 
(large  machines) 

•Severe  type  I  hot 
corrosion 

•Type  U  hot  corro¬ 
sion  (some  times) 
•Erosion  if  air 
contains  particles) 

30,000  to 
100,000 

Marine 

<  1025  (often) 
1125  (occasionally) 

•Marine  Diesel 
containing  S«0-3- 
1.6  %  along  with 
Na,  V 

•Sea  salt  from 
marine  aero¬ 
sols 

•High  cycle  fatigue 
(large  machines) 

•Severe  type  II  hot 
corrosion 

•Some  cases  of  type 

I  hot  corrosion 
■Erosion  if  air  con¬ 
tains  particles 

>10,000 

*  Metal  surface  temperature  of  1st  stage  turbine  blade. 


3.0  MATERIALS  AND  PROTECTIVE  COATINGS: 

Many  techniques  can  be  used  to  minimize  environmental  attack  on  hot  parts  (35-38) .  In  practice  one 
usually  relies  on  a  combination  of  them.  For  instance,  air  filters  can  be  used  to  screen  off  contaminants 
from  the  intake  air,  while  undesirable  fuel  elements  such  as  Na,  V,  S  can  be  minimized  by  using  high 
quality  cleaner  fuels.  Also  special  materials  that  combines  high  strength  and  corrosion  resistance  can  be 
used.  However,  in  the  end  one  generally  relies  upon  coatings  to  provide  the  necessary  protection  against 
high  temperature  environmental  attack  within  the  hot  end  of  turbines. 

3.1  Materials  for  Gas  Turbine  Blades  and  Vanes: 

Alloys  able  to  withstand  oxidation  in  combination  with  both  type  I  and  type  II  corrosion  in 
aggressive  turbine  environments  are  difficult  to  make  and/or  expensive  to  produce  while  maintaining  an 
optimum  compromise  with  mechanical  properties.  In  practice,  Co  and  Ni  based  superalloys  are  used  for  hot 
parts,  with  Co  base  alloys  providing  better  resistance  to  type  I  hot  corrosion  and  thermal  fatigue  than 
nickel  based  alloys.  The  latter,  however,  have  better  oxidation  resistance  and  superior  mechanical 
properties  overall,  for  most  applications.  Hot  corrosion  resistance  of  nickel  based  superalloys  can  be 
improved  by  increasing  chromium  content.  However,  as  the  cb'omiua  content  is  increased  the  relative 
concentration  of  f'  precipitate  forming  elements  (A1  ♦  Ti)  is  lowered  at  the  expense  of  strength  and 
oxidation  resistance.  Furthermore,  increasing  chromium  content  is  no  guarantee  that  an  alloy  will  not 
corrode,  as  materials  that  show  good  resistance  to  one  type  of  corrosion  are  not  necessarily  resistant  to 
the  other.  This  is  the  case  of  IN939  with  good  type  I  hot  corrosion  resistance  but  poorer  properties 
under  conditions  conducive  to  type  II  corrosion  than  the  lower  chromium  alloy  IN738  (38-40). 


3.2  Protective  Coatings: 

Protection  against  environmental  attack  is  provided  by  coatings  applied  on  the  external  as  well  as 
internal  surfaces  of  internally  cooled  components.  Coatings  have  been  shown  to  extend  usable  lives  of 
components  by  delaying  the  threshold  beyond  which  damage  becomes  excessive,  as  shown  in  Fig.  7  (41). 
There  are  two  main  groups  of  coatings  for  high  temperature  components,  namely  the  metallic  and  the 
ceramic-based  thermal  barrier  coatings.  Their  characteristics  are  summarized  below  and  the  reader  is 
referred  to  other  work  for  more  details  (42-46) . 

3.2.1  Metallic  coatings: 

Metallic  coatings  protect  structural  components  from  environmental  attack  by  acting  as  a  barrior  to 
minimise  chemical  interactions  between  the  substrate  and  the  environment.  Depending  on  the  service  con¬ 
ditions  and  the  nature  of  the  gaseous  environment,  coating  cosiposltlon  is  selected  to  minimize  oxidation 
and/or  hot  corrosion.  Aluminum  rich  coatings  are  used  for  protection  against  oxidation  while  chromium 
rich  coatings  are  used  for  protection  against  type  I  hot  corrosion.  The  incorporation  of  Si  to  aluminum 
based  coatings  usually  provides  resistance  to  type  II  hot  corrosion.  Protective  coatings  are  applied  by 
two  methods,  one  where  the  surface  of  the  component  is  enriched  by  diffusion  and  the  other  where  an  alloy 
of  desired  composition  is  deposited  directly  onto  the  surface  of  the  part  by  one  of  many  techniques.  The 
former  method  gives  rise  to  so  called  diffusion  coatings  and  the  latter  to  overlay  coatings. 
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Figure  7:  Schematic  diagram  illustrating 

that  one  primary  function  of  a 
protective  coating  is  to  delay 

the  initiation  of  surface 
degradation  (41). 

tl  t2 
Service  life 

3. 2. 1.1  Dif fusion  coatings 

Diffusion  coatings  in  which  aluminum  is  diffused  into  the  substrate  are  generally  aluminides  obtained 
by  pack  cementation,  slurry  fusion,  or  chemical  vapour  deposition  (CVD) .  Pack  cementation  is  used 

predominantly  because  of  its  tow  cost  and  simplicity  (47-48) .  The  component  to  be  coated  is  placed  in  a 

retort  with  an  aluminum  source  and  a  halide  activator  (NH*C1).  The  assembly  is  sealed  in  an  inert  gas 
environment  and  held  at  an  elevated  temperature  for  sufficient  time  to  allow  build  up  of  a  ^30-70  pm  thick 
coating.  The  coating  usually  consists  of  an  outer  layer  of  one  or  more  aluminides,  and  an  inner  diffusion 
layer  containing  substitutional  alloying  elements,  carbide  and  chromium  rich  sigma  phases. 

Diffusion  aluminide  coatings  can  either  be  of  the  'inward'  or  'outward'  type  depending  upon  the 
activity  of  the  aluminum  in  the  powder  pack.  Low  activity  aluminide  coatings  are  formed  by  outward 
diffusion  of  nickel  (or  cobalt)  from  the  base  metal,  while  high  activity  aluminide  coatings  (e.g.  Alpak) 
result  from  inward  diffusion  of  the  aluminum  during  subsequent  heat  treatment.  Normally,  high  activity 
processing  is  preferred;  this  produces  a  coating  with  good  oxidation  resistance  but  poor  hot  corrosion 
performance.  The  hot  corrosion  resistance  (type  I)  is  improved  by  addition  of  elements  such  as  chromium, 
platinum  and  rhodium.  A  typical  microstructure  of  a  low  temperature  high  activity  aluminide  coating  is 
shown  in  Fig.  8. 


Ni  Plating 
B  NiAl  Carbides 
B  NiAl  Solid  Solution 


Figure  8:  Typical  raicrostructure  of  a  low 
temperature  high  activity 
aluminide  coating  on  an  IN713C 
blade . 


Carbides  + 
Sigma  Phase 

Substrate 


The  first  commercial  Pt-modif ied  coating,  LDC-2,  was  produced  by  electrodepositing  a  platinum  layer 
less  than  *vl0  pm  thick  onto  a  component  and  subsequently  aluminizing  for  several  hours  at  1325CK.  A 
modified  version  of  LDC-2  known  as  RT22,  is  widely  used  today  to  protect  hot  section  components  in 
industrial  gas  turbines.  While  coatings  of  this  type  have  good  resistance  to  type  I  hot  corrosion,  their 
performance  against  type  II  hot  corrosion  has  however  been  questioned  (59). 


3. 2. 1.2  Overlay  coatings: 

Overlay  coatings  can  be  applied  by  several  techniques  including  electron  beam  physical  vapour 
deposition  (EBPVD),  sputtering,  plasma  spraying  and  cladding.  They  are  typified  by  the  so  called  MCrAlY 
coatings  where  M  can  be  either  Co,  Ni  or  Fe .  The  Interaction  of  the  deposited  150-300  pm  thick  coating 
with  the  substrate  during  deposition  is  usually  negligible.  Consequently,  they  offer  tailored  solutions 
for  protection  in  specific  environments  due  to  flexibility  in  the  design  of  coating  compositions,  as  the 
applied  coating  is  independent  of  the  substrate  composition.  A  good  compromise  of  oxidation  resistance, 
hot  corrosion  resistance  and  mechanical  properties  can  be  achieved  with  such  coatings  by  suitably  choosing 
the  coating  elements.  Early  interest  in  overlay  coatings  was  focused  on  several  cobalt  based  CoCrAlY  s 
with  composition  in  the  range  of  20-40%  Cr,  12-20%  A1  and  0.5%  yttrium,  the  latter  to  improve  oxide 
adhesion.  Since  then,  several  overlay  coatings  have  been  introduced  commercially.  A  comprehensive 
listing  of  these  products  can  be  found  elsewhere  (45). 

The  advantages  and  disadvantages  of  diffusion  and  overlay  coatings  and  processes  employed  for  their 
application  are  presented  in  Table  2  (22). 
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Table  2:  The  main  advantages  and  disadvantages  of  various  types  of  metallic  coalings  and  coating  processes  (22). 


j  DIFFUSION  ALUMINIDE  COATINGS 

OVERLAY  COATINGS 

C.V.D.  type  method 

1  . 

High  activity 

Low  Activity 

Sprayed 

Pt.  modified 

Cr.  modi¬ 
fied 

■aassaii 

Plasma  spraying  under  argon 
shield  or  Low  temperature. 

Composition 

Much  dependant  on  alloy  composition 

Dependant  on  alloy  com¬ 
position. 

Large  variety  except  alloys 
containing  Ta. 

Any  powder  composition  com¬ 
mercially  available. 

Ductility 

Low,  unproved  by: 

•Increase  in  thickness  of  coating 

•Appropriate  heat  treatments  except  for  Pt  modified  aluminides 

Good  (depends  on  composition  A1  content).  Sprayed  coatings 
are  more  ductile  than  evaporated  coatings  of  equivalent  com¬ 
positions 

Compatibility 
with  alloy  beat 
treatments 

Good 

Low  except 
vapour  phase 
treatments. 

Good 

Low  except  high  activity 
aluminizing  or  vapour 
phase  aluminizing. 

No  problems 

Thickness 

Regular 

Limited 

Irregular 

Regular  |  Limited 

No  limitation 

Adherence 

Very  good 

Diffusion  heat  treatment  compatible  with  the  alloy  heat  treat¬ 
ment  is  required 

Reproducibility 

Very  good 

Function 
of  know 
bo* 

Depends  on 
Pt  deposit 
quality 

Good 

Good  if  deposition  parameters  are  closely  controlled 

Masking 

Possible 

Difficult 
except  for 
vapour  phase 
treatments. 

Easy 

Difficult 

Difficult 
except  for 
vapour 
phase  treat¬ 
ments. 

Very  easy 

Post  Treat¬ 
ments 

Eventual  wet  grit  blasting. 

Shot  peening 

Appropriate  finishing  treat¬ 
ments,  shot  peening. 

Coating  inter¬ 
nal  Cooling 
passages 

Possible  but  easier  with  vapour 
phase  processes. 

No 

No 

Possible  if 
vapour 
phase  alu¬ 
minizing. 

No 

Coating  com¬ 
plex  shaped 
components 

Yes 

Difficult 

Yes 

No 

3.2.2  Thermal  barrier  coatings: 

Thermal  barrier  coatings  (TBC) ,  often  applied  by  plasma  spraying,  are  multilayer  coating  systems 
consisting  of  a  ceramic  insulating  layer  (top  coat)  and  a  metallic  inner  layer  (bond  coat)  between  the 
ceramic  and  the  substrate,  Fig.  9.  Zirconia  (ZrO*)  is  normally  used  as  a  base  material  for  the  insulating 
layer  due  to  its  extremely  low  thermal  conductivity.  Yttria,  magnesia  or  calcium  oxide  is  also  added  to 
prevent  transformation  of  cubic  ZrOj  during  thermal  cycling  (60).  The  bond  coat  usually  consists  of  a 
MCrAlY  layer.  Yttria  stabilized  zirconia  is  considered  to  have  good  oxidation  and  hot  corrosion 
resistance  which  may  be  further  enhanced  by  the  addition  of  a  MCrAlY  layer  on  top  of  the  TBC. 

TBC's  reduce  the  heat  flux  to  the  cooled  metal  surface.  These  types  of  coatings  provide  an 
opportunity  to  increase  gas  turbine  efficiency  by  allowing  higher  gas  inlet  temperatures  or  by  reducing 
cooling  air  requirements  in  airfoils  (43).  Alternatively,  these  coatings  can  be  used  to  extend  component 
life  through  lowering  metal  temperature  and/or  reducing  the  thermal  strains  induced  during  engine 
transients.  The  potential  for  increasing  operating  temperature  by  as  much  as  140  K  makes  them 
exceptionally  attractive. 

TBC's  have  >een  used  for  extending  usable  lives  of  burner  and  after  burner  liners  and  air  cooled 
components  in  gas  turbines  and  other  heat  engines  (14,6).  However,  current  usage  is  limited  due  to 
problems  associated  with  high  surface  roughness,  excessive  porosity,  slag  inclusions,  microcracking  and 
poor  adhesion.  These  limitations  lead  to  premature  degradation  and  failure  by  internal  sulphidation, 
spallation,  reduced  resistance  to  thermo-mechanical  strains,  pitting  corrosion,  condensed  salt  penetration 
and  oxygen  penetration  at  high  temperatures.  However,  research  efforts  are  still  continuing  to  overcome 
these  1*  '*.tions.  Currently,  use  of  these  coatings  is  limited  to  non  critical  stationary  parts. 


Figure  9:  Typical  microstructure  of  a  ther¬ 
mal  barrier  coating  consisting  of 
6%  Y,0,  stabilized  ZrOt  ceramic 
insulating  layer  (top  coat)  and 
CoNiCrAlY  metallic  inner  layer 
(bond  coat)  on  IN 7 38  LC  alloy. 


Bond  Coat 
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4.0  SELECTION  OF  PROTECTIVE  COATINGS: 

Hot  section  coatings  should  provide  protection  against  environmental  attack  to  an  extent  which  gives 
component  life  times  compatible  with  the  structural  potential  of  the  substrate.  The  main  role  of  coatings 
is  to  minimize  surface  degradation  so  that  structural  integrity  and  aerodynamic  characteristics  of 
components  are  preserved.  Rhy-Jones  has  tabulated  the  properties  required  by  a  coating  system  and  these 
are  presented  in  Table  3  (62) . 

Before  selecting  a  coating  for  a  particular  component,  the  designer  should  ideally  have  insight 
information  on  the  severity  of  the  corrosive  environment  and  the  level  of  the  thermal  and  mechanical  loads 
likely  to  be  experienced  by  the  component  in  service.  The  coating  must  have  adequate  resistance  to  hot 
corrosion  and  a  sufficiently  high  ductility  so  that  cracks  do  not  initiate  too  readily  during  thermal 
cycling  (63).  In  addition,  it  is  important  to  account  for  the  possible  Interactions  with  the  base 
material  during  coating  application  as  well  as  during  service,  as  these  interactions  can  influence 
mechanical  properties  of  the  substrate  (55,63-64).  Coatings  are  normally  applied  at  temperatures  where 


Table  3:  Propcrlics  required  by  a  coating/subslralc  system  for  turbine  blades  and  vanes  application  (62). 


Properly 

Requirements 

Property 

Requirements 

Corrosion  and 

Initial  rapid  formation  of  thin,  uniform  adherent 

Coating  adhesion 

Matched/similar  coating  and  substrate  properties  e.g. 

oxidation 

and  continuous  protective  oxide  film. 

thermal  expansion.Clean  alloy/coating  interface. 

resistance 

Slow  subsequent  rate  of  scale  growth. 

Ability  to  withstand  all  strain-temperature  cycles  encoun- 

Highly  stable  and  adherent  oxide  scale 

Mechanical  prop- 

tered  by  the  component. 

High  concentrations  of  oxide  forming  elements  in 
the  coating. 

erties 

Appropriate  coating  ductility. 

Little  or  no  effect  on  substrate  properties. 

Erosion 

Acceptable  rate  of  oxidation/corrosion. 

Surface  finish  dose  to  cast  airfoil. 

resistance 

Ductile  and  adherent  oxide  scale. 

Aerodynamic 

Acceptable  thickness  and  uniformity  on  airfoil. 

Coating  and  inter- 

Moderate  coating  ductility. 

properties. 

Minimum  loss  of  surface  smoothness  during  service. 

face  stability 

Low  rates  of  diffusion  across  interface.  Minimum 

Optimized  for  composition,  structure,  thickness  and 

compositional  changes,  particularly  with  reference 
to  brittle  phases. 

Coating  process 

thickness  distribution.  Ability  to  coat  complex  *-  jtnetries 
e.g.  aerofoils. 

Cost  effectiveness. 

the  substrate  microstructure  may  be  altered.  In  practice,  processing  conditions  as  well  as  post  coating 
thermal  treatments  are  adjusted  to  optimize  substrate  properties  for  the  application  at  hand  (63,65). 
During  service,  alloying  elements  from  the  coating  also  diffuse  into  the  substrate  and  vice  versa,  with 
the  result  that  embrittling  phases  such  as  sigma  can  form  at  the  coating  substrate  interface.  The  nature 
of  these  interactions  and  their  influence  on  mechanical  properties  are  summarized  in  Fig.  10  for  both 
diffusion  and  overlay  coatings  (65). 


Mechanical  Properties 


lcfScf""  Scale  formation 


Environment 
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Coating 
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Coatings 
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Figure  10:  Interaction  between  the  coating, 
the  substrate  and  the  environment 
(65). 


In  order  to  meet  the  needs  of  specific  environments,  while  taking  into  consideration  increasingly 
demanding  mechanical  property  requirements,  more  and  more  effective  coatings  have  been  developed.  The 
final  selection  of  a  coating  from  commercial  products  and  processing  technology  for  a  particular  component 
is  a  complex  process.  This  complexity  is  due  to  the  fact  that  the  lives  of  identical  materials  in  hot 
sections  of  nominally  identical  gas  turbines  can  differ  substantially  depending  on  engine  application 
(66),  fuel  quality  (67),  mission  type  and  severity  (68-69)  and  engine  maintenance  procedures  (70). 
Despite  considerable  progress  in  coating  technology,  a  sufficient  understanding  of  the  mechanistic  details 
associated  with  coating/substrate  degradation,  to  provide  predictive  capability  of  coating  lives  in 
specific  environments,  does  not  yet  exist.  This  is  further  complicated  by  disagreement  on  the 
applicability  of  laboratory  test  methods  and  procedures  used  for  the  ranking  of  coatings  as  discussed 
below  (71). 
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5.0  TESTING  METHODS  AND  EVALUATION  PROCEDURES: 

There  are  several  testing  procedures  available  to  assess  the  resistance  of  coatings  to  environmental 
degradation.  They  range  from  simple  laboratory  tests  to  the  more  complex  combustor  rig  tests,  which 
closely  simulate  hot  section  component  environments,  and  finally  to  field  tests.  Each  test  has  its  own 
merits  and  limitations  and  these  are  compiled  in  Table  4  (22).  The  different  test  procedures  often 
produce  conflicting  results  due  to  differences  in  test  conditions,  as  discussed  by  Just  (72),  where  the 
author  points  out  that  it  is  not  unusual  to  find  for  every  detailed  result  based  upon  &  single  specific 
test,  another  test  with  the  opposite  result. 


Table  4:  Different  Corrosion  Test  Methods,  Their  Advantages  and  Disadvantages 


Tests 

Laboratory 

Burner  rig 

Field  1 

Salt  Immersion 

Furnace 

Low  velocity 
low  pressure 

P«=latm 

Vg*20m/s 

High  velocity 
Low  pressure 

P»latm 

Vg>  lOOm/s 

High  Velocity 
High  pressure 

P>la»m 
Vg>  lOOm/s 

Crucible 

Electrochemic¬ 
al  Measure¬ 
ments 

Salt  spray 

Dean  Test 

Operating 

Conditions 

Total  or  partial  immersion  in  a 
fused  salt  bath  of  known  com¬ 
position  in  a  controlled  atmo¬ 
sphere  (air,  SO3/SO2) 

Depositing  salt  on 
the  specimen  at 
low  temperature 
(475K)  followed 
by  reaction  at  the 
test  temperature 
with  or  without 
renewal  of  salt 

Continuous  depo¬ 
sition  of  salt  to 
specimen  at  the 
test  temperature 
in  a  controlled 
atmosphere  (air, 
SO3/SO2) 

•Combustion  of  petroleum  derived  products  in 
oxidizing  environment 

•Controlled  addition  of  SO3  and  V  in  fuel  and 
salt  or  synthetic  sea  salt  in  air. 

•Possibility  of  thermal  cycling. 

Testing  in 
engines  with 
severe  operat¬ 
ing  conditions 

Advantages 

•Very  simple 
•Easy  to  per¬ 
form  tests 
•Low  cost 

•Corrosion  rate 
can  be  continu¬ 
ously  monitored 

•Simple 

•  Realistic  contam¬ 
inant  flux  rale 
•Easily  adaptable 

•Realistic  mass 
flow  rate 
•Continuous  salt 
deposition 

BB 

•Best  Simu¬ 
lation 

■ 

Drawbacks 

•Thickness  of 
salt  layer  too 
high 

•Oxygen  par¬ 
tial  pressure 
at  sample 
surface  high 

•Corrosion  rale 
too  high 
•Unrealistic 
corrosion  mor¬ 
phologies 

•Interrupted  con¬ 
tamination 

•Difficulties  in 
carrying  out  ther¬ 
mal  cycles  and  to 
modify 

contaminant  com¬ 
position 

•High  Mainte¬ 
nance  cost 

•No  simulation 
of  gas  velocity 
(high  resi¬ 
dence  times) 

•High  cost  and 
maintenance 

•High  mainte¬ 
nance  cost 
(about  10%  of 
field  costs) 

•  No  exploit¬ 
able  results 
before  2  years 
of  accumulated 
test  lime 
•High  cost 

In  laboratory  tests,  such  as  furnace  and  crucible  tests,  or  electrochemical  measurements  in  fused 
salt  baths,  test  parameters  are  well  defined  and  can  be  well  monitored.  Also,  the  test  results  are 
reproducible  but  are  not  necessarily  realistic.  In  this  respect,  the  procedures  suffer  from  two  major 
drawbacks.  Firstly,  and  with  the  exception  of  the  so  called  Dean  test  (c.f.  Table  4),  the  procedures 
involve  one  time  applications  of  Na2S0«,  whereas  continuous  or  near  continuous  deposition  of  Na*S0*  occurs 
during  service.  Secondly,  under  actual  service  conditions,  material  surfaces  are  exposed  to  temperatures, 
pressures,  velocities  or  gas  compositions  which  vary  significantly  and  rapidly  with  time,  which  cannot  be 
easily  considered  simultaneously  in  furnace  or  crucible  tests  (73-74).  As  a  result  of  these  drawbacks, 
surface  degradation  may  differ  substantially  from  that  experienced  in  service. 

Ultimately  there  is  no  substitute  for  tests  in  an  engine  that  operate  at  significantly  high  pressures 
and  mass  flows  of  combustion  gases.  However,  the  high  cost  and  time  required  to  rank  materials  and 
coating  in  this  way  can  be  prohibitive.  Also,  the  results  derived  from  one  engine  may  not  be  applicable 
to  other  engines. 


Combustor  rig  tests,  under  simulated  service  conditions,  provide  a  compromise  between  laboratory  and 
field  tests.  Testing  in  rigs  can  be  tailored  to  simulate  unique  aspects  of  service  environments  which  can 
not  be  taken  into  consideration  in  simple  laboratory  tests.  In  particular,  the  combined  effects  of 
erosion,  oxidation,  corrosion  and  thermal  cycling  can  be  easily  studied.  Furthermore,  high  velocity  gases 
of  composition  representative  of  gas  streams  in  turbines  can  be  easily  obtained  in  rigs  while  at  the  same 
time  the  influence  of  aerodynamic  loads  can  be  taken  into  consideration.  In  this  way,  rig  tests  can  be 
used  to  induce  modes  of  service  degradation  and  coating/substrate  responses  that  closely  approximate 
service  behaviour.  Therefore,  rig  tests  are  well  suited  to  coating  evaluation  studies  (75-85).  There 
are,  however,  difficulties  in  analyzing  rig  results  as  explained  below. 

In  1970,  the  ASTM  gas  turbine  panel  hot  corrosion  task  force  sponsored  (78)  a  round  robin  test 
programme  in  which  six  superalloys  were  evaluated  by  15  participants  in  combustor  rigs  under  the 
conditions  given  in  Table  5  (85).  The  results  of  this  programme  are  compared  in  Table  6  in  terms  of 
ranking  of  alloys.  Rig  results  showed  good  reproducibility  within  a  given  laboratory  but 
laboratory-to-laboratory  correlation  was  inconsistent  in  terms  of  degree  of  attack  and  relative  ranking  of 
the  same  materials.  Dapkunas  36)  pointed  out  that  poor  correlation  from  one  rig  to  the  next  was  not 
entirely  unexpected  as  various  rigs  were  designed  to  simulate  different  types  of  engine  environments  and 
the  tests  were  therefore  not  conducted  under  identical  conditions.  In  particular,  because  of  differences 
in  combustor  design,  the  gas  dynamic  conditions  established  in  the  different  rigs  were  not  identical  (87). 
Also,  Deadmore  et  al .  (88)  pointed  out  that  ranking  differences  would  be  expected  when  comparing  results 
obtained  with  high  velocity  rigs  operated  at  gas  velocities  of  200-800  m/s  (Mach  0.3-Mach  1.0)  with  those 
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Table  5:  Test  Conditions  used  by  Participants  of  ASTM  Round  Robin  Test  Programme 


Participant 

Salt  concentra¬ 
tion,  ppm 

Sulphur  content 
in  fuel  wt-% 

Temperature 

K 

Fuel/ Air  ratio 

Pressure, 

aim 

Gas  veloc¬ 
ity,  ms'1 

Cycling 

Time,  h 

A 

5 

JP-4R 

0.20 

1175 

0.033 

] 

215 

Yes 

100 

B 

5 

JP-5 

• 

1175 

0.033  1 

• 

No 

100 

C 

5 

Jet  A 

0.40 

1175 

•  1 

215 

Yes 

100 

D 

5 

JP-4 

0.16 

1175 

0.012  1 

60 

Yes 

100 

E 

•• 

Natural  gas 

• 

1255 

•  1 

• 

Yes 

104 

F 

5 

Kerosene 

0.95 

1145 

•  1 

• 

No 

100 

G 

••• 

... 

1175 

••*  1 

No 

100 

H 

1 

JP-5 

0.04 

1375 

0.016to  0.010 

15 

50-85 

Yes 

44 

I 

100 

Diesel 

0.86 

1175 

.033  1 

4.45  SCFM 

No 

100 

J 

5 

JP-4R 

1175 

••  1 

No 

100 

K 

•••• 

1200 

•••• 

L 

100 

• 

• 

1175 

0.033  1 

• 

No 

100 

M 

100 

2  Diesel 

0.15 

1175 

0.059  1 

6.71  SCFM 

Yes 

100 

N 

5 

JP-5 

• 

1175 

••  1 

Mach  1 

Yes 

100 

O 

5 

JP-4R 

0.16 

1175 

0.033  1 

215 

Yes 

100 

•Not  Known 

••  Salt  solution  (1%  sulphate  ion,  water  solution)  sprayed  on  specimens  during  cooling  cycle. 

*  *•  Static  rig  specimens  coated  with  Na2SC>4-NaCl(50/50)  mixture  exposed  to  0.15%  S02*2JZ5%  CO2  ah'  and  water  vapour  mixture. 
*•••  Crucible  tests,  90%  Na2  SO4-10%  NaCl  at  120QOC 


Table  6:  Results  of  ASTM  round  Robin  Test  Programme. 


Ranking  of  alloy  by  participant 

Average 

Rank 

Order  of  alloys  by 
average  rank 

No.  of  participants  ranking  alloy  | 

Alloy 

A 

B 

C 

D 

E 

F 

G 

H 

I 

J 

K 

L 

M 

N 

O 

1 

2 

3 

4 

5 

6 

U-500 

1 

2 

2 

2 

1 

3 

1 

1 

3 

3 

3 

3 

1 

3 

1 

2.00 

1 

6 

3 

6 

0 

0 

0 

IN-738 

2 

1 

1 

3 

3 

2 

3 

2 

2 

2 

1 

2 

3 

1 

2 

2.00 

1 

4 

7 

4 

0 

0 

0 

MM -421 

3 

3 

3 

4 

4 

1 

2 

4 

1 

5 

2 

1 

2 

2 

3 

2.67 

3 

3 

4 

4 

3 

1 

0 

U-700 

4 

4 

4 

1 

2 

4 

4 

3 

4 

1 

4 

4 

4 

4 

4 

3.40 

4 

2 

1 

1 

11 

0 

0 

IN-713C 

5 

6 

5 

5 

6 

5 

5 

5 

5 

6 

6 

5 

5 

5 

5 

5.27 

5 

0 

0 

0 

0 

11 

4 

IN-100 

6 

5 

6 

6 

5 

6 

6 

6 

6 

4 

5 

6 

6 

6 

6 

5.67 

6 

0 

0 

0 

I 

3 
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in  a  low  velocity  rig  where  gas  velocity  is  only  of  the  order  of  6-30  m/s  or  when  comparing  results  from 
rigs  operating  at  high  pressures  to  those  obtainable  at  atmospheric  pressure  (88) .  Meaningful  comparison 
of  results  from  different  laboratories  requires  that  the  test  conditions  employed  be  the  same.  Meaningful 
rig  testing  also  requires  that  the  test  be  conducted  under  conditions  representative  of  service 
environments,  such  that  results  can  be  extrapolated  to  predict  service  behaviour  (37).  In  this  respect, 
it  is  important  to  ensure  as  a  minimum  requirement  that  damage  morphologies  normally  incurred  in  service 
are  consistently  reproduced  during  rig  testing.  It  should  also  be  shown  that  the  corrosive  species  formed 
during  testing  are  chemically  identical  to  those  formed  in  service  on  engine  components.  Finally,  ranking 
of  materials  should  be  established  at  comparable  deposition  rates  of  the  contaminant  species,  since 
deposition  rate  is  one  of  the  factors  controlling  hot  corrosion  (89).  In  most  investigations,  composition 
and  amounts  of  salt  deposits  are  rarely  documented  (89).  Also  many  other  variables  associated  with 
combustor  flame  tube  design  and  gas  stream  dynamics  are  rarely  identified  as  other  key  variables.  A 
survey  of  the  literature  reveals  that  there  are  in  fact  no  standard  test  procedures  for  assessing 
materials  durabilities  in  rigs. 

Of  the  many  variables  that  can  be  expected  to  influence  surface  degradation  downstream  of  combustors, 
many  are  either  directly  or  indirectly  influenced  by  the  type  and  design  of  combustor.  Dils  has  made 
significant  contributions  in  defining  all  the  meaningful  variables  associated  with  combustors  and  has  been 
able  to  design  a  rig  for  testing  materials  under  a  variety  of  well  controlled  conditions  (73,90-91). 


Identifying  factors  which  contribute  towards  environmental  degradation  is  a  precursor  to  both  the 
understanding  of  corrosion  mechanisms  and  the  selection  of  simulation  criteria  required  to  develop 
realistic  testing  procedures.  In  this  respect,  it  is  important  to  understand  the  basics  of  combustion  in 
gas  turbine  engines  and  the  following  section  summarizes  briefly  the  principles  of  operation  of  a  turbine 
combustor.  The  environment  downstream  of  combustors  and  the  factors  that  influence  component  degradetion 
are  then  discussed  in  details.  Finally,  several  types  of  laboratory  combustors  including  that  developed 
by  Dils  are  illustrated. 

6.0  TURBINE  ENGINE  COMBUSTORS  -  DESIGN  AND  OPERATION: 

There  are  several  types  of  ges  turbine  engines  designed  for  different  applications  in  mind.  Their 
principles  of  operation  are  however  basically  the  same  (92).  Air  compressed  by  s  redial  or  axial 
compressor  is  mixed  with  fuel  end  the  mixture  is  ignited  in  a  combustor.  The  expending  gases  produced  by 
combustion  drive  e  single  or  multistage  turbine  which  in  turn  drives  the  compressor  and  produces  thrust 
either  directly  or  through  a  gear  box  vie  a  propeller.  A  cutaway  view  of  an  Allison  T56  engine  used  to 
power  Canadian  forces  Hercules  transport  aircraft  is  shown  in  Fig.  11  which  identifies  the  compressor, 
combustor  end  turbine  sections  of  this  turboprop  engine. 
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Figure  11:  Cutaway  view  of  an  Allison  T56  engine  (Courtesy  Allison  Gas  Turbine  Div.  of  General  Motors). 


There  are  three  basic  designs  of  combustion  chamber  for  turbines,  the  multiple  chamber,  the 
tuboannular  chamber  and  the  annular  chamber.  Cross-section  of  each  type  are  shown  in  Fig.  12.  The 
multiple  chamber  design,  such  as  used  in  the  T56  engine,  consists  of  a  series  of  individual  combustor  cans 
(usually  6  t>  14,  6  in  the  T56  engine)  arranged  circumferentially  around  the  main  rotor  shaft.  Fig.  12  a. 
Each  can  consists  of  an  outer  casing  and  a  perforated  inner  liner  or  flame  tube  as  shown  schematically  in 
Fig.  13  (93).  The  cans  are  interconnected  by  means  of  a  tube  to  allow  them  to  operate  at  the  same 
pressure  and  to  ensure  uniform  combustion.  The  interconnection  also  allows  the  flame  to  travel  between 
cans  during  ignition,  since  in  normal  installations  only  two  cans  are  equipped  with  spark  plug  ignitors. 


Figure  13:  Schematic  cutaway  view  of  a 
typical  tubular  combustor 
can  (after  the  Jet  Engine, 
Rolls  Royce,  1973)  (93). 


Figure  12:  Cross-sections  through  the  three 
basic  types  of  axial  flow 
combustion  systems  (a)  Tubular; 
(b)  Annular  and  (c)  Tuboannular 
or  Cannular. 


The  tuboannular  type  of  combustor  also  consists  of  an  individual  combustor  but  in  this  case  the 
outercasing  is  shared  by  all  the  flame  tubes,  Fig.  12  c.  Finally,  the  annular  type  of  chamber  consists  of 
a  singular  annular  flame  tube  contained  within  an  annular  outercasing,  Fig.  12  b.  While  the  three  designs 
are  obviously  quite  different,  their  principles  of  operation  in  relation  to  the  air  flow  distribution  used 
to  achieve  and  maintain  combustion  are  the  same.  In  all  cases,  the  incoming  air  is  slowed  down  and  a 
stable  flow  pattern  is  generated  within  the  primary  zone,  Fig.  13,  to  provide  adequate  residence  time  for 
efficient  combustion  before  the  outflow  is  mixed  with  dilution  air  and  accelerated  towards  the  turbine 
(92). 

fhe  hydrocarbon  liquid  fuels  used  in  gas  turbines  have  a  stoichiometric  fuel  to  air  ratio  of  about 
C  jo 6  (15:1  air  to  fuel  ratio)  for  complete  combustion.  Gas  turbine  engines  cannot  be  operated  with  over¬ 
all  mixture  ratios  which  even  approach  the  stoichiometric  value,  because  such  ratios  produce  exhaust  gas 
temperatures  of  about  2475  K  which  ia  far  in  excess  of  the  temperatures  that  structural  components  can 
withstand.  A  large  amount  of  excess  air  is  therefore  required  to  reduce  the  temperature  of  gases  leaving 
the  combustion  chamber  to  acceptable  levels.  This  usually  means  a  decrease  in  the  overall  fuel  to  air 
ratio  ro  levels  ranging  from  0.02  to  0.008,  depending  on  operation  of  the  engine  (93).  These  fuel  to  air 
ratios  are,  of  course,  too  lean  for  burning,  hence  combustor  designs  provide  a  method  of  by  passing  about 
60  to  75%  of  the  air  around  the  actual  combustion  zone.  The  by  ,  issed  air  Is  known  as  secondary  sir 
because  it  does  not  participate  in  the  combustion  process,  whereas  the  remainder  of  the  air  which  actually 
takes  part  in  the  combustion  is  known  as  primary  air  (92). 
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In  order  to  achieve  the  correct  fuel  to  air  mixture  for  stoichiometric  combustion,  the  fuel  nozzle 
oust  produce  a  fuel  spray  which  consists  of  very  fine  droplets  or  mists,  such  that  fuel  can  readily 
evaporate  and  quickly  combine  with  air,  while  avoiding  liquid  droplets  from  being  carried  down  the  flame 
tube  with  consequent  incomplete  combustion.  For  the  combustion  process  to  be  continuous,  the  temperature 
of  the  reactants  is  kept  above  the  ignition  temperature,  and  turbulence  is  maintained  in  the  gas  stream 
for  sufficient  time  to  allow  fuel  to  burn  completely  before  leaving  the  primary  zone. 

7.0  FACTORS  INFLUENCING  HOT  SECTION  COMPONENTS  ENVIRONMENT : 

Surface  degradation  of  turbine  hot  parts  is  a  direct  consequence  of  their  operating  environment. 
This  environment  is  the  end  product  of  a  chain  of  events  which  begins  from  environmental  conditions  ahead 
of  the  compressor  and  terminates  at  the  component,  as  summarized  schematically  in  Fig.  14  (94).  The 
factors  which  contribute  to  this  environment  can  be  separated  in  two  main  groups  (29,35,89,94-104): 

(i)  external  factors  that  influence  the  environment  ahead  of  the  combustor  and 

(ii)  internal  factors  that  influence  the  environment  within  the  combustion  chamber  itself  as  well  as 
downstream  of  the  combustor. 

The  former  are  associated  with  intake  contaminants  including  airborne  and  fuel  contaminants,  as  well 
as  with  the  load  condition  of  the  compressor.  The  latter  are  associated  with  combustor  design  and  its 
influence  on  the  characteristics  of  the  gas  flow  dynamics,  as  well  as  with  operating  temperatures  and 
geometries  of  the  components.  The  internal  factors  dictate  the  state  of  chemical  species  in  the  gas 
stream  i.e.  whether  the  species  are  present  in  the  gaseous,  liquid  or  solid  states,  along  with  their 
thermodynamic  activities,  concentrations  and  residence  times  within  the  combustor,  or  as  deposits  on  the 
components.  The  internal  factors  also  control  the  rate  of  reactions  taking  place  within  the  gas  phase  or 
at  the  surface  of  hot  parts. 


External  factors 
Compressor 


Internal  factors 


Combustor 


Air  contain¬ 
ing  sea  salt 
droplets 
arrive  at 
compressor 
from  envi¬ 
ronment 


Sea  salt  droplets 
impact  on  com¬ 
pressor  surfaces, 
stick  and  flow  to 
form  wet  film. 
Periodically 
water  wash  is 
done  to  clean 
compressor. 


Dry  particles  leave 
compressor  in  peri-] 
odic  bursts 

-  depending  on  load 
condition  of  cora- 

-  pressor  above 
60-75%  air  enters 

.  in  dilution  zone 
and  remaining  is 
mixed  with  fuel  for 
combustion  in  pri¬ 
mary  zone. 
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Figure  14:  Factors  contributing  to  the  hot  section  environment  (22). 


7.1  External  Factors: 

Contaminants  from  the  Intake  air  or  the  fuel,  either  singly  or  in  combination  after  reaction  in  the 
hot  gases  can  cause  extensive  damage  to  gas  path  components.  The  form  and  extent  of  damage  ultimately 
depends  on  air  and  fuel  purities  both  of  which  are  dictated  by  the  type  of  engine  and  its  application, 
Table  1.  Highly  rated  aero  engines  use  relatively  pure  fuel,  and  generally  the  air  purity  is  good  unless 
there  are  frequent  flights  at  low  altitudes  in  dusty  or  polluted  regions  or  near  marine  environments.  The 
marine  engines  use  lower  grades  of  fuels,  and  even  though  great  care  is  taken  to  filter  air  intakes,  the 
compressor  air  quality  is  generally  poor.  In  the  case  of  industrial  turbines,  gas-oil  fuels  of  varying 
purities  are  employed  and  their  quality  depends  to  a  great  extent  on  engine  location.  While  it  may  be 
unwise  to  generalize,  there  is  much  evidence  to  show  that  contaminant  levels  are  usually  the  highest  in 
the  case  of  industrial  turbines,  particularly  when  they  are  run  on  inexpensive  fuel  and  in  marine  or 
polluted  industrial  environments  (88). 

7.1.1  Air  quality: 

The  quality  of  air  is  particularly  important  due  to  the  small  fuel  to  air  ratios  involved,  typically 
in  the  range  from  0.02  to  0.008  (92).  For  aero  engines,  airborne  contaminants  enter  the  engine  either  as 
sea-salt  aerosols,  runway  dust,  sand  or  ash.  The  concentration  of  these  contaminants  determines 
ultimately  the  form  and  severity  of  attack  by  dictating  the  possible  forms  of  aggressive  6pecies  in 
combustor  gases. 

Sodium  chloride  is  usually  ingested  especially  over  seawater  from  marine  aerosols.  The  amount  of 
airborne  NaCl  in  marine  aeroaols  depends  upon  wind  speed,  ship's  or  aircraft's  speed,  air  temperature,  see 
state,  relative  wind  speed,  relative  wind  direction,  relative  humidity  and  atmospheric  pressure  as  shown 
in  Fig.  15  (41,105-106).  Moat  of  these  parameters  are  weather  dependent,  while  some  are  influenced  by  the 
type  of  engine  and  its  mission  (which  will  affect  aircraft's  snd  ship's  speed,  end  if  helicopter 
operations  are  a  significant  factor,  relative  wind  speed  snd  direction).  On  the  basis  of  several  studies, 
the  National  Gas  Turbine  Establishment  (NGTE)  has  published  stsndards  for  marine  aerosols  which  correlate 
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Figure  15:  Environmental  and  operational 
factors  influencing  marine 
aerosols  (106). 


Figure  16:  Variation  in  sea  salt  concen¬ 
tration  as  a  function  of 
wind  speed  (after  NGTE 
standard  marine  aerosols) . 


airborne  NaCl  concentration  levels  for  several  ranges  of  particle  sizes  as  a  function  of  wind  velocity  for 
gas  turbines  operating  in  a  marine  environment  (105-112).  It  is  evident  from  Fig.  16,  that  the  total 
concentration  of  NaCl  in  droplets  less  than  13  pm  in  diameter  in  marine  atmosphere  does  not  exceed  0.2  ppm 
by  weight  in  air.  When  diameters  above  13  pm  are  included  the  total  is  still  less  than  1  ppm  by  weight  in 
air  for  wind  speeds  up  to  20  knots  (1  knot  *  1.85  km/h).  It  has  been  argued  that  NGTE  standard  test  data 
shown  in  Fig.  16  give  an  overestimate  of  NaCl  concentration,  as  no  humidity,  air  temperature,  air 
pressure  or  sea  state  data  are  contained  in  the  descriptions  (106).  They  serve  as  a  severe  testing 
standards  for  designing  air  filters  for  offshore  installations.  Meanwhile,  Rolls-Royce  has  set  an  upper 
limit  of  0.01  ppm  NaCl  in  air  for  filter  design  purposes,  based  on  tests  on  Proteus  and  Tyne  engines 
(107-108) . 

Compressors  of  gas  turbine  engines  that  operate  in  marine  environment  are  periodically  cleaned  so 
that  accumulated  contaminants  are  removed  from  the  engine.  This  can  be  done  by  water  wash  while  the 
engine  is  mechanically  cranked.  Solutions  after  washing  contain  mostly  sulphate  anions  and  little,  if 
any,  chloride  anions  which  are  the  main  anions  in  ingested  sea  salt.  It  Indicates  that  sulphates  adhere 
preferentially  to  compressor  parts  while  ingested  chlorides  make  their  way  with  air  to  the  combustor 
during  service  (113).  Therefore,  with  or  without  regular  washing,  NaCl  ultimately  reaches  the  combustor 
with  the  compressed  air. 

Ingestion  of  desert  sand  by  gas  turbine  engines  can  cause  extensive  erosion  damage  to  both  compressor 
and  turbine  blades  and  vanes.  On  occasion,  deposits  of  ultra  fine  sand  (5-10  pm)  have  been  found  to 
accumulate  on  compressor  gas  path  components.  This  can  provide  Indirect  protection  to  turbine  blades  and 
vanes  as  the  fine  particles  are  filtered  out  from  the  gas  stream.  A  compressor  can  thus  act  as  a  massive 
filter,  a  condition  which  normally  prevails  under  constant  load  operation  (35).  However,  during  acceler¬ 
ation,  shedding  of  the  accumulated  sand  (or  other  form  of  deposits  including  those  of  dried  salt)  is 
possible,  such  that  concentrations  considerably  higher  than  the  mean  can  be  produced  over  a  short  period 
of  time  (35).  In  other  cases,  ingestion  of  fine  sand,  5-10  pm  in  size,  has  been  found  to  prevent  solid 
contaminants  from  building  up  on  compressor  blades  and  vanes  by  continued  erosive  action,  hence  preventing 
entrainment  of  deposits  and  downstream  impaction  on  turbine  blades  (102-103). 

Not  all  airborne  contaminants  entering  the  engine  are  exposed  to  the  elevated  temperatures  that  are 
necessary  for  the  formation  of  corrosive  species.  This  is  due  to  the  fact  that  not  all  the  compressor 
intake  is  directed  through  the  combustor.  Depending  on  the  engine  and  its  operation,  approximately  10%  of 
compressor  discharge  is  typically  bled  off  for  general  purpose  cooling  and  this  portion  usually  remains  at 
temperatures  less  than  650°C.  Of  the  remaining  compressor  discharge,  20-30%  is  used  for  combustion 
(primary  zone)  and  the  remaining  70-80%  is  introduced  downstream  of  stoichiometric  combustion  as  secondary 
cooling  air  as  explained  earlier  (114). 

7.1.2  Fuel  quality: 

There  are  a  wide  variety  of  fuels  used  in  gas  turbine,  depending  upon  the  type  of  turbine  and  the 
application.  All  of  them  are  composed  of  carbon  and  hydrogen  and  may  contain  sulphur,  as  well  as  small 
amounts  of  sodium,  vanadium  lead  and  chlorine  (115).  Salt  from  ingested  air  can  react  with  the  trace 
amounts  of  sulphur  and  vanadium  in  the  fuel  to  fora  corrosive  deposits  on  hot  parts.  The  nature  and 
extent  of  the  reactions,  as  well  as  the  rate  at  which  they  proceed,  are  controlled  to  a  great  extent  by 
the  physical  characteristics  of  the  hot  gas  stream  which  is  in  turn  Influenced  by  many  factors  as 
explained  below. 
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7.2  Internal  Factors: 

In  order  to  understand  the  process  of  hot  corrosion  and  develop  models  to  predict  its  progression,  it 
is  important  to  understand: 

(a)  what  happens  to  ingested  contaminants  in  terras  of  physico-chemical  reactions  within  the  combustion 
gases  and  also 

(b)  what  potential  interactions  the  products  from  such  reactions  can  have  with  hot  parts  downstream  of 
combustors . 

It  is  generally  agreed  that  the  presence  of  NatSO*  is  a  pre-requiste  for  hot  corrosion  to  occur.  The 
principal  source  of  Na  is  Ingested  sea  salt.  Sodium  chloride  is  the  main  constituent  of  sea  salt  along 
with  a  minor  quantity  (typically  10%)  of  Na,S0*  and  some  other  impurities.  Sodium  sulphate  (Na,S0*)  is 
not  a  naturally  occurring  iapurity  in  fuels,  nor  a  major  constituent  of  the  particulate  matter  normally 
ingested  Into  gas  turbines.  Sodium  sulphate  for  hot  corrosion  results  from  sulphidation  of  ingested  NaCl 
with  oxides  of  sulphur  in  combustion  gases.  These  oxides  (S0t  and  SO,)  are  combustion  products  resulting 
from  dissociation  of  sulphur  containing  compounds  (thiophene,  alkyle  disulphide  and  alkylthiods)  from  the 
fuel  and  subsequent  oxidation  of  sulphur.  The  equilibrium  reaction  that  prevails  in  combustion  gases  is 
(116) 

S02(g)  *  i  °2(g)  =  S03(g)  (1) 

The  conversion  of  NaCl  to  Na2S0*  during  combustion  at  elevated  temperatures  involves  the  following 
evaporation  and  condensation  reactions  (116-123). 


N*C1(C>* 

=  N‘C1(g) 

(2) 

2NaC1(g)  ♦  S°2<g)  ♦  °2(g) 

“  NV°*(S)  *  C12(g) 

(3) 

2N*C1(g)  *  S°2(g)  *  H2°(g, 

*  NaoS0. .  .  +  2HC1.  . 

2  4(g)  (g) 

(4) 

N‘2S04(g, 

=  Na.SO. ,  . 

2  4(c) 

(5) 

The  possibility  that  reactions  (1)  to  (5)  will  proceed  to  any  significant  extent  to  form  Na2So* 
depends  on  many  factors  and  is  dictated  by  thermodynamic  and  kinetic  considerations. 


7.2.1  Thermodynamic  considerations : 

Johann  (116)  has  calculated  the  mole  ratio  of  S02  and  SOj  in  combustion  gases  according  to  reaction 
(1)  as  a  function  of  temperature.  The  results  shown  in  Fig.  17  show  that  SO,  should  prevail  at  low 
temperatures  during  idling  whereas  S02  should  dominate  at  high  temperatures  during  take-off.  Meanwhile 
partial  pressures  of  oxygen  (Pq  )  and  sulphur  oxides  (Pg0  ♦Pg0  )  in  the  combustion  gases  are  of  the  order 
of  1  atm  and  5  x  10'*  atms  resfxsctively  (124).  At  low  to  moderate  salt  levels  and  moderate  pressure  of 
SO,,  most  of  the  ingested  sodium  chloride  should  be  sulphidated  within  the  hot  gas  stream,  Eqs .  (2  to  5) 
(121).  It  has  also  been  reported  that  over  the  operating  range  of  an  engine  combustor,  the  equilibrium 
flame  temperature,  T,  for  fuel  to  air  ratios,  €,  up  to  0.04,  is  related  to  the  equivalence  fuel  to  air 
ratio  (♦)  and  inlet  air  temperature  (TQ)  by  the  following  relation  (116): 

T(K)  =  2180  (♦)0-835  +  0.75  Tc  *  68  (6) 

where  4  =  €/cStoichio.  The  equilibrium  flame  temperature  computed  using  the  above  equation  is  shown  in 
Fig.  18  for  several  values  of  inlet  air  temperatures.  For  an  inlet  air  temperature  of  811  K,  the  flame 
temperature  at  the  turbine  entry  varies  over  the  range  of  1075  K  to  1800  K  under  normal  operating  con¬ 
ditions  and  approaches  peak  at  2600  K  for  the  stoichiometric  ratio  (Fig.  18).  Johann  (116)  and  later 
Kohl  and  co-workers  (121,123)  have  computed  equilibrium  gas  compositions  for  Jet  fuel  containing  two 
different  levels  of  S  (0.5  and  0.3%  s  respectively)  and  5  ppm  NaCl  in  inlet  air.  The  results  of  both 
computations  were  similar  and  the  data  of  Kohl  and  co-workers  (121,123)  are  reproduced  in  Fig.  19.  From 
these  data,  one  can  see  that  the  equilibrium  gases  contain  N( ,  02 ,  C02 ,  Hf0,  Ar,  NO,  OK  and  CO  along  with 
minor  quantities  of  CKN0  species.  Chlorine  appears  mainly  as  HC1  while  sodium  is  distributed  in  a  complex 
pattern  between  NafS0*/c  ©r  a)  '  NaCl^,  Na0H(_j  ,  Na^  » ,  NaO/^j  and  NaH^  .  In  the  range  of  fuel  to  air 
ratios  at  which  modern  aircraft  engine  operate .sodium  *ia  tiea  up  mostly  is  NetS0*  along  with  an  increas¬ 
ing  proportion  of  NaCl  as  the  fuel  to  air  ratio  (i.e.  combustion  temperature)  increases,  Fig  19.  It  has 
been  reported  that  the  amounts  of  Na2So«  and  the  distribution  of  Na  among  other  species  in  the  flame  is 
strongly  dependent  on  the  amount  of  ingested  sea  salt  and  to  a  lesser  extent  on  sulphur  content  in  fuel 
along  with  the  fuel  to  air  ratio.  The  sodium  from  all  the  compounds  irrespective  of  its  chemical  form  can 
ultimately  interact  with  hot  parts  to  cause  hot  corrosion. 


7.2.2  Kinetic  considerations: 

It  has  been  suggested  that  in  resl  engines  kinetic  conditions  may  not  be  favorable  to  achieve 
equilibrium  conditions  (124).  For  example,  engine  tests  performed  by  Pratt  and  Whitney  Aircraft  show  the 
S0,/S0|  ratio  in  hot  gases  to  be  seversl  orders  of  magnitude  lower  than  that  corresponding  to  equilibrium 
at  the  exhaust  temperatures  (116).  This  csn  be  rationalized  on  the  basis  of  residence  time,  which  Is 
defined  as  the  time  interval  between  introduction  of  airborne  calt  into  the  combustor  and  the  arrival  of 
the  salt  or  reaction  products  downstream  at  the  hot  section  components.  The  residence  time  of  the  hot 
gases  in  an  engine  is  considerably  lower  than  that  required  to  achieve  equilibrium  conditions  for 
reactions  (1)  to  (5)  (124). 


*c  represents  a  condensed  phase,  either  solid  or  liquid. 
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Figure  17:  Variation  in  the  equilibirium 
mole  ratio,  X-0  /Xsp  ,  as  a 
function  of  fuel  to  air  ratio, 
6,  in  the  operating  range  of  an 
aero  engine  (Fuel:  0.5  wtX  S; 
Air:  5  ppm  NaCl)  (116). 


Figure  18:  Variation  in  combustion  flame 
temperature  as  a  function  of 
fuel  to  air  ratio,  e,  for 
different  inlet  temperatures 
(Tq)  (116). 


Operathg  range 

0 


Fuel  to  Air  Ratio 


Oparatteg  range 


Idte  Take-off 

l — i  * - \ 


Figure  19:  Variation  in  equilibrium  chemical  composition  of  combustion  flame  as  a  function  of  fuel  to 
air,  c,  at  P  *  22.1  atm.  end  inlet  temperature  Tq  -  811  K  (Fuel:  Jet  A  +  0.3  wtX  S;  Air: 
5  ppm  sea  salt  (123)  (a)  major  products  (b)  sodium  ana  chlorine  containing  species. 


14-16 


Residence  time  is  largely  controlled  by  the  flame  tube  design  (73,94,100).  In  this  respect,  flow 
distribution  in  terms  of  primary  and  secondary  air  within  the  combustor  Is  an  important  feature  of  flame 
tube  design  which  together  with  fuel  flow  rate  governs  the  gas  temperature  and  gas  pressure  distributions 
within  and  downstream  of  the  combustor  in  addition  to  residence  time.  This  in  turn  dictates,  gas 
composition  and  the  state  of  the  contaminant  species  for  any  given  amount  of  S  in  fuel  or  ingested  NaCl. 

The  aerodynamic  flow  field  within  the  primary,  intermediate  and  dilution  zones  of  a  representative 
combustor  is  shown  schematically  in  Fig.  20.  Sea  salt  particles  or  droplets  arriving  from  the  compressor 
can  enter  the  combustor  through  the  swirl er-vaporizer ,  secondary  or  dilution  ports.  Ingested  particles 
entering  through  swirlers  can  evaporate  due  to  recirculation  and  the  high  temperatures  within  the  primary 
zone.  The  extent  of  this  evaporation  depends  upon  particle  size  and  residence  time  within  this  zone 
(94,100) . 


Figure  20:  Schematic  diagram  describing  the 
flow  of  air  and  combustion  gas 
within  a  gas  turbine  flame  tube 
(35). 


The  residence  time  available  to  the  contaminants  depends  upon  the  strength  of  the  recirculation 
within  the  primary  zone  which  in  turn  depends  on  the  swirler  number  (type)  and  the  size,  number  and 
spacing  of  ports  supplying  air  to  this  zone.  Relative  to  the  primary  zone,  temperature  and  residence  time 
of  the  particulate  laden  air  is  significantly  reduced  through  the  transition  and  dilution  zones.  As  a 
result,  while  solid  sea  salt  particles  entering  the  primary  zone  through  the  swirler  can  undergo 
significant  evaporation,  those  entering  through  secondary  or  dilution  port  have  neither  the  residence  time 
nor  a  high  enough  temperature  to  evaporate  to  any  significant  extent  (125).  Consequently,  they  remain 
virtually  intact  until  they  reach  nozzle  guide  vanes  downstream  of  the  combustor  where  they  can  strike  gas 
path  components.  This  also  means  that  the  salt  present  in  secondary  air  i.e.,  the  larger  portion  of 
compressor  discharge  is  mostly  unchanged  in  form  when  it  reaches  first  stage  hot  section  vanes  and  blades. 
Particle  histories  during  transit  through  the  combustor  tubes  of  two  different  engines  are  described 
schematically  in  Fig.  21  (125).  It  can  be  seen  that  particles  of  a  siz«*  typically  below  6  pm,  undergo 
significant  evaporation  in  both  engines. 

The  mass  percentage  of  particles  which  evaporate  (Fig.  2)  is  available  immediately  for  conversion  of 
its  chloride  content  into  sulphates.  However,  gases  have  only  a  few  milliseconds  to  mix  within  a 
combustor  and  therefore  there  may  not  be  sufficient  time  for  the  gaseous  reactions  (Eqs.  3  to  5)  to 
proceed  to  any  extent.  For  that  reason,  it  has  been  argued  that  evaporation  and  sulphidation  reactions 
may  not  occur  in  the  hot  gas  stream  within  or  downstream  of  the  combustor  but  may  instead  proceed  at  the 
surface  of  the  hot  parts  themselves  (117). 


Figure  21:  Histories  of  sea  salt  particle  sizes  in  flame  tubes  for  cruise  conditions  in  (a)  Tyne  RM1A  and 
(b)  Olympus  B  engines  (35). 
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Hanby  (117)  has  studied  the  effects  of  the  quantity  of  salt  ingested  and  the  influence  of  sulphur 
level  in  the  fuel  on  the  rate  of  conversion  of  NaCl  into  Na2SOk  during  combustion  in  marine  gas  turbines. 
Results  of  this  work  indicated  that  there  is  no  conversion  for  residence  times  below  8  ms  and  that  less 
than  10%  of  NaCl  is  converted  after  16  ms.  Also,  the  level  of  sulphur  in  the  fuel,  over  the  range  of  0.1 
to  1.0%  was  found  to  have  little  influence  on  the  rate  of  conversion.  Other  studies  have  shown  that 
complete  conversion  of  NaCl  to  Na2S0*  in  an  atmosphere  containing  0.2%  SO*  takes  place  in  60  s  at  923  K  to 
1023  K  and  in  30  s  at  1123  K  (126).  Considering  that  residence  time  in  combustors  is  typically  in  the 
range  from  5  to  10  os  and  that  time  to  convert  NaCl  to  NatSOt  is  of  the  order  of  seconds,  it  has  been 
argued  by  some  investigators  that  the  conversion  to  corrosive  NazS0^  occurs  primarily  after  deposition  of 
NaCl  on  hot  parts  (116,  117,126-128).  In  contrast,  others  have  shown  that  the  complete  conversion  of  NaCl 
to  Na2S0*  in  a  burner  rig  takes  place  in  less  than  2.2  ms,  which  is  somewhat  less  than  the  residence  time 
in  modern  aircraft  combustor  and  have  argued  on  that  basis  that  NaC\  is  not  likely  to  be  deposited  on  hot 
parts  (129-131).  Wortman  et  al.  (132)  have  confirmed  this  view  on  the  basis  of  the  following  argument 
that,  owing  to  the  relatively  slow  velocity  of  a  moderate  size  NaCl  particle  in  combustion  gases, 
impaction  on  vanes  and  blades  would  be  expected  to  occur  primarily  on  the  convex  surface  of  airfoils, 
whereas  engine  components  show  less  intense  attack  of  this  side  as  compared  to  their  concave  side.  In 
this  respect,  Kohl  and  co-workers  (121)  have  reported  that  the  activation  energy  for  sulphidation  of  NaCl 
is  only  ^12  kCal/mole,  which  is  so  low  that  the  conversion  of  NaCl  to  Na2S0*  should  occur  instantly  in 
combustion  gases  even  at  low  temperatures,  further  supporting  the  view  that  NaCl  is  not  likely  to  be 
deposited  directly  on  hot  parts.  Meanwhile,  conflicting  results  have  been  reported  by  McKee  et  al. 
(120,133)  on  the  stability  of  NaCl  in  NaCl-Na2S0*  mixtures.  These  authors  have  reported  NaCl  to  be  stable 
for  6  h  at  temperatures  between  1023  K  to  1123  K  in  02  +  S02  atmosphere  on  the  basis  of  crucible  test 
results  (120).  The  same  authors  have  also  reached  entirely  different  conclusions  on  the  basis  of 
accelerated  oxidation  tests  where  NaCl  in  deposit  was  rapidly  sulphidated  in  an  02  +  S02  atmosphere  with 
no  influence  on  the  hot  corrosion  behaviour  of  IN738  at  1023°C.  These  results  were  explained  on  the  basis 
of  differences  in  local  environment. 

Meanwhile,  some  investigators  (94,121)  have  taken  a  middle  ground  view,  suggesting  that  while  some 
sodium  chloride  particles  may  convert  into  sodium  sulphate  via  evaporation  and  sulphidation  reactions 
(Eqs,  2  to  S)  within  the  combustion  gases,  particularly  at  high  operating  temperatures,  some  may  survive 
to  be  deposited  on  hot  parts.  These  particles  are  however  likely  to  evaporate  almost  instantly  because  of 
the  high  vapour  pressure  of  sodium  chloride  at  turbine  operating  temperatures  (121).  The  same  authors 
suggest  that  the  extent  of  sodium  chloride  deposit* and  residence  time  on  the  surface  of  hot  parts  would 
increase  as  operating  temperature  is  decreased,  although  there  is  no  direct  experimental  evidence  to 
support  this  view. 

A  schematic  representation  of  what  might  happen  to  ingested  sodium  chloride  from  sea  salt  aerosols 
according  to  Kohl  and  co-workers  of  NASA  Lewis  is  presented  in  Fig.  22  (121).  The  possible  paths  from 
ingestion  to  interaction  with  hot  parts  are  numerous  and  the  reactions  occurring  in  each  case  are  complex, 
involving  either  gas/solid,  liquid/solid,  solid/solid  or  gas/liquid  reactions.  Some  of  the  sodium 
chloride  may  vaporize  while  some  may  remain  as  particles  in  the  gas  stream  depending  upon  particle  size, 
residence  time  within  the  combustor  and  temperature.  Sodium  chloride  in  either  solid  or  gaseous  forms  can 
lead  to  sodium  sulphate  formation  by  several  possible  routes  or  it  can  contribute  to  hot  corrosion 


Figure  22:  Possible  reaction  scenarios  for  ingested  sodium  chloride  in  the  hot  section  environment  of  a 
turbine  engine  (121). 
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directly  (Fig.  22)  (121).  There  is  also  some  evidence  that  large  particles  of  sea  salt  can  be  stable  for 
appreciable  times  in  combustion  gases,  certainly  long  enough  to  be  deposited  on  the  blades  and  to  remain 
there  for  times  which  will  depend  upon  particle  size,  component  surface  temperature,  deposition  rate  and 
gas  velocity.  Because  of  the  low  activation  energy  associated  with  the  conversion  of  NaCl/>\  into  Na*So* 
in  oxidizing  atmospheres  containing  SO*  via  evaporation  and  sulphidation  reactions  (eq.  (2)  to  (5))  any 
deposited  NaCl/  \  that  does  not  evaporate  should  transform  readily  into  corrosive  NalSO*  (121).  Kohl  and 
coworkers  have  also  suggested  that  reactions  between  NaCl/  %  and  atomic  H*  and  0*,  early  in  the  combustion 
process,  can  release  N«(s),  thereby  releasing  Na  atoms  which  can  ultimately  form  corrosive  species  in  S0t 
containing  atmospheres  without  the  need  for  NaCl  vaporization  (121). 

7.2.3  Influence  of  chlorides: 

Whatever  the  fate  of  Na  containing  contaminants  entering  the  engine  might  be,  it  is  ultimately  Na  in 
the  form  of  Na2S0«  which  is  generally  believed  to  provide  the  primary  driving  force  for  accelerated  and 
catastrophic  hot  corrosion.  However,  it  is  also  believed  that  all  forms  of  chlorides  including  HC1  and 
NaCl  enhance  corrosion  attack  by  destroying  the  integrity  of  protective  oxide  scales  or  by  impairing  their 
repair  capability  (134-150).  Smeggil  and  Bronatein  (143-144)  have  shown  that  NaCl/  >  is  effective  in 
reducing  the  oxide  forming  elements  (i.e.  A1  and  Cr)  contents  just  below  the  surface''*  f  the  protective 
oxide  layers  which  in  turn  leads  to  progressive  weakening  of  the  scale-substrate  bonds  t*nd  rupture  of  the 
protective  oxide  scales.  Ultimately,  because  of  the  decrease  in  Al  and  Cr  contents,  the  propensity  for 
reforming  protective  oxides  of  these  elements  is  decreased  and  this  effect  is  further  reduced  as  the 
temperature  is  lowered. 

Mixtures  of  Na2S0*/cx  and  N*Clfc\/HCl/g\  are  believed  to  be  much  more  aggressive  in  inducing  very 
high  rates  of  hot  corrosion  (68, 114,120, 145-1507 .  Fryxell  and  Bessen  (68)  have  reported  that  a  mixture  of 
Na2S04  and  HC1  is  possibly  even  more  aggressive  than  NatS0*  and  NaCl  mixtures  if  spalling  characteristics 
are  considered.  Presence  of  chlorides  can  also  reduce  the  melting  point  of  salt  deposits,  and  possibly 
enhance  the  solubility  of  some  of  the  oxides  present  as  scales  on  hot  parts  (151).  They  are  also  believed 
to  increase  wetting  action  by  molten  salts  (151). 

It  has  been  suggested  that  NaCl  whether  it  is  derived  from  fuel,  air  or  sea  salt,  may  contribute 
differently  to  hot  corrosion  of  components  although  this  effect  has  not  been  well  studied  (72).  However, 
according  to  Stevens  and  Tidy  (152),  the  form  of  the  Na  in  the  fuel  does  not  affect  the  deposition  of 
Na2S0»  on  the  surface  of  hot  parts. 

8.0  CONDENSATION  AND  DEPOSITION  OF  CORROSIVE  SPECIES: 

As  pointed  out  earlier  on,  thermodynamic  calculations  predict  that  NatSo»  is  the  only  species 
expected  to  condense  to  any  extent  onto  the  component  under  normal  operating  conditions.  The  only  other 
phase  which  could  also  form  from  a  thermodynamic  view  point  is  Na2C09  (121).  The  NaCl  and  HC1  which  are 
highly  stable  in  gaseous  environments  are  unstable  in  a  condensed  state.  Therefore,  NaCl  and  HC1  are  not 
likely  to  be  present  onto  the  surface  of  hot  parts. 


8.1  Condensation: 

The  condensation  of  Na2S0fc,  *  can  take  place  within  combustion  gases  in  an  aero  engine  during  idling 
and  low  power  end  of  the  take  oft  and  cruise  ranges.  This  is  clearly  indicated  in  Fig.  19  which  maps  out 
concentrations  of  major  contaminant  species  present  in  combustion  gases  against  fuel  to  air  ratio  (and 
therefore  combustion  gas  temperature)  for  the  expected  range  of  operating  conditions. 

At  low  values  of  fuel  to  air  ratios  the  Na  is  tied  up  mostly  as  Na2S0k,cj  up  to  a  sharp  cut  off  point 
beyond  which  this  compound  begins  to  evaporate.  At  this  point,  the  partial  pressure  of  Na2S0*^  x  becomes 
equal  to  its  equilibrium  value,  which  defines  the  transition  point  for  evaporation/condensation  reactions 
(123).  Cut2er  (224)  has  also  shown  that  if  the  concentration  of  Na  in  fuel  is  greater  than  1  ppm  or  0.02 
mg/ra1  in  combustion  gases,  the  equilibrium  concentration  of  Na2S0w  \  will  exceed  its  saturation  vapour 
pressure  at  normal  operating  metal  temperatures  (1000-1200  K)  for  firtt  stage  turbine  blades.  Under  such 
circumstances,  condensation  and  deposition  of  Na2S0kfc^  onto  these  components  can  take  place  which  will  be 
molten  at  the  highest  metal  temperatures. 

The  condensation  temperature  of  NatS0w  *  is  influenced  by  the  fraction  of  sulphur  in  the  fuel, 
concentration  of  sea  salt  in  air,  fuel  to  air  ratio,  temperature  and  pressure.  Several  investigators  have 
calculated  the  condensation  temperatures  under  a  variety  of  conditions  using  an  equilibrium  thermodynamic 
method  (115,116,123,153,154).  The  results  of  calculations  performed  at  NASA  Lewis  are  shown  in  Fig.  23 
for  various  salt  concentrations  as  a  function  of  weight  fraction  of  S  multiplied  by  the  fuel  to  air  ratio 
(F)  (123).  The  parameter  F  is  used  in  order  to  tully  characterize  the  combustion  system  so  that  the  total 
amount  of  S  in  fuel  with  NaCl  in  air  is  taken  into  consideration  for  any  specified  fuel  to  air  ratio.  It 
can  be  seen  that  for  a  given  amount  of  NaCl  and  up  to  F  ~  0.4,  the  condensation  temperature  of  NatSOk/  _x 
can  vary  by  up  to  140  K,  while,  changes  in  F  above  3.4  have  no  effect  on  the  condensation  temperature. 
The  condensati  >n  temperature  is  also  expected  to  vary  with  an  increase  in  the  sea  salt  content  of  inlet 
air  from  0.1  ppm  to  20  ppm  by  200  K  at  any  given  value  on  the  parameter  F,  Fig.  23. 

The  fraction  of  Na2S0fe  condensed  is  shown  in  Fig.  24  as  a  function  of  flame  temperature.  The 
intersections  on  the  abscissa  correspond  with  the  temperatures  of  saturation  witi.  NatS0*^  x  at  a  given 
concentration  of  NaCl  in  inlet  air  (123).  It  can  be  seen  that  condensation  of  Na2S0*  goes  r6  comoletion 
within  a  narrow  range  of  temperatures. 
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Figure  23:  Variation  in  condensation  tem¬ 
perature  of  Na^SO^  as  a  function 
of  parameter  'F'  for  different 
seasalt  concentrations  in  inlet 
air  at  TQ  a  811  K  and  P  =  22.1 
atm  (123). 

8.2  Deposition: 
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Figure  24:  Fraction  of  Na2S04  condensed  as 
a  function  of  temperature  and 
sea  salt  concentration.  Test 
conditions:  c  =  0.020,  T  - 

811  K  and  P  =  22.1  atm  (123).° 


The  deposition  mechanisms  of  Na  containing  species  onto  the  surface  of  hot  parts  have  not  been 
extensively  studied.  However,  it  is  generally  believed  that  mass  transfer  of  Na  onto  the  surface  of  hot 
parts  may  occur  through: 

(a)  deposition  of  either  partly  or  wholly  unevaporated  Na  containing  solid  species  (e.g.  solid  sea  salt 
particles) , 

(b)  deposition  of  Na?S0*,c)  from  combustion  gases  ai.d 

(c)  vapour  diffusion  of  Na  salts  (NazS0ft,  NaCl ,  NaOH  etc.) 


Stearns  et  al.  (1S5)  have  identified  three  modes  of  deposition  based  on  characteristics  of  deposition 
for  a  wide  spectrum  of  particle  sizes  (between  0.1  and  10s  nm.  Table  7).  The  modes  are  vapour  diffusion, 
particle  diffusion  and  inertial  impaction.  The  vapour  diffusion  mode  represents  one  extreme  in  the 
deposition  behaviour  of  particles  in  the  ranges  from  0.1-1  nm.  At  the  opposite  extreme,  deposition  occurs 
by  inertial  impaction  of  macroscopic  particles  (103-10s  jud)  which  are  too  heavy  to  follow  the  combustion 
gas  stream.  Between  these  two  extremes  there  is  a  wide  range  of  particle  sizes  where  processes  such  as 
Brownian  diffusion,  eddy  diffusion  and  thermophoresis  (thermal  diffusion  of  heavy  molecular  size  particles 
across  a  temperature  gradient)  dominate  the  deposition  process.  In  practice,  these  three  modes  of 
deposition  are  not  entirely  independent  of  each  other.  For  example,  the  gas  stream  may  consist  of  vapours 
of  condensable  Na-species  and  unevaporated  sea  salt  particles  and/or  condensed  Na?S0fcf  such  that 
deposition  may  result  from  the  combination  of  vapour  diffusion  and  eddy  impaction.  However,  it  is  also 
possible  that  one  particular  mode  of  deposition  may  dominate  over  the  other  (156). 


Table  7:  Charade: isfics  of  Deposition  for  Spectrum  of  Particle  Sizes  ( *57) 


Size  Range  nm 

Mass  Transport  Mode 

Deposition  Species 

Transport  Mechanism 

0.1*1 

Vapour  Diffusion 

Atoms  and  molecules 

Pick.  Sorct  and  eddy  diffusion 

MOJ 

Vapour  Diffusion  Transition 

Heavy  molecules  (condensate  aerosols, 
clusters,  and  submicroscopic  particles) 

Brownian  and  eddy  diffusion  and 
therm- 'phoresis 

103-1()5 

Internal 

Macroscopic  particles 

Inlcrtial  and  eddy  impaction 

Mode  of  deposition  is  not  fixed  by  particle  size  alone. 


Host  of  the  deposition  studies  performed  in  service  engines  or  under  simulated  service  in  rigs  seems 
to  favour  the  mechanism  of  deposition  by  vapour  diffusion  of  NazS0*  or  NaOH  across  a  boundary  layer  at  the 
component  surface  (197,152,156-159).  Support  for  this  view  cooes  from  the  appearance  of  crystalline 
needles  composed  of  mainly  Na  and  S  (a  characteristic  of  Na,S0fc  in  EDS  analysis)  protruding  from  deposits 
on  platinum  collactor  pins  in  burner  rig  tests  as  reported  by  Santoro  and  co-workers  (156).  According  to 
these  authors,  these  prottuaions  must  form  spontaneously  from  the  vapour  phase.  Stevens  and  Tidy  (97,152) 
using  a  rig  simulating  an  industrial  turbine  have  also  concluded  that  the  deposition  of  Na  species  occurs 
by  vapour  diffusion  of  NatS0«,  NaOH  and  NaCl  species  across  the  boundary  layer.  In  their  opinion, 
conversion  of  NaOH  and  NaCl  to  NatS0*  vapours  takes  place  within  this  boundary  layer.  The  Na|S0*  then 
condenses  as  its  near-surface  concentration  reaches  levels  where  the  saturation  vapour  pressure  is 
exceeded.  Stevens  and  Tidy  have  also  reported  that  a  threshold  concentration  of  Na  in  combustion  gases  is 
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required  for  deposition  to  occur  (97,152).  Their  threshold  concentrations  compared  well  with  the  values 
obtained  from  industrial  turbines  only  when  other  elements  such  as  Ca,  Mg,  or  K  were  present  in  the  fuels 
which  were  used  in  the  rig.  Beyond  this  threshold,  the  weight  of  Na  deposited  per  unit  area  has  been 
reported  to  increase  linearly  with  time. 

Researchers  at  the  NASA  Lewis  Research  Centre  have  developed  a  model  which  predicts  deposition  rates 
using  a  chemically  frozen  boundary  layer  (CFBL)  theory  of  vapour  diffusion  (156).  They  have  claimed  that 
the  CFBL  theory  is  capable  of  handling  both  vapour  and  heavy  molecule  deposition  modes  (up  to  10*  nm 
particle  sizes,  1st  two  rows  in  Table  7).  The  CFBL  theory  assumes  that  all  the  Na  added  to  the  combustion 
gases  is  available  for  transport  to  the  deposition  site  via  vapour  species  (of  NaCl,  NaOH,  Na  and  NatS0*) 
and  that  a  local  thermodynamic  equilibrium  exists  at  the  outer  and  inner  edges  of  the  concentration 
boundary  layer  around  the  deposition  surface.  The  boundary  layer  is  chemically  frozen  in  the  sense  that  no 
homogeneous  chemical  reactions  occur  within  it.  The  NaCl,  NaOH  and  Na  species  convert  to  Na2S0*  in  the 
presence  of  excess  oxygen  and  S  containing  vapours  at  the  gas/boundary  layer  interface.  The  CFBL  theory 
(156)  also  includes  a  contribution  tj  the  total  deposition  by  large  Na2S0*  droplets  which  survive  their 
residence  times  within  the  combustor  prior  to  their  deposition  by  inertial  impaction.  Claims  have  been 
made  that  predictions  based  on  this  theory  compare  well  with  experimental  results  observed  in  burner  rigs. 
This  is  demonstrated  in  Fig.  25  which  also  reveals  that  the  deposition  rates  of  Na2S0%  is  independent  of 
collector  surface  temperature  up  to  the  melting  point  of  Na2S0b  (156).  However,  the  deposition  rates  of 
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Figure  25:  Comparison  of  predictions  of 
CFBL  theory  with  experimental 
deposition  rates  (m)  of  Na*S0«. 
EEjjCFBL  theory,  •  experimental 
data  points.  Teat  conditions: 
Vg  *  Mach  0.3,  Re  =  1.83x10*, 
Fuel  »  Jet  A  *  0.3  vt%  S,  air  = 
5  ppm  NaCl  ,  Gas  temperature  * 
1673  K  (157). 


Figure  26:  Variation  of  predicted  and 
experimental  deposition  rates 
(m)  as  a  function  of  sodium  con¬ 
centration  in  combustion  gases 
and  mass  flow  rate  (Reynolds 
number).  Test  conditions:  Gas 
temperature  =  1673  K,  Vg  =  Mach 
0.3,  Collector  temperature  = 
1023  K  and  €  =  0.034.  (157). 


Na2S04  above  its  melting  point  are  lower  than  predicted  by  theory  and  appear  to  reach  a  terminal  value. 
This  has  been  attributed  to  the  removal  of  molten  deposit  beyond  this  value  by  aerodynamic  shearing  of  the 
deposit  (101).  The  deposition  studies  performed  by  Misra  support  this  claim  (74).  The  CFBL  theory  also 
predicts  that  deposition  rates  are  directly  proportional  to  the  Na  concentration  in  combustion  gases  and 
the  square  root  of  the  Reynolds  number,  as  verified  by  experimental  results,  Fig.  27  (157).  The  shaded 
region  corresponds  to  theoretical  predictions  based  on  the  CFBL  theory.  The  scatter  in  experimental 
results  arises  apparently  from  the  stray  deposition  on  the  inner  wall  of  the  burner  liner.  NASA 
researchers,  in  developing  the  CFBL  theory,  have  conducted  extensive  testing  and  reported  that  changes  in 
test  parameters  such  as  salt  solution  concentration,  atomizing  air  pressure,  salt  pump  speed,  liner  to 
liner  variation  can  alter  the  mode  of  deposition  (156).  Their  observations  are  entirely  consistent  with 
the  CFBL  theory,  since  these  parameters  can  be  expected  to  influence  either  directly  or  indirectly  sodium 
concentration  or  gas  velocity  and  therefore  the  Reynolds  number. 

9.0  QEF08ITS  AM)  SURFACE  INTERACTIONS: 

Once  corrosive  species  are  deposited  from  combustion  gases  onto  hot  parts,  complex  Interactions  may 
occur  between  the  gaseous  surrounding,  the  liquid  and/or  solid  deposit  and  the  solid  substrate.  A 
detailed  discussion  of  these  interactions  is  outside  the  scope  of  this  pspe.-  and  the  reader  is  referred  to 
several  comprehensive  reviews  on  the  subject  for  more  information  (124). 


14-21 


It  is  known  that  the  extent  of  hot  corrosion  and  morphology  of  the  corrosion  products  largely  depend 
upon  the  amount  of  deposit  and  the  substrate  composition.  In  previous  sections,  thermodynamic  and  kinetic 
considerations  under  engine  operating  conditions  were  discussed.  It  was  realized  that  for  a  given  amount 
of  salt  in  inlet  air  and  S  in  fuel,  the  deposition  rate  of  corrosive  species  depends  on  several  inter¬ 
related  factors  which  are  summarized  in  Fig.  27.  Any  change  in  these  factors  can  alter  the  chemical 
dynamics  of  combustion  gases  and  the  subsequent  rates  of  deposition  of  corrosive  species  and  hot  corrosion 
damage.  For  example,  changes  in  SOj/SOt  ratio  of  the  combustion  gases  can  not  only  influence  the  depo¬ 
sition  rate  but  also  the  composition  of  the  deposit  (124).  Similarly,  changes  in  residence  time  can 
influence  deposition  rate  and  the  possible  role  of  NaCl  in  the  hot  corrosion  process.  It  should  be  noted 
frcm  Fig.  27  that  the  deposition  rate  is  also  dependent  upon  the  component's  propensity  in  collecting 
corrosive  species  from  the  gas  stream.  This  propensity  depends  in  turn  upon  inertial  parameters  and  the 
Reynolds  number  as  well  as  upon  the  geometry  and  surface  smoothness  of  the  component  and  the  temperature 
gradients  across  its  surface. 

The  aerodynamic  flow  distribution  around  and  within  internally  cooled  components  is  largely 
responsible  for  large  thermal  gradients  over  their  surface.  These  gradients  influence  the  rates  of 
chemical  reactions  between  deposit  and  substrate  as  well  as  the  rate  of  flow  of  any  molten  material  over 
the  surface  of  the  component.  At  high  temperatures,  deposits  may  disappear  by  rapid  evaporation  or 
migrate  to  cooler  regions  as  a  result  of  increased  fluidity  under  the  influence  of  centrifugal  and  aero¬ 
dynamic  forces  (69,97).  Consequently,  deposits  can  be  found  in  varying  amounts  across,  around,  up  and 
down  an  airfoil  surface.  A  typical  distribution  of  temperatures  across  airfoils  of  a  nozzle  guide  vane  is 
represented  schematically,  in  Fig.  26  (29)  which  identifies  areas  where  deposits  are  likely  to  be  formed 
and  cause  either  Type  I  (LTHC)  or  Type  II  (HTHC)  hot  corrosion  depending  upon  local  conditions. 


Figure  27:  Factors  influencing  the  deposition  rates  of  Na*So*  onto  hot  section  components. 


Figure  28:  Typical  distribution  of  tempera¬ 
tures  (K)  and  NatS0*  deposition 
rates  (*10*#  g/ca2/S)  on  suction 
surfaces  of  high  pressure  nozzle 
guide  vanes  In  an  engine  (126). 


Figure  29:  Cross-section  of  low  velocity- 
low  pressure  burner  rig 
(77). 
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10.0  LABORATORY  COMBUSTOR  RIGS: 

For  materials  testing  under  simulated  service  conditions  in  a  laboratory  combustor  rig,  the  most 
important  features  of  the  combustion  process  should  be  realistically  reproduced.  Tn  particular,  a  rig 
should  be  designed  to  reproduce  similar  temperature  fluctuations  in  combustion  gases  and  combustion 
products  to  those  prevailing  in  engines,  as  well  as  rates  of  deposition  and  deposit  morphologies  and 
chemistries  representative  of  service  conditions.  In  order  to  meet  these  requirements,  a  large  number  of 
test  parameters  must  normally  be  controlled  including  those  Influencing  contaminant  concentrations  in  both 
combustion  air  and  fuel  and  those  pertaining  to  the  combustion  process  itself.  Among  the  latter 
parameters,  the  most  important  ones  are  the  fuel  to  air  ratio,  the  ratio  of  primary  to  secondary  air  mass 
flow,  which  ultimately  controls  gas  temperature  and  gas  velocity  downstream  of  the  combustion,  the  type  of 
liner,  the  nozzle  and  test  chamber  geometries,  the  specimen  geometry  and  smoothness  and  specimen 
rotational  speed  within  the  hot  gas  stream.  Specimens  are  normally  rotated  in  rig  tests  in  front  of  the 
burner  nozzle  to  minimize  any  non-uniformity  of  attack  that  might  arise  as  a  result  of  temperature  and 
contaminant  concentrations  gradients  across  the  gas  stream. 

10.1  Types  of  Rigs: 

There  are  several  types  of  combustor  rigs  that  can  provide  close  simulations  of  the  dynamic 
environment  prevailing  in  gas  turbine  engines.  Their  characteristics  and  the  conditions  under  which  they 
are  used  in  various  laboratories  have  been  compiled  by  Booth  and  Clarke  (85).  Rigs  can  be  classified  as: 

(a)  low  velocity  -  low  pressure  rigs, 

(b)  high  velocity  -  high  pressure  rigs,  and 

(c)  high  velocity  -  low  pressure  rigs. 

The  low  velocity  -  low  pressure  rigs  are  closely  related  to  laboratory  furnaces  in  that  they  rely  on 
resistance  heating  to  maintain  uniform  gas  stream  temperature.  Fig.  29  (77).  With  such  rigs,  large 
amounts  of  salt  are  injected  into  the  low  velocity  combustion  stream  and  test  parameters  can  be  adjusted 
to  induce  various  damage  morphologies.  However,  relating  results  to  practice  has  proven  difficult 
primarily  because  combustion  dynamics  are  not  reproduced.  Also,  this  type  of  rig  is  not  particularly 
effective  in  demonstrating  the  good  performance  of  Pt  modified  aluminide  coatings  in  spite  of  favourable 
reports  from  engine  tests  (73,160,161). 


ARE  high  velocity-high  pressure 
burner  rig  (94). 


LOW  PRESSURE  RIS 
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High  velocity  -  high  pressure  rigs  are  by  implication  considerably  more  complex  pieces  of  apparatus, 
but  they  can  closely  duplicate  engine  environment  and  are  capable  of  producing  realistic  heating  and 
cooling  rates.  The  number  of  such  rigs  is  however  limited  due  to  high  installation  and  maintenance  costs. 

A  cut-away  view  of  the  Admiralty  Research  Establishment  (ARE)  high  pressure  rig  is  shown  in  Fig  30 

(161). 

High  velocity  -  low  presure  rigs  (Fig.  31)  are  a  good  compromise  between  the  other  types  of  rig  (94). 
They  are  capable  of  producing  surface  damage  due  to  environmental  attack  similar  to  that  found  in  engines 
at  realistic  salt-in-air  levels  of  %  1  ppm.  Also,  the  loss  of  information  associated  with  using  an 
atmospheric  rather  than  a  high  pressure  rig  has  been  claimed  to  be  minimal  on  the  grounds  that  gas  dynamics 
can  be  adjusted  to  compensate  for  lower  heat  transfer  coefficients.  The  rig  designed  by  Dils,  belongs  to 
this  category  and  is  described  in  detail  in  a  later  section. 

10.2  Characteristics  of  High  Velocity  -  Low  Pressure  Rigs: 

High  velocity  -  low  pressure  rigs  are  entirely  capable  of  simulating  the  relationships  between 
exhaust  gas  temperatures  and  fuel  to  air  ratios,  Fig.  18,  and  therefore  are  expected  from  equilibrium 
thermodynamics  to  produce  chemistries  of  combustion  gases,  similar  to  those  expected  for  engines,  Fig.  32 
(123).  By  comparing  the  data  from  this  figure  with  that  contained  in  Fig.  19,  it  can  be  seen  that  the 
gaseous  products  of  adiabatic  combustion  predicted  for  rigs  are  similar  for  all  practical  purposes  to 
those  predicted  for  engines,  and  that  this  is  so  in  spite  of  the  difference  in  operating  pressure  of  close 
to  21  atmospheres  between  atmospheric  pressure  rigs  and  engines.  There  are  however  some  differences,  in 
that  the  range  of  temperatures  over  which  gaseous  species  are  expected  are  shifted  to  higher  temperatures 
(by  v  100  K)  in  the  case  of  rigs.  Also  in  rigs,  the  range  of  temperature  over  which  Na,S0*  is  expected  to 
condense,  as  the  concentration  of  sea  salt  is  varied,  Fig.  33,  is  reduced  down  form  140  to  “v  110  K,  as  a 
result  of  differences  in  partial  pressures  of  NaCl,  HC1 ,  SO,  and  other  gaseous  species.  It  has  been  shown 
that  in  order  to  obtain  the  same  contaminant  partial  pressures  in  rigs  as  in  engines,  and  therefore  the 
same  deposition  rates,  the  contaminant  level  in  rigs  must  be  raised  relative  to  the  engine  contaminant 
level  by  some  factor  (115).  This  factor  depends  on  the  difference  in  operating  pressure  and  the 
contaminant  level,  and  has  been  reported  to  be  as  high  as  100  times  in  some  studies  (123). 

10.3  Test  Procedures: 

There  appears  to  be  no  unique  salt  level  at  which  rig  tests  are  conducted  in  different  laboratories 
and  there  are  wide  variations  in  salt  levels  used,  Table  5.  In  simulation  tests,  1  ppm  salt  is  considered 
to  be  a  realistic  level,  and  10  ppm  is  often  used  for  accelerated  tests  (162).  Ishida  and  coworkers  (163) 
have  reported  an  overall  increase  in  corrosion  rate  with  an  increase  in  salt  levels  from  0  to  10  ppm. 
Varying  salt  level  from  10  ppm  to  50  ppm  in  air  has  been  reported  to  have  little  effect  on  LTHC  behaviour 
(149). 

Several  specimens  are  usually  mounted  on  a  carousel  and  tested  together  with  the  hot  gas  stream 
impinging  upon  the  specimens  at  right  angles  to  their  longitudinal  axis.  In  unducted  rigs,  specimens  are 
directly  exposed  to  the  hot  gases  arriving  form  the  combustor.  Under  such  conditions  only  type  I  hot 
corrosion  damage  can  be  obtained.  Furthermore,  the  extent  of  damage  may  differ  substantially  from  that 
obtained  with  ducted  rigs.  It  is  not  possible  to  obtain  type  II  hot  corrosion  damage  because  of  dilution 
of  the  hot  gas  stream  by  surrounding  ambient  air,  which  makes  it  impossible  to  maintain  the  critical 
partial  pressures  of  S0,/S02  for  type  II  hot  corrosion  to  proceed  (85).  Dilution  also  affects  chemistry 
and  temperature  of  combustion  gases  which  adds  to  uncertainties  in  test  results. 
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Figure  32:  Variation  in  equilibrium  chemical  composition  of  combustion  flame  as  a  function  of  fuel  to  air 
ratio  c  at  P  •  1  «ta  and  TQ  »  298  K  (Fuel:  Jet  A  +  0.3  vt%  S;  Air  *  5  ppm  salt)  (123),  (a) 
major  products  and  (b)  sodium  and  chlorine  containing  species. 


Figure  33:  Fraction  of  Na,S04  condensed  as 
a  function  of  temperature  for 
several  seasalt  concentrations 
in  inlet  air.  Test  conditions: 
c  *  0.020,  Tc  =  811  K  and  P  =  1 
atm  (123). 


Figure  34:  Typical  designs  of  test  chambers  for 
(a)  rod  shaped  specimens  and  (b) 
aerofoil  specimens  (81). 


Ducted  rigs  are  used  to  gain  better  control  on  the  test  environment.  In  ducted  rig  specimens  are 
exposed  in  a  test  chamber  attached  to  the  combustor  downstream  of  the  nozzle.  The  dimensions  of  the  duct 
work  influence  the  aerodynamic  flow  and  heat  transfer  characteristics  around  the  test  specimens  (164).  It 
has  been  reported  that  the  combination  of  duct  configuration,  specimen  design  and  gas  flow  characteristics 
can  alter  the  boundary  layer  at  the  specimen  surface  sufficiently  to  give  variations  in  deposition  rates. 
For  rig  to  rig  comparisons,  it  is  therefore  important  that  deposition  rates  be  documented.  This  is 
normally  done  by  measurements  on  a  platinum  reference  specimen  of  similar  shape  and  dimensions  as  the 
specimens  being  tested. 

The  flow  and  heat  transfer  characteristics  around  a  cylindrical  specimen  are  well  documented  and  can 
be  readily  reproduced  from  one  laboratory  to  another.  Therefore,  cylindrical  test  specimens  are  normally 
used  for  rig  testing.  Pina  with  length  to  diameter  ratio  close  to  8:1  are  recommended  but  other  dimension 
and  complex  shapes  are  also  used  (73).  Typical  examples  of  specimen  chambers  for  cylindrical  and  aerofoil 
shaped  specimens  are  shown  in  Fig.  34(a)  and  34(b)  respectively  (81).  In  general  specimens  can  be 
retracted  and  forced  cooled  ootalde  teat  chambers  to  achieve  thermal  cycling.  Also  the  specimen  are 
usually  rotated  to  keep  all  specimens  et  the  same  temperature  and  ensure  uniform  exposure  to  contaminants 
from  the  gas  stream. 


10.4  The  NAB  Rig  and  Program; 

The  NAE  rig  designed  by  Oils  end  supplied  by  Becon  Inc.  of  South  Windsor,  Connecticut,  USA,  is  based 
on  a  dynamic  combustor  similar  to  that  used  in  modern  gas  turbines  (Fig.  35)  (73).  It  is  capable  of 
handling  200-400  scfm  and  5-10  gal/h  of  a  wide  variety  of  fuels  including  aviation  fuel  (J-P4,  J-P5  or  Jet 
A  for  instance),  with  or  without  contaminants,  over  a  wide  range  of  fuel  to  air  ratios.  The  mixing  and 
flow  in  the  combustor  closely  approximate  those  of  many  conventional  combustor  designs  and  tha  critical 
features  of  the  combustor  chemistry  are  reproducible.  Briefly,  the  fuel  is  introduced  at  the  front  end  of 
the  combustor  by  e  pressure  atomising  fuel  nozzle  and  the  combustion  is  stabilized  in  the  forward  section 
of  the  combustor  by  developing  a  strong  swirl  stabilized  recirculation  zone.  The  hot  combustion  gases 
from  the  forward  aactlona  of  the  combustor  are  cooled  by  dilution  or  secondary  air  Jets  which  ere  located 
et  the  back  of  the  facility.  A  wide  variety  of  exhaust  nozzles  can  be  used  to  vary  the  crosa-aectional 
geometry  of  the  gea  Jet.  By  independently  adjusting  the  primary  and  secondary  air  flow  and  the  exit 
nozzle  geometry,  the  velocity  and  temperature  variations  of  combustion  gases  can  be  altered  to  match  the 
combustion  charactaristics  of  a  particular  gaa  turbine.  Also,  by  selecting  the  proper  liners  and  changing 
the  mass  flows  of  air  and  fuel,  the  gas  velocities  can  be  varied  from  Mach  0.2  to  Mach  0.6  and  the  gas 
temperature  from  775  to  1875  K. 


The  NAE  rig  la  shown  is  Fig.  36  along  with  the  remotely  controlled  specimen  stand  to  manipulate  teat 
specimens  in  and  out  of  the  hot  gaa  stream  for  tharmal  fatigue  or  cyclic  oxidation  studies.  A  salt 
solution  injection  system  for  cyclic  hot  corrosion  work  and  a  solid  particulate  injection  system  for 
erosion  studies  are  also  svsllabls  st  NAE  which  allow  the  conduct  of  combined  erosion,  hot  corrosion  and 
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thermal  fatigue  studies.  The  NAE  rig  has  been  commissioned  only  recently  to  support  research  activities 
on  high  temperature  materials  and  coatings  of  particular  interest  to  aero  engine  operational  groups  of  the 
Department  of  National  Defence  of  Canada.  On-going  projects  are  concerned  with  the  development  of  life 
extension  techniques  and  residual  life  prediction  models  for  turbine  blades  and  vanes.  Support  is  also 
being  provided  to  an  industrial  partner  for  the  development  of  new  high  performance  coatings  produced  by 
chemical  vapour  deposition.  Both  coupon  and  component  level  testing  are  involved  in  this  work. 


Figure  35:  A  schematic  diagram  showing  the  Figure  36.  NAE  Laboratory  combustor  rig 

flame  tube  of  the  *;AE  combustor  (Becon  Inc.  Model  LCS  4B). 

rig- 


The  NAE  also  intends  to  participate  in  a  project  of  the  Versailles  Agreement  on  Advanced  Materials 
and  Standards  (VAMAS)  concerned  with  hot  salt  corrosion  testing.  To  date,  the  lack  of  a  reliable 
procedure  for  evaluating  hot  salt  corrosion  resistance  of  high  temperature  materials  has  been  a  major 
obstacle  in  evaluating  the  prospects  of  new  materials  and  coatings  for  high  temperature  applications.  A 
systematic  attempt  to  correct  this  problem  is  being  pursued  by  several  VAMAS  participants  who  have  pro¬ 
posed  another  round  robin  test  programme  to  evaluate  the  reliability  and  reproducibility  of  burner  rig 
test  data.  Several  laboratories  from  Canada,  Japan,  the  United  Kingdom  and  the  United  States  have  planned 
to  participate  in  this  programme  under  which  rig  data  obtained  under  nominally  identical  test  conditions 
will  be  compared  and  analyzed  with  a  view  to  developing  a  standard  test  procedure  for  durability  testing 
in  rigs.  It  is  beyond  the  scope  of  the  present  paper  ;to  discuss  the  details  of  the  proposed  programme . 
This  is  left  to  other  contributors  from  the  Specialists  meeting,  several  of  whom  have  been  involved  in  the 
VAMAS  programme  definition  from  its  inception. 

11.0  CONCLUDING  REMARKS: 

This  review  has  clearly  shown  that  resistance  to  environmental  attack  and  surface  degradation  of  hot 
gas  path  components  in  gas  turbines  is  strongly  influenced  by  service  conditions .  Depending  on  the 
component  and  the  operating  environment,  the  surface  degradation  can  be  quite  severe  and  can  lead  to  loss 
of  structural  integrity  and  premature  failures  of  components  in  engines., 

Improving  the  resistance  of  gas  path  components  to  environmental  attack  is  achieved  by  proper 
selection  of  alloys  and  proper  use  of  protective  coatings.  The  choice  of  an  alloy  or  coating  for  a  given 
application  is  a  delicate  task  because  of  uncertainties  associated  with  their  long  term  stabilities  and 
actual  service  conditions.  This  choice  is  further  complicated  by  the  absence  of  reliable  standard  test 
methods  for  evaluating  materials  in  the  laboratory.  In  addition,  laboratory  test  results  do  not  in 
general  correlate  well  with  actual  service  conditions,  often  leading  to  damage  morphologies  that  differ 
substantially  from  those  experienced  in  engines.  Of  all  the  laboratory  teat  methods  that  might  be 
considered,  rig  testing  under  simulated  service  conditions  is  probably  the  most  powerful  technique 
available.  However,  rig  t* sting  conditions  unless  properly  controlled  can  also  lead  to  unreliable 
results,  as  noted  during  the  1970  ASTM  round-robin  test  programme. 

Understanding  the  factors  that  control  the  hot  aection  environment,  along  with  reactiona  responsible 
for  corrosive  species  in  combustion  gases,  and  their  interactions  with  components  downstream  of  combustor 
is  an  essential  precursor  to  the  development  of  realistic  test  methods  for  durability  analysis  of  high 
temperature  materials.  The  factors  are  many  and  their  interactions  are  complex.  Many  pertain  to  the 
combustion  process  itself,  and  therafore,  it  is  Important  that  the  operating  environment  of  gas  path 
components  is  reproduced  as  closely  as  possible  in  the  laboratory  in  terms  of  the  dynamics  of  gas  flow  for 
testing  purposes. 
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ABSTRACT 

The  feasibility  of  applying  ion  implantation  to  produce  substantial  improvement  in  the  wear/fretting  fatigue  resistance 
of  titanium  alloys  used  as  gas  turbine  fan  and  compressor  blade  material  has  been  studied.  Detailed  microscopy  and  mechanical 
test  results  have  been  used  to  analyze  the  various  mechanisms  contributing  to  wear  and  fretting  fatigue  damage  in  titanium 
alloys  at  room  and  elevated  temperatures.  The  manner  in  which  ion  implantation  might  modify  the  normal  wear/fretting  fatigue 
response  of  these  alloys  is  discussed  in  detail,  along  with  the  factors  to  be  considered  in  choosing  optimum  ion  implantation 
parameters. 

1.  INTRODUCTION 

The  beneficial  effects  of  ion  implantation  in  improving  a  wide  variety  of  surface  mechanical  and  chemical  properties 
of  metals  and  alloys  are  well  established  0*2).  In  a  gas  turbine  engine  where  titanium  alloys  used  in  the  rotating  components 
degrade  due  to  wear,  fatigue  and  fretting  fatigue,  improvement  in  the  component  lives  may  be  achieved  by  ion  implantation, 
leading  to  a  reduction  in  expensive  component  replacement  costs  as  well  as  increasing  flight  safety. 

Fretting  is  a  type  of  surface  degradation  which  results  from  oscillating  slip  between  two  surfaces  in  contact  under  a 
normal  load  as  shown  in  Figure  1.  In  situations  where  fretting  occurs  in  the  presence  of  cyclic  stress  or  relative  motion  between 
the  two  contacting  surfaces,  the  surface  degradation  which  occurs  is  termed  fretting  fatigue. 

Every  surface,  no  matter  how  polished,  has  a  degree  of  micro-roughness  associated  with  it.  Thr  so  called  "hills"  which 
comprise  this  micro-roughness  are  termed  asperities.  When  two  surfaces  are  placed  together,  they  are  only  in  contact  at  the 
asperities.  In  the  initial  stages  of  fretting,  when  a  normal  load  is  applied  to  the  two  surfaces  in  contact  and  relative  movement 
is  occurring  as  a  result  of  a  cyclic  load,  debris  is  generated  due  to  the  adhesion  of  the  asperity  tips  on  the  two  surfaces  and 


Centrifugal 
Blade  Load 
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Fig.  1  Fan  blade  dovetail  displacements  which  cause  fretting  as 
a  result  of  (a)  alternating  centrifugal  forces  and  (b)  natural 
blade  vibration. 

subsequently  breaking  off  of  these  tips.  Once  generated,  this  debris  may  either  re-adhere  after  only  causing  a  small  amount  of 
abrasive  damage  or  it  may  oxidize  and  subsequently  cause  considerable  abrasive  damage.  (Figure  2).  In  fretting,  both  situations 
occur.  As  the  number  of  fretting  cycles  increase,  the  amount  of  oxidized  debris  increases  which  causes  severe  abrasion  of  the 
surface  to  begin. 

In  the  intermediate  stages  of  fretting,  the  severe  abrasion  caused  by  the  debris  results  in  the  development  of  rough 
trench  like  marks  (known  as  scoring)  and  the  formation  of  deep  pits.  Pits  are  formed  in  areas  where  debris  has  built  up  and 
the  debris  abrasively  digs  into  the  material  during  the  relative  movement  of  the  two  surfaces.  It  is  in  these  region  of  the  pits 
where  cracks  are  most  likely  to  initiate  and  then  propagate  to  failure  as  a  result  of  the  cyclic  loading.  This  premature  fatigue 
crack  initiation  has  a  significant  effect  on  the  life  of  rotating  components,  since  for  alloys  such  as  titanium,  the  largest  part  of 
the  fatigue  life  is  taken  up  in  the  crack  initiation  stage.  This  effect  is  illustrated  schematically  in  the  S/N  curves  in  Figure  3. 

In  the  present  work,  the  fretting  fatigue  properties  of  titanium  alloys  at  elevated  temperatures  are  reviewed.  Results 
from  in-service  exposure  of  11-6  Al-4  V  alloy  fan  and  compressor  blades  from  a  gas  turbine  engine  with  respect  to  their  degradation 
in  the  dovetail  are  analyzed  and  the  modes  established.  Types  of  ions  and  the  optimum  conditions  of  their  implantation  into 
Ti-dAI-4V,  in  order  to  improve  the  blade  lives  are  presented.  Transmission  electron  microscopy  (TEM)  results  on  ion  implanted 
Ti-6A1-4V  are  presented  and  discussed. 


I 


I 


TEMPERATURE,  “C 

Fig.  4  Fretting  wear  volume  as  a  function  of 
fretting  temperature  for  pure 
titanium(Ref.  5). 
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Asperities  on  surfaces  in  contact  with  no  normal  pres¬ 
sure  or  relative  movement 


Normal  pressure  applied  and  relative  movement  from 
cyclic  load-  Adhesion  of  asperities  results  In  debris 
generation. 
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Debris  builds  up  and  causes  abrasive  pit  digging  and 
scoring.  Cracks  initiate  trom  pits  reducing  tatigue  lite. 


Fig.  2  Schematic  of  fretting  fatigue  mechanism. 


2.  FRETTING  FATIGUE  OF  TITANIUM  ALLOYS  AT  ELEVATED  TEMPERATURES 

Fretting  wear  is  quite  different  from  other  modes  of  wear  and  occurs  principally  in  oxidizing  environments.  The  principal 
characteristics  of  fretting  are  that  it  is  caused  by  a  combination  of  adhesion,  abrasion  and  oxidation.  In  fretting  fatigue,  cracks 
are  initiated  within  the  abraded  pits  on  the  fretted  surface. 

Oxidation  complicates  the  fretting  process  by  making  it  very  sensitive  to  environmental  factors  such  as  temperature  and 
reactivity.  In  strongly  oxidizing  atmospheres,  fretting  wear  or  fretting  fatigue  is  greatly  accelerated  and  are  therefore  often 
termed  fretting  corrosion.  It  is  possible  that  oxidation  could  enhance  material  loss  through  the  cyclic  removal  of  an  oxide  film 
that  forms  on  the  contact  surface  during  the  interval  between  fretting  strokes. 

The  effect  an  oxide  film  has  on  fretting  depends  on  the  oxidation  kinetics  of  the  contacting  materials  and  therefore  also 
on  the  temperature.  For  instance,  transition  from  slow  logarithmic  oxidation  to  parabolic  oxidation  occurs  at  approximately 
550°C  for  the  case  of  titanium.  As  illustrated  in  Figure  4,  this  also  corresponds  to  a  sudden  reduction  in  the  fretting  wear 
rateP).  Inspection  of  titanium  surfaces  fretted  above  650°C  revealed  a  relatively  damage  free  surface,  whereas  surfaces  fretted 
below  500°C  revealed  evidence  of  oxide  film  disruption  accompanied  by  loose  debris  and  pitting  of  the  metal  surface.  For  a 
given  metal  and  temperature,  the  oxide  film  will  be  beneficial  in  fretting  wear  only  if  a  critical  thickness  is  maintained,  provided 
the  adhesion  to  the  base  metal  is  sufficient.  It  would  appear  that  for  the  case  of  Ti,  this  critical  oxide  film  thickness  is  only 
attained  during  parabolic  oxidation,  ie.  at  temperatures  >  550°C. 

On  the  other  hand,  at  room  temperature,  most  alloy  systems,  including  titanium,  are  unable  to  maintain  this  critical 
oxide  thickness  and  one  of  two  situations  will  prevail.  In  locations  on  the  fretting  surfaces  where  the  contact  is  metal  to  metal, 
strain  hardening  strengthens  the  surfaces  preventing  or  slowing  down  the  formation  of  wear  particles.  In  addition,  since  the 
sliding  distance  is  so  small  in  fretting,  wear  particles  can  become  trapped  and  subsequently  re-adhere  to  the  bare  metal  resulting 
in  less  net  material  loss.  Alternatively,  if  wear  particles  become  oxidized,  or  if  oxide  is  disrupted  from  the  fretting  surfaces 
forming  debris,  an  abrasive  mode  of  wear  can  prevail. 

Broszeit  et  alW  found  that  the  fretting  fatigue  strength  of  Ti-6A1-4V  was  dependent  upon  the  testing  environment. 
Fretting  fatigue  tests  at  room  temperature  in  dry  air  and  nitrogen  reported  approximately  the  same  results.  For  the  fretting 
damage  and  resultant  fatigue  strength  reduction  to  be  the  same  in  both  these  atmospheres,  this  alloy  must  wear  predominantly 
by  a  mechanism  of  adhesion  during  fretting,  even  in  an  oxidizing  atmosphere.  Titanium  does  not  form  a  thick  adherent  protective 
oxide  film  during  fretting  at  low  temperatures  ( <  500°C)  and  the  debris  and  pits  which  form  on  surfaces  of  titanium  fretted  in 
air  at  room  temperature  are  indicative  of  adhesion^).  It  is  likely  that  abrasion  by  oxidized  debris  and  particle  generation  via 


jt 


delamination  also  occur  but  are  outweighed  by  particle  generation  through  the  mechanism  of  adhesion.  Results  of  Hamdy  and 
WaterhouseP)  support  this  hypothesis  where  their  studies  indicate  that  adhesion  is  the  dominant  mode  of  fretting  in  H-6A1-4V 
for  temperatures  below  400°C.  It  is  likely  that  in  the  more  advanced  stages  of  fretting,  abrasion  by  oxide  debris  may  become 
more  predominant.  It  should  be  noted  that  for  temperatures  >  400®C,  the  results  shown  in  Figure  4  clearly  indicate  rha»  oxidation 
must  play  a  large  role  in  the  mechanism  of  fretting  of  Ti.  In  addition  to  the  deleterious  effect  on  fretting  fatigue  of  Ti  alloys 
which  may  be  expected  from  oxidation,  oxygen  difftision  may  also  serve  to  reduce  the  fretting  fatigue  strength  according  to  an 
entirely  different  mechanism.  It  has  been  found  that  in  the  case  of  a+fi  titanium  alloys,  oxygen  diffuses  relatively  deep  into  the 
material  along  the  a/p  phase  interfaces  under  the  combined  effect  of  temperature  (  > 400°C)  and  stress.  This  may  cause  cracking 
of  the  interfaces  leading  to  a  reduction  in  the  fatigue  or  fretting  fatigue  strength. 

3.  CHARACTERIZATION  OF  SURFACE  DAMAGE  IN  PREMATURELY  RETIRED  FAN  AND  COMPRESSOR  BLADES 
3.1  EXPERIMENTAL  MATERIALS  AND  METHODS 

Retired  first  and  second  stage  fan  blades  as  well  as  third  stage  compressor  blades  from  an  advanced  turbofan  engine 
were  examined  to  determine  the  type  of  service  damage  experienced  by  the  dovetail  region.  All  the  blades  are  manufactured 
from  Ti-6A1-4V  alloy  and  coated  with  a  thermally  sprayed  Cu-Ni-In  coating  on  the  pressure  surfaces  of  the  dovetail.  In  addition, 
a  solid  film  lubricant  coating,  M0S2  is  used  on  top  of  the  Cu-Ni-In  coating  in  order  to  protect  it  during  assembly.  Various 
analytical  techniques  such  as  optical  and  scanning  electron  microscopy  and  energy  dispersive  X-ray  analysis  (EDAX)  were  used 
to  analyze  the  service  damage. 


Fig.  5  First  and  second  stage  fan  ^‘8-  ®  Crack  like  defect  present  on  fan  blade 

blades  of  an  advanced  aeroen-  PressuIe  surfa“- 

gine,  respectively. 


32  IN  SERVICE  DAMAGE  TO  RETIRED  STAGE  I  AND  2  FAN  BLADE  DOVETAIL  PRESSURE  FACES 

Moderate  to  severe  fretting  wear  were  observed  on  the  dovetail  pressure  surfaces  of  several  first  and  second  stage  fan 
blades  (Figure  5).  Small  crack-like  defects  as  shown  in  Figure  6,  were  found  on  the  pressure  faces  extending  into  the  parent 
material.  The  fretting  damage  has  been  associated  with  service  induced  slip  at  the  interface  between  the  dovetail  pressure 
surface  and  the  fan  disc  rim  sloL 

Typical  dovetail  pressure  surface  damage  experienced  by  the  first  and  second  stage  blades  are  shown  in  Figure  7a  and 
7b,  respectively.  It  was  observed  that  in  both  blades,  wear  scars  were  formed  in  a  direction  parallel  to  the  longitudinal  axis  of 
the  blade.  Based  on  an  optical  examination  of  a  number  of  retired  stage  1  and  2  blades,  it  was  quite  apparent  that  the  dovetail 
pressure  surfaces  of  the  second  stage  blades  were  subjected  to  a  more  severe  fretting  wear.  The  difference  in  the  fretting 
damage  between  the  two  blades  is  perhaps  associated  with  an  increased  freedom  to  vibrate  since  the  stage  2  blades  do  not  have 
the  mid  span  dampers  which  the  first  stage  blades  have. 
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Fig.  8  Topical  delamination  of  M0S2  coating  Fig.  9  Typical  appearance  of  fretting  wear  damage 
on  fan  blade.  on  Cu-Ni-In  coating  for  a  stage  2  fan  blade. 


The  molybdenum  disulfide  (M0S2)  solid  lubricant  coating  was  present  only  in  limited  quantities  on  the  pressure  surfaces 
of  the  first  and  second  stage  blades.  The  exception  to  this  was  found  only  in  a  few  low  time  stage  1  blades  where  up  to 
approximately  one  third  of  the  pressure  surface  area  still  contained  the  M0S2  coating.  The  failure  mechanism  for  the  M0S2 
coating  was  found  to  be  delamination  at  the  MoS2/Cu-Ni-In  interface  (Figure  8). 

The  fretting  action  on  the  Cu-Ni-In  coating  was  found  to  result  in  a  material  removal  process  consisting  of  a  crumbling 
phenomenon  which  involved  delamination  to  a  lesser  extent  (Figure  9).  In  this  coating,  delamination  typical  of  plasma  sprayed 
coatings  was  found  to  occur  along  the  plasma  sprayed  layers  rather  than  at  the  Cu-Ni-In/Ti-6A1-4V  interface  (Figure  10). 
Therefore,  it  was  concluded  that  the  Cu-Ni-In  coating  had  good  adherence  to  the  Ti-6A1-4V  substrate.  The  surface  crumbling 
process  is  believed  to  occur  as  either  failure  at  the  discontinuities  within  the  coating  (as  shown  by  arrows  in  Figure  10)  or  by 
surface  embrittlement  due  to  oxidation.  It  should  be  pointed  out  that  Cu-Ni-In  is  a  soft  coating  and  serves  to  inhibit  fretting 
of  the  H-6AI-4V  by  reducing  the  shear  loads  which  are  transmitted  to  the  surface  of  the  Ti-0A1-4V  by  the  fretting  motion. 
Examination  of  several  service  exposed  blade  pressure  surfaces  by  SEM  indicated  that  very  little  of  the  Ti-6A1-4V  substrate 
was  directly  attacked  by  the  fretting  action. 


Fig.  10  Discontinuities  within  the  plasma 
sprayed  Cu-Ni-In  coating  on  the  first 
stage  fan  blade  dovetail. 


3J  IN  SERVICE  DAMAGE  TO  THIRD  STAGE  COMPRESSOR  BLADE  DOVETAIL  PRESSURE  SURFACES 

In  contrast  to  the  fan  blades,  the  service  exposed  third  stage  compressor  blades  showed  severe  signs  of  wear,  fretting, 
Cu-Ni-In  coating  delamination,  oxidation  and  pitting  on  the  dovetail  pressure  surfaces.  The  substrate  Ti-6A1-4V  was  attacked 
and  cracking  was  observed.  The  fretting  damage  observed  on  the  pressure  surface  can  be  categorized  as  follows: 

Mode  1:  This  type  of  damage  is  associated  with  the  formation  of  wear  or  score  marks  and  pits  on  the  dovetail  pressure  face, 
an  illustration  of  which  is  presented  in  Figure  11. 

Mode  2:  This  type  of  damage  is  associated  with  the  deformation  of  the  pressure  face  base  which  can  result  in  the  formation  of 
cracks.  This  deformation  is  associated  with  unusually  high  loading  conditions  imposed  upon  the  blade  during  service  which 
results  in  the  extrusion  of  the  Cu-Ni-In  coating.  Figure  12.  The  effectiveness  of  this  coating  can  drastically  be  reduced  due  to 
this  reduction  in  thickness  and  further  contribute  towards  the  initiation  of  a  number  of  fine  cracks,  Figure  13.  The  deformation 
of  the  coating  by  extrusion  has  been  commonly  observed  at  the  comer  regions  of  the  pressure  face.  This  extruded  coating  tends 
to  oxidize  readily  at  the  dovetail  temperature,  Figure  14.  The  coating  is  degraded  even  further  when  the  debris  chips  generated 
from  the  oxidized  coating  is  trapped  between  the  dovetail  and  disc  surface. 

Mode  3:  This  type  of  damage  is  associated  with  the  formation  of  localized  pits  and  the  premature  initiation  of  cracks  in  the 
coating  as  well  as  in  the  substrate  which  is  the  most  severe  of  all  the  damage  that  has  been  observed  on  the  pressure  face.  Figure 
15.  All  cracks  found  on  the  dovetail  region  of  the  blade  which  were  present  in  both  the  coating  and  base  material  initiated  on 
the  pressure  surface  as  shown  in  Figure  16.  It  was  found  that  all  these  macks  had  initiated  in  an  area  of  the  pressure  surface 
where  the  coating  had  either  been  totally  removed  or  significantly  decreased  in  thickness.  The  cracks  subsequently  grew  at  an 
angle  of  approximately  45°  to  the  pressure  face.  There  was  also  evidence  that  the  crack  grew  under  a  combination  of  HCF /LCF 
loading  conditions  due  to  the  presence  of  striations  on  the  fracture  surfaces  examined. 
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3.4  EFFECT  OF  TEMPERATURE  ON  THE  MODE  OF  FRETTING  DAMAGE 

Where  fretting  fatigue  of  Ti  alloy  gas  turbine  engine  components  is  concerned,  the  effect  of  temperature  on  the  fretting 
process  can  be  quite  significant  It  is  likely  that  the  mechanism  of  fretting  in  fan  blades  which  operate  at  ambient  temperatures 
would  be  quite  different  than  compressor  blades  which  operate  at  temperatures  ranging  from  400-600°C.  In  fact,  the  lower 
temperature  fan  blade  has  been  observed  to  fret  by  a  mechanism  of  adhesion  and  abrasion  by  oxide  debris.  As  the  operating 
temperature  increases,  the  abrasion  by  oxide  debris  becomes  the  more  predominant  and  severe  mechanism  as  observed  in  the 
compressor  blades.  According  to  the  results  of  Bill(4)  (Figure  4),  the  most  severe  fretting  may  be  expected  at  500-550°C  for 
the  alloy  Ti-6A1-4V,  right  at  the  point  where  the  oxidation  kinetics  change  from  logarithmic  to  parabolic.  These  results  also 
suggest  that  compressor  blades  are  more  susceptible  to  fretting  than  fan  blades  as  has  been  observed  in  the  present  investigation. 

4.  ION  IMPLANTATION  OF  T1-6A1-4V  FAN  AND  COMPRESSOR  BLADES 

Ion  implantation  is  a  viable  technique  for  improving  the  properties  of  Ti-6A1-4V  fan  and  compressor  blades  as  it  has 
been  found  to  be  successful  for  improving  the  wear,  fatigue,  oxidation  and  fretting  properties  of  Ti-6A1-4V  in  past  studies,  a 
detailed  review  of  which  has  been  published  recentlyW.  As  fan  and  compressor  blades  likely  fret  by  different  mechanisms, 
the  same  implantation  parameters  (ion  species,  dose  and  energy)  may  not  be  optimum  for  both.  Therefore,  it  is  necessary  to 
evaluate  the  optimum  implantation  conditions  for  the  fan  and  compressor  blades  independently  based  on  what  is  known  of  the 
mechanism  of  fretting. 

The  factors  to  consider  when  developing  the  optimum  ion  implantation  conditions  for  improving  the  fretting  fatigue 
properties  of  Ti-6A1-4V  are: 

(i)  Previous  results  of  the  effect  of  ion  implantation  on  the  wear  properties  of  Ti-6A1-4V.  These  results  are  useful 
as  the  mechanisms  of  wear  and  fretting  (adhesion,  abrasion,  oxidation  and  delamination)  are  essentially  the  same. 

(ii)  Previous  results  of  the  effect  of  ion  implantation  on  the  high  cycle  fatigue  strength  of  Ti-6A1-4V.  These  results 
are  useful  as  the  main  component  of  fatigue  of  the  fan  and  compressor  blades  is  high  cycle  fatigue  (HCF). 

(iii)  Previous  results  of  the  effect  of  ion  implantation  on  the  oxidation  resistance  of  Ti-6A1-4V.  These  results  may  be 
particularly  useful  where  compressor  blades  are  concerned. 

It  should  be  noted  that  only  limited  work  has  been  done  on  the  effect  of  ion  implantation  on  the  fretting  fatigue  properties  of 
TJ-6A1-4V. 

4.1  THE  EFFECT  OF  ION  IMPLANTATION  ON  THE  WEAR  PROPERTIES  OF  TUAI-4V 

Several  previous  investigations  have  been  carried  out  on  the  effect  of  ion  implantation  on  the  wear  properties  of 
Ti-6A1-4V.  The  main  thrust  of  this  work  has  been  focused  on  either  nitrogen  or  carbon  ion  implantation.  It  is  clear  that  for 
each  particular  ion  species  a  certain  microstructure  must  be  developed  in  the  implanted  layer  for  wear  improvement  to  occur, 
(i)  Nitrogen  Ion  Implantation 

Figure  17  summarizes  the  results  of  previous  investigations  into  the  effect  of  N+  implantation  on  the  wear  properties 
of  Ti-fiAl-AV  as  a  fqnction  of  peak  ion  concentration  in  the  implanted  layer  and  the  occurrence  of  nitride  precipitates  in  the 
implantml  layer!'"1  <).  The  peak  ion  concentrations  (atoms/cm^)  given  in  this  figure  were  obtained  using  a  TRIM  computer 
program!18)  to  generate  implant  profiles  using  the  particular  dose  and  energy  conditions  specified  in  each  investigation  as 
input  data.  Investigations  numbered  1  through  4  resulted  in  no  wear  improvement  Only  three  of  these  investigations  analyzed 
the  implanted  material  to  determine  if  second  phase  precipitates  were  present  in  the  implanted  layer.  In  each  of  these  three 
cases,  including  the  investigation  where  the  implantation  was  carried  out  at  300°C  or  400°C,  no  TiN  was  detected.  The 
investigations  numbered  5  through  1 1  all  resulted  in  wear  improvement  and  in  all  cases  where  implanted  layer  characterization 
was  carried  out,  TiN  precipitates  were  found.  Note  that  in  investigation  number  8  the  implantation  was  done  at  either  500°C 
or  600°C. 
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With  the  exception  of  investigations  5,6  and  8,  all  of  the  investigations  which  resulted  in  wear  improvement  had  a  peak 
ion  concentration  much  larger  than  the  concentrations  in  the  investigations  which  resulted  in  no  wear  improvement  More 
specifically,  it  would  appear  that  a  peak  implanted  ion  concentration  of  at  least  48x1021  N /cm3  is  required  in  order  to  achieve 
improved  wear  properties,  as  indicated  by  the  dashed  line  in  Figure  17.  Since  the  presence  of  Tibi  precipitates  in  the  implanted 
layer  appears  to  be  required  for  wear  improvement  and  wear  improvement  has  been  shown  to  occur  only  for  peak  ion  con¬ 
centrations  greater  than  48xlC)21  N/cm3,  then  a  peak  N+  ion  concentration  of  at  least  48x11)21  N/cm3  is  required  to  obtain 
the  required  volume  fraction  of  TiN  precipitates  in  the  implanted  layer. 

Yet,  a  question  arises  with  regards  to  the  presence  of  nitride  precipitates  found  in  investigation  8  where  the  peak  N  + 
concentration  was  less  than  4Sxl()21  N/cm3  but  led  to  wear  improvement  as  outlined  in  investigations  5,6  and  8.  With  regard 
to  investigation  number  8,  the  presence  of  TiN  at  a  peak  concentration  of  35x11)21  N/cm3  may  be  explained  by  the  fact  that 
the  implantation  was  done  at  either  500°  or  60 0°C.  It  has  been  found  that  a  temperature  of  at  least  500°C  is  required  to  cause 
a  measurable  change  in  TiN  particle  size  and  volume  fraction  in  N+  implanted  Ti-6A1-4V(2).  Therefore  it  may  be  expected 
that  for  a  high  temperature  implant  such  as  this,  TiN  precipitates  may  form  for  peak  ion  concentrations  less  than  48x1021  N /cm3 
and  accordingly,  improved  wear  properties  would  result  With  regard  to  investigations  5  and  6,  according  to  the  results  presented 
so  far,  TiN  precipitates  would  not  be  expected  to  be  present  in  the  implanted  layers  under  the  conditions  used  in  these  analyses. 
The  improvement  which  resulted  in  these  cases  however  was  improved  corrosive  wear  properties  rather  than  improved  wear 
properties.  Because  these  two  situations  differ  so  dramatically  with  regard  to  the  mechanism  of  surface  degradation,  they  really 
cannot  be  compared. 

In  order  to  further  substantiate  the  fact  that  a  peak  N  +  ion  concentration  of  at  least  48x11)21  N/cm3  would  be  required 
for  TiN  precipitation  to  occur,  investigations  12  through  14  have  been  included  in  Figure  17.  These  investigations  involved 
only  microstructural  characterization  of  N+  implanted  titanium,  no  wear  tests  were  carried  out.  In  each  investigation  the  peak 
N+  ion  concentration  was  at  least  48x11)21  N/cm3  and  presence  of  TiN  precipitates  in  the  implanted  layer  was  confirmed. 
Interestingly,  in  investigation  14  where  a  peak  concentration  of  107x1021  N/cm3  was  used,  the  implanted  layer  was  found  to 
be  fully  transformed  to  TiN. 

(ii)  Carbon  Ion  Implantation 

Unfortunately,  less  work  has  been  done  on  the  effect  of  carbon  implantation  on  the  wear  properties  of  Ti-6A1-4V  than 
for  nitrogen.  However,  the  results  which  are  available  in  the  literature  are  summarized  in  Table  l(l  1,13,19,20)  i„  each  0f  the 
four  investigations  reported  in  Table  1,  C+  implantation  resulted  in  improved  wear  properties  of  Ti-6A1-4V.  The  work  done 
by  Vardiman  (1982)(20)  however  provides  the  largest  amount  of  information  available  for  determining  the  optimum  implant 
conditions  for  improving  wear  of  Ti-6A1-4V  by  C+  implantation. 

Vardiman(20)  found  the  largest  improvement  in  wear  properties  to  occur  after  implanting  carbon  ions  to  a  concentration 
of  25.7x1021  C/cm3  followed  by  a  second  anneal  at  400°C.  After  annealing  at  500°C  a  much  smaller  improvement  resulted. 
The  reduction  of  the  improvement  which  occurred  in  going  form  the  400°C  anneal  to  the  500°C  anneal  was  attributed  to  an 
overgrowth  of  TiC  precipitate  size  which  suggests  that  an  optimum  TiC  size  exists  for  maximizing  wear  property  improvement. 
Microstructural  characterization  of  the  400°C  annealed  material  revealed  the  carbide  particle  size  to  be  roughly  60  run  with  a 
fewparticles  10-20  nm  in  size.  It  is  not  clear  what  peak  C+  concentration  is  required  to  obtain  the  optimum  carbide  size  without 
following  the  implantation  by  a  post  implant  anneal.  It  may  be  noted  that  Vardiman! '9)  has  also  done  a  study  into  the  effect 
of  C+  implantation  on  the  fretting  fatigue  properties  of  Ti-6A1-4V  and  found  an  improvement  for  a  concentration  of  ISTxlO21 
C/cm3  with  no  post  implant  anneal. 


Table  1:  Results  of  carbon  implantation  studies  of 

Ti-6A1-4V. 


Paper 

Peak  Cone. 
xl021  ions/cm2 

Wear  Improvement 

Vardiman 

(1982) 

15.7  (anneal  at  300, 
400  and  500°C) 

Largest  improvement 
after  400°C  anneal  TiC 
observed  in  each  case 

Vardiman 

(1982) 

15.7 

Improved  fretting 
fatigue  life 

Sioshansi 

(1985) 

26.7 

Wear  against 

UHMWPE  improved 

Oliver 

(1984) 

45 

Slight  improvement 

Fig.  17  Summary  of  the  investigations  which 
have  been  carried  out  on  nitrogen 
implanted  Ti-6A1-4V. 


16-8 


4J  EFFECT  OF  ION  IMPLANTATION  ON  THE  HIGH  CYCLE  FATIGUE  STRENGTH  OF  H4A1-4V 

Ion  implantation  results  in  a  surface  layer  with  restricted  dislocation  movement  which  in  turn  means  an  increased  surface 
hardness.  This  situation  can  serve  to  delay  fatigue  crack  initiation.  Damage  induced  dislocation  loops  can  increase  fatigue  life 
by  reducing  the  slip  distance,  and,  provided  the  strength  of  these  barriers  is  sufficient,  by  enhancing  the  amount  of  reversible 
slip.  In  addition  to  this,  because  the  stress  levels  in  HCF  are  usually  much  lower  than  yield  stress,  the  surface  residual  compressive 
stresses  created  in  an  implanted  layer  may  provide  one  mechanism  by  which  ion  implantation  can  increase  the  fatigue  life.  The 
damage  induced  by  the  ion  beam  is  sufficient  to  develop  dislocation  tangles  and  residual  stresses  which  contribute  to  the  surface 
hardening.  In  this  respect,  the  size  of  the  implanted  ion  can  be  quite  important  where  ions  larger  than  the  matrix  create  a 
compressive  stress  and  ions  smaller  than  the  matrix  create  a  tensile  stress.  Compressive  residual  stresses  can  increase  the  fatigue 
life  as  they  reduce  the  damaging  tensile  component  of  the  cyclic  stress. 

Because  surface  hardening  should  theoretically  increase  the  fatigue  life,  nitrogen  and  carbon  ions  which  are  effective 
in  improving  wear  according  to  this  mechanism  should  also  be  effective  in  increasing  die  fatigue  crack  initiation  life. 

Presently,  the  only  extensive  investigation  into  the  effect  of  ion  implantation  on  the  HCF  life  of  Ti-6A1-4V  has  been 
done  by  Vardiman  and  KantU®).  In  that  work,  nitrogen  was  implanted  into  samples  to  a  dose  of  2x10^  atoms  cm'2  at  an 
energy  of  75keV  per  atom  to  give  a  peak  concentration  of  18x11)21  atoms  cm'3.  Some  of  the  samples  received  a  500°C 
post-implant  anneal  for  4h.  Carbon  was  implanted  into  samples  at  the  same  energy  and  dose  giving  a  peak  concentration  of 
15.7x1021  atoms  cm'3.  The  effect  of  heat  treatment  on  carbon  implanted  samples  was  investigated  by  carrying  out  a  400°C 
post-implant  anneal  for  lh  and  the  effect  of  dose  was  tested  by  implanting  samples  with  carbon  doses,  greater  than  and  less 
than  2x11)17  atoms  cm'2,  The  results  of  rotating  beam  fatigue  tests  rotated  at  1600  rev  min’l  are  illustrated  in  Figures  18  and 
19.  The  unimplanted  endurance  limit  of  73  ksi  <500MPa)  is  increased  approximately  10%  by  N+  implantation  and  20%  by 
C+ .  For  high  stress  amplitudes  (>  100  ksi;  690MPa)  the  effect  of  nitrogen  implantation  disappeared  while  carbon  implantation 
increased  the  life  by  a  factor  of  4  to  5.  Results  of  the  heat  treated  samples  are  not  shown  as  they  resulted  in  no  significant 
additional  improvement  for  either  nitrogen  or  carbon  implantation.  According  to  Figure  19,  a  dose  of  only  Ixl0l7  C+  cm'2 
(7.9x11)21  c+  cm'3  peak  concentration)  is  required  to  obtain  full  fatigue  life  improvement  at  98  ksi  (676  MPa)  with  higher 
doses  providing  no  increased  benefit. 

Transmission  electron  microscope  analysis  published  to  date  revealed  the  presence  of  second  phase  precipitates  in  both 
the  C+  and  N+  implanted  Ti-6A1-4V.  The  nitride  precipitates  found  were  TiN,  10-20  nm  in  size,  incoherent  with  the  o-Ti 
matrix.  After  the  post-implant  anneal,  a  small  size  increase  of  TiN  precipitates  occurred  to  a  maximum  of  about  30  nm.  Much 
larger  increases  in  precipitate  size  occurred  after  annealing  the  carbon  implanted  samples.  With  regard  to  the  C+  implantation, 
the  main  implication  of  these  results  is  that  the  size  of  the  precipitates  is  not  as  significant  a  factor  for  increasing  fatigue  life  as 
for  improving  wear.  This  conclusion  is  based  on  the  fact  that  after  the  400°C  anneal,  during  which  precipitate  growth  occurred, 
no  further  HCF  life  increase  was  observed.  Because  for  both  the  C+  and  N+  implanted  samples,  heat  treatment  would  cause 
the  number  of  precipitates  to  increase,  and  yet  no  further  increase  in  the  fatigue  life  was  observed,  it  would  appear  that  second 
phase  precipitation  is  not  the  dominant  mechanism  responsible  for  the  observed  increased  fatigue  life. 

The  presence  of  a  compressive  residual  stress  in  the  ion  implanted  layer,  which  results  from  expansion  of  the  lattice 
during  implantation,  may  also  explain  some  of  the  improvement  in  fatigue  life  observed  after  nitrogen  or  carbon  implantation 
of  Ti-6AI-4V. 


Fig.  18  Cycles  to  failure  vs.  maximum 
stress  for  C 4  and  N+  implanted 
Ti-6Al-4V(Ref.  19):  1  ksi=  6.9 
MPa. 


PEAK  CONCENTRATION,  cm ’ 

7A  ISA  19.8 


CARBON  HOSE.  c»' 


Fig.  19  Cycles  to  failure  vs.  C+  dose  for 
Ti-6A1-4V,  98  ksi  maximum 
stress(Ref.  19):  98  ksi  =  676  MPa. 


Because  the  presence  of  a  large  density  of  second  phase  precipitates  is  not  a  necessity  for  increasing  the  fatigue  life, 
then  solid  solution  hardening  must  be  the  dominant  mechanism  responsible  for  the  increase  in  the  fatigue  life  of  Ti-6A1-4V 
with  the  presence  of  a  compressive  residual  stress  resulting  in  an  uncertain  amount  of  the  improvement.  This  would  also  explain 
the  difference  in  the  effects  of  C+  and  N  + .  Carbon  may  segregate  to  dislocations  more  readily  than  nitrogen  owing  to  its  lower 
solubility  and  greater  mobility  in  a-Ti,  and  thus  it  may  be  more  efficient  in  the  pinning  of  dislocations. 

Although  the  effect  of  ion  implantation  on  fatigue  life  is  not  as  dramatic  as  on  wear,  it  can  provide  a  measurable 
improvement  The  optimum  implant  conditions  include  a  smaller  dose  than  is  required  for  wear  as  the  dominant  mechanism 
causing  the  improvement  in  solid  solution  strengthening  rather  than  precipitation  hardening  as  would  appear  to  be  the  case  for 
wear.  In  addition  to  this,  no  post-implant  heat  treatment  is  required  for  either  carbon  or  nitrogen  implantation  as  precipitate 
number  and  size  would  appear  to  be  insignificant. 
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4J  EFFECT  OF  ION  IMPLANTATION  ON  THE  OXIDATION  PROPERTIES  OF  1V4AJ-4V 

Oxidation  of  H-6A1-4V  is  inhibited  by  barium  ions  which  diffuse  towards  the  dislocations  and  block  the  inward  diffusion 
of  oxygen.  This  can  be  beneficial  in  situations  where  oxide  is  prone  to  flaking  and  delamination,  i.e.  fretting  wear.  Ba+ 
implantation  can  also  lead  to  hardening  whereby  after  diffusing  to  dislocations  the  ions  can  react  with  oxygen  to  form  BaTiO 
precipitates  which  can  pin  the  dislocation  movement!?). 

44  EFFECT  OF  ION  IMPLANTATION  ON  THE  FRETTING  FATIGUE  PROPERTIES  OF  T1-6AMV 

One  study  by  Vardiman  and  Kant(^)  involved  betting  fatigue  testing  of  C+  implanted  H-6A1-4V  (at  75keV  to  a  dose 
of2xl0l'C+  cm"2).  The  results,  illustrated  in  Figure  20,  indicate  that  a  significant  increase  in  the  fretting  fatigue  strength  can 
be  gained  via  C+  ion  implantation.  Because  no  difference  was  seen  between  the  betting  and  bacture  surfaces  of  the  implanted 
and  unimplanted  material  it  would  appear  that  the  improvement  may  be  ascribed  to  a  slowing  of  debris  formation  and  damage 
on  the  hardened  layer,  i.e.  improved  betting  wear  resistance.  The  mechanism  of  betting  is  apparently  not  affected  by  the 
implantation. 

In  an  investigation  by  Deamaiey(2),  it  was  found  that  Ba  *  ions  implanted  into  Ti-6A1-4V  improved  betting  fatigue  by 
50%.  As  mentioned  above,  barium  inhibits  oxidation  of  H-6A1-4V.  If  an  increase  in  the  room  temperature  betting  fetigue 
strength  of  Ti-dAl-4 V  was  achieved  by  Ba +  implantation  then  the  hypothesis  that  the  low  temperature  ( <  400°C)  betting  of 
titanium  in  air  occurs  predominantly  by  adhesion,  would  appear  to  be  incorrect  It  is  possible  that  the  effect  barium  ion 
implantation  has  on  the  oxidation  of  Ti  may  be  vety  useful  in  reducing  betting  at  temperatures  between  500  and  600°C.  Note 
that  the  improvement  in  the  betting  fatigue  of  Ba+  implanted  Ti-6A1-4V  as  described  above  may  also  have  resulted  bom  a 
hardening  effect  caused  by  the  presence  of  BaTiO  precipitates. 


Fig.  20  Cycles  to  failure  vs.  maximum  fatigue 
stress  for  carbon  implanted  and  unim¬ 
planted  Ti-6A1-4V;  normal  stress  3 
ksi(Ref.  20):  3  ksi=  21  MPa. 


Table  2:  Selection  of  optimum  ion  implantation  condi¬ 
tions  for  minimizing  betting  fatigue  in  Ti- 
6A1-4V  at  temperatures  <400°C 


Ion 

Species 

Approximate 
dose,  1017 
atoms  cm"2* 

Peak 

concentration, 
1()21  atoms 
rm~3 

Comments 

N  + 

>5 

>48 

Must  suffice  for  a 
large  density  of 
second  phase  pre¬ 
cipitates 

C+ 

>3 

>16 

Optimize  number 
and  size  of  precipi¬ 
tates  (low  tempera¬ 
ture  heat 
treatment) 

Ba+ 

Optimum  dose  not 
established 

*  Depends  on  the  energy 


4£  OPTIMUM  IMPLANT  SPECIES  AND  CONDITIONS  FOR  REDUCING  FRETTING  FATIGUE  OF  TI-6A1-4V  FAN  AND 
COMPRESSOR  BLADES 

In  light  of  the  difference  in  operating  temperature  between  fen  and  compressor  blades  and  the  resultant  difference  in 
the  mechanism  of  fretting  to  be  expected,  the  development  of  the  optimum  implant  conditions  for  the  two  cases  mutt  be  treated 
separately. 

(i)  Low  Temperature  Fretting  Fatigue  ( < 400°C) 

Fan  blades  and  stage  lor  stage  2  compressor  blades  would  be  expected  to  fret  in  this  temperature  regime.  It  has  already 
been  oatahHshed  that  fretting  of  TI  at  temperatures  <400°C  likely  occurs  predominantly  by  a  mechanism  of  adhesion.  In 
addition  to  this,  the  main  fatigue  component  where  betting  fatigue  of  fan  and  compressor  blades  is  concerned,  is  that  of  high 
cycle  fatigue.  Therefore,  in  determining  the  optimum  ion  implantation  conditions  for  improving  the  fretting  fatigue  resistance 
ofTMAMV  fen  and  compressor  blades  in  this  temperature  regime,  the  results  on  the  effect  of  ion  implantation  on  the  wear, 
high  cycle  fatigue,  and  fretting  resistance  of  H-6A1-4V  may  be  consulted.  Note  that  although  unidirectional  and  fretting  wear 
differ  in  many  respects,  it  is  dear  that  the  fundamental  modes  of  wear  including  adhesion,  abrasion,  and  delamination  are 
characteristic  0/ both.  It  it  therefore  possible  that  those  ion  species  which  improve  unidirectional  wear  will  alto  improve  betting 
wear. 

Ion  implantation  feu  resulted  in  a  more  dramatic  improvement  in  the  wear  resistance  of  T1-6A1-4V  than  that  in  the 
high  cycle  fatigue  strength!*).  It  would  seem  logical,  therefore,  that  in  order  to  maximize  the  increase  in  the  fretting  fatigue 
strength  of  the  alloy  by  ion  implantation,  implant  conditions  for  maximizing  the  wear  resistance  must  be  selected.  Significantly, 
most  of  the  ions  which  result  in  improved  high  cycle  fatigue  strength  of  H-6A1-4V  have  also  been  shown  to  result  in  improved 
wear  resistance. 

Based  on  this  reasoning,  certain  implant  conditions  which  might  bold  the  highest  potential  for  improving  fretting  fatigue 
ofTi-6Al-4V  have  been  summarized  in  Table  2.  N+  andC+  implantation  are  the  obvious  selections  as  they  have  both  resulted 
in  improved  wear  and  fatigue  of  H-6A1-4V.  If  an  increase  in  wear  resistance  is  to  provide  the  best  results  second  phase 
precipitation  is  a  necessity  meaning  that  a  high  dose  is  required.  This  is  especially  true  for  the  case  of  N+  unless  a  post-implant 
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heat  treatment  is  considered.  Results  by  Dearnaley  for  Ba+  implantation(2)  are  also  encouraging  and  are  worth  considering 
for  further  work.  Ba+  implantation  would  be  especially  interesting  as  the  results  would  likely  clarify  some  of  the  uncertainties 
regarding  the  role  of  oxide  in  fretting  in  this  temperature  regime. 

(ii)  High  Temperature  Fretting  Fatigue  ( >400°C) 

Unfortunately,  there  has  been  no  published  work  on  the  effect  of  ion  implantation  on  the  wear,  high  cycle  fatigue  and 
fretting  fatigue  of  Ti-6A1-4V  in  this  temperature  regime.  However,  it  is  likely  that  those  optimum  implant  conditions  (N  +  and 
C+  implantation)  selected  for  the  low  temperature  regime  (<400°C)  would  also  result  in  improved  fretting  fatigue  properties 
of  Ti-6A1-4V  in  the  high  temperature  regime  (>400°^).  However,  of  particular  interest  for  fretting  fatigue  at  temperatures 
>400°C  is  Ba+  ion  implantation. 

Barium  ion  implantation  has  been  found  to  inhibit  oxidation  of  Ti-6A1-4V  by  blocking  the  inward  diffusion  of  oxygen(^). 
This  phenomena  may  be  particularly  useful  for  increasing  the  fretting  fatigue  resistance  of  Ti-6A1-4V  at  temperatures  >400°C 
in  accordance  with  the  following  three  mechanisms: 

a)  By  slowing  down  the  oxidation  kinetics  of  Ti-6A1-4V  so  that  fretting  occurs  predominantly  by  adhesion  rather  than 
oxidation  i.e.  see  Figure  4. 

b)  By  blocking  the  inward  diffusion  of  oxygen  premature  fatigue  crack  initiation  along  a/fi  phase  boundaries  may  be  pre¬ 
vented. 

c)  By  providing  additional  hardness  due  to  the  formation  of  BaTiO  precipitates. 


5.  TRANSMISSION  ELECTRON  MICROSCOPY  OF  ION  IMPLANTED  TMA1-4V 
S.1  IMPLANTATION  CONDITIONS 

Five  implantation  conditions  were  selected  for  the  fretting  fatigue  study  as  summarized  in  Table  3.  For  the  nitrogen 
or  carbon  implantation  both  a  single  energy  implantation  and  a  triple  energy  implantation  were  considered.  The  triple  energy 
implants  result  in  flatter  concentration  profiles  compared  with  the  approximately  gaussian  profiles  which  would  be  obtained 
from  the  single  energy  implants.  It  is  uncertain  what  effect  the  flatter  profiles  may  have  on  the  fretting  fatigue  properties  of 
Ti-6A1-4V  compared  with  the  gaussian  profiles.  In  addition  to  nitrogen  or  carbon  implantation,  a  dual  species  implant  (N  + 
plus  C+)  was  considered.  Prior  to  carrying  out  fretting  fatigue  tests  on  Ti-6A1-4V  implanted  with  each  of  these  conditions,  a 
TEM  investigation  was  conducted  so  that  a  microstructural  characterization  of  each  of  these  implanted  layers  could  be  made. 


Table  3:  Ion  implantation  conditions  selected  for  the  fretting  fatigue  study 


Ion 

Species 

Condition 

N+ 

-  Dose  and  energy  selected  to  give  a  peak  concentration  greater  than 

48x1021  N/cm3. 

-  Will  consider  both  a  single  energy  implant  and  a  triple  energy  implant. 

C+ 

-  Dose  and  energy  selected  to  give  a  peak  concentration  large  enough  to 
obtain  a  larger  density  of  carbide  precipitates.  (Peak  concentration  selected 
is  greater  than  15.7x1021  N/cm3) 

-  Will  consider  both  a  single  energy  implant  and  a  tripe  energy  implant 

C+  and 

N+ 

-  Dual  implant 

Fig.  22  TEM  micrograph  of  N+  implanted  T1-6A1-4V. 


Fig.  21  Electron  diffraction  pattern  of  (a) 
C+  implanted  <011  >  cubic  pat¬ 
tern  and  (b)  N+  implanted  <001  > 
cubic  pattern. 
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52  TEM  SAMPLE  PREPARATION 

Disks  of  Ti-6A1-4V  alloy,  3  mm  in  diameter,  were  mechanically  polished  to  a  1  nm  finish  prior  to  ion  implantation. 
After  implanting  the  disks  on  one  side,  they  were  thinned  by  standard  jet  polishing  technique.  In  order  to  preserve  the  ion 
implanted  layer  for  electron  microscopy,  the  foils  were  back  thinned  to  perforation  by  masking  the  ion  implanted  surface  with 
a  thin  glass  plate.  The  polishing  solution  used  was  94%  acetic  acid  plus  6%  perchloric  acid  by  volume.  Nitrogen  and  carbon 
implanted  foils  were  analyzed  together  with  foils  which  received  a  dual  implant  of  both  carbon  and  nitrogen  ions. 

53  TEM  RESULTS 

With  the  exception  of  the  foils  which  received  the  dual  N  +  plus  C  +  implant,  both  cubic  Ti(C,N)  and  hexagonal  close 
packed  (o-Ti)  diffraction  patterns  were  observed.  Examples  are  given  in  Figures  21  a  and  b  for  the  case  of  a  single  energy 
carbon  and  nitrogen  implant  respectively.  Only  cubic  diffraction  patterns  were  obtained  from  the  foils  which  received  the  dual 
C+  plus  N+  implantation.  Note  that  these  foils  received  the  highest  dose  of  all  the  samples  examined.  Many  of  the  cubic 
crystal  patterns  were  sharp  (Figure  21a),  while  other  patterns  showed  clear  evidence  of  twinning  (Figure  21b).  On  examination 
by  imaging  techniques  some  grains  appeared  twinned  while  others  were  free  of  twins.  Figure  22  illustrates  a  micrograph  of  a 
grain  in  a  N+  (single  energy)  implanted  foil  where  indications  of  twinning  is  clearly  evident.  Note  that  similar  results  were 
obtained  for  the  single  and  triple  energy  carbon  and  nitrogen  implanted  foils. 

These  results  suggest,  but  do  not  prove,  that  if  twinning  is  associated  with  relief  of  the  transformation  strains  for  Ti  to 
Ti(C,N)  the  accommodation  of  the  strains  is  dependent  on  the  original  crystallographic  orientation  of  the  grains  at  the  surface. 
The  exact  nature  of  the  strains  would  depend  on  the  crystallographic  orientation  between  the  TiN(C)  and  Ti  which  has  not 
been  established  yet  for  these  ion  implanted  samples. 

6.  SUMMARY  AND  CONCLUSIONS 

1.  Ion  implantation  has  been  identified  as  being  a  viable  technique  for  improving  the  fretting  fatigue  damage  which  occurs 
on  the  dovetail  surface  of  TU6A1-4V  aircraft  gas  turbine  fan  and  compressor  blades. 

2.  The  results  of  studies  on  the  effects  of  ion  implantation  on  the  wear  properties  of  Ti-61-4V  may  be  used  as  a  starting  point 
for  establishing  the  implantation  conditions  which  hold  the  optimum  potential  for  improving  the  fretting  fatigue  properties 
of  the  alloy. 

3.  It  appears  that  second  phase  precipitates  must  be  present  in  the  implanted  layer  for  both  nitrogen  or  carbon  implantation 
of  Ti-6A1-4V  if  wear  improvement  is  to  occur. 

4.  The  effect  a  particular  set  of  ion  implantation  conditions  has  on  the  fretting  fatigue  properties  of  fan  and  compressor 
blades  may  differ  as  a  result  of  the  difference  in  operating  temperatures.  The  severity  of  damage  and  likely  the  mechanism 
of  fretting  is  generally  much  worse  in  compressor  blades  as  compared  to  fan  blades. 
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INTRODUCTION 

The  use  of  more  corrosive  low-grade  fuels  In  combination  with  Increasing  com¬ 
bustion  gas  temperatures  are  major  challenges  in  the  present  and  future  operation 
of  heat  engines.  Improved  thermal  efficiency  under  practical  operating  conditions 
can  only  be  accomplished  by  improved  materials  and/or  coatings.  This  develop¬ 
ment  motivated  us,  in  1982,  to  procure  a  high-velocity  burner  rig  for  our  institute 
to  simulate  the  operation  of  gas  turbines  under  service  conditions.  As  an  aircraft 
R&D  establishment,  we  have  been  mainly  interested  in  corrosion  and  oxidation  of 
aircraft  gas  turbines.  Working  in  this  new  field  of  research  yielded  a  review  on  hot 
corrosion  in  aircraft  engines  [1]. 

For  an  overview  of  our  work,  to  date,  in  the  field  of  hot  corrosion  and  high  tem¬ 
perature  oxidation  some  topics  are  selected.  We  started  burner  rig  tests  with 
investigations  on  the  hot  corrosion  resistance  of  protective  coating  systems  to 
evaluate  coating  alloys  •or  use  in  highly  contaminated  combustion  gases.  Ther- 
mocyclic  oxidation  tests  of  coated  aircraft  turbine  blade  materials  in  hot  gases  of 
JP4  up  to  temperatures  of  1100  °C,  followed  later. 

Since  "hot  corrosion'  is  induced  by  molten  salts  or  low-melting  oxides  deposited 
from  the  hot  gas  on  the  material  surface  we  saw  the  necessity  for  fundamental 
investigations  of  molten  salt  corrosion.  Therefore  a  device  was  developed  for 
electrochemical  experiments  in  molten  salts.  Another  motivation  for  developing 
molten  salt  experimentation  was  to  have  an  alternative  test  procedure  to  the 
high-cost  burner  rig  tests. 

HOT  GAS  TESTS 

Hlgh-Velocfty  Burner  Rig  at  DLR 

The  burner  rig  at  DLR  (Figure  1)  permits  materials  testing  at  high  gas  temper¬ 
atures  and  velocities.  Hence,  ignoring  the  pressure  conditions  of  the  gas  stream, 
processes  in  gas  turbines,  particularly  in  aircraft  gas  turbines,  can  be  simulated 
sufficiently. 

The  equipment  (LCS-3BR  Laboratory  Combustor  System)  was  supplied  from 
Becon  Inc.,  South  Windsor,  Connecticut  06074,  USA.  The  system  can  be  applied 
to  oxidation  or  corrosion  under  isothermal  as  well  as  cyclic  conditions.  Additional 
components  are  necessary  to  perform  hot  particulate  erosion  experiments. 

Diesel  and  aircraft  fuel  can  be  used  with  the  standard  nozzle  system.  Heavy  dis¬ 
tillates  of  oil  or  gaseous  fuel  would  require  special  fuel  nozzle  systems.  Fortesting 
of  hot  corrosion,  salt  solution  can  be  injected  into  the  combustion  chamber.  To 
accelerate  corrosive  attack  contaminations  such  as  S,  V,  Na,  and  Cl  can  be  also 
added  to  the  fuel  as  solubie  compounds. 

Cylindrical  bars  (length:  120-140  mm,  diameter:  7-12  mm)  are  usually  used  as  test 
specimens.  Eight  specimens  are  uniformly  spaced  In  the  holder  around  a  1 .8  inch 
(45.72  mm)  diameter  circle  centered  on  the  axis  of  rotation  (180  up  to  1800  rpm) 
and  are  exposed  to  the  hot  gas  stream.  Normally  one  space  on  the  holder  has  to 
be  reserved  for  a  dummy  specimen  to  measure  the  test  temperature  by  Ni/NICr 
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Figure  1.  Schematic  view  of  burner  rig  at  DLR. 

thermocouples  embedded  in  its  metallic  interior.  The  thermoelectric  voltages  are 
conducted  by  a  sliding  ring  system.  In  addition,  specimen  temperatures  can  be 
detected  with  an  optical  pyrometer. 

The  gas  temperature  can  be  varied  between  550  °C  and  1650  °C,  and  the  gas 
velocity  will  reach  values  between  Mach  0.3  and  0.8.  For  thermocyclic  tests  the 
specimens  are  held  at  constant  temperature  during  a  heating  period  and  are 
cooled  in  a  Mach  0.1  air  stream  to  ambient  temperature  (Figure  2). 


Hot  Corrosion  Studios  of  EB-PVD  and  Plasma  Sprayed  Coatings  in  Combustion 
Gases  of  Low-Grade  Fuel 

This  work  resulted  from  a  German/Norwegian  cooperative  study  [2],  [3],  [4], 
Waspaloy,  a  typical  material  for  heat  engines,  were  selected  as  substrate  due  to 
its  high  strength  at  high  temperatures  (1000  h  creep  rupture  strength  at  900  °C: 
80  MPa).  The  low  oxidation  and  hot  corrosion  resistance  of  tnfs  material  necessi¬ 
tates  a  surface  protection.  So  far,  overlay  coatings  have  proved  most  effective 
against  severe  hot  corrosion  attack.  Therefore  various  coatings  produced  by  elec¬ 
tron  beam  physical  vapour  deposition  (EB-PVD),  air  plasma  spraying  (APS),  and 
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low  pressure  plasma  spraying  (LPPS)  were  evaluated  and  utilized  In  this  pro¬ 
gramme  (Table  1  and  Table  2).  As  is  shown  In  Table  2,  the  intended  coating 
thickness  of  approx.  300  jim  was  only  partially  achieved. 


Time 


Figure  2.  Cooling  and  reheating  curves  for  the  specimens  during  a  thermocyclic  test 
(57  min.  at  temperature,  3-min.  cool  to  ambient  temperature). 


Substrate 

Waspaloy 

Coating 

NICoCrAlY 

NiCrAlY 

FeCrAlY 

Technique 

PVD> 

APS* 

IPPS* 

PVD' 

APS* 

LPPS* 

APS* 

<DLR,  KOIn  (F.R.G.)  »DLR,  Stuttgart  (F.R.G.) 

•SI,  Oslo  (N) 

Table  1.  Coating/substrate  combinations. 


Isothermal  and  cyclic  hot  gas  tests  were  carried  out  in  a  combustion  gas  of  diesel 
fuel  at  gas  velocities  of  Mach  0.3-0.4.  The  fuel  was  contaminated  with  3  %  sulp¬ 
hur,  200  ppm  vanadium,  and  100  ppm  sodium.  A  temperature  cycle  consisted  of 
a  period  of  57  min.  at  constant  temperature  and  subsequent  cooling  in  a  Mach  0.1 
air  stream  for  3  min.  to  reach  ambient  temperature  (see  Figure  2).  Specimens 
were  tested  at  peak  temperatures  of  650,  700,  800,  and  950  °C.  The  tests  were 
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scheduled  for  250  h  but  had  to  be  reduced  to  80  or  50  h  due  to  unexpected  severe 
corrosion  attack  on  the  burner. 


Alloy 

Ni 

Cr 

Co 

Al 

Y 

Others 

d 

in  ftm 

Waspaloy 

bal. 

20.0 

13  5 

1.4 

- 

3Ti,4.3Mo 

- 

NiCoCrAIY(PVD) 

bal. 

20.0 

24  0 

12  5 

0.4 

- 

175 

NiCoCrAIY(APS) 

bal. 

16.0 

20.0 

10.0 

0.6 

9  MO 

500 

NiCoCrAIY(LPPS) 

bal. 

21.0 

22.0 

13.0 

0.3 

n.d. 

130 

NiCrAIY(PVD) 

bal. 

15.9 

- 

83 

0.5 

- 

350 

NiCrAIY(APS) 

bal. 

19,0 

- 

6  0 

0.2 

12  MO 

500 

NiCrAIY(LPPS) 

bal 

21,7 

- 

9.8 

0.8 

n.d. 

400 

FeCrAIY(APS) 

0.1 

21  0 

- 

2.0 

0.1 

bal.Fe 

500 

n  d  :  not  determined  MO:  metal  oxides 


Table  2.  Composition  (wt.  %)  of  Waspaloy  and  the  coatings;  d  indicates  the  averaged 
thickness  of  coatings. 


<  600  °C 


Hot  gas 
stream 


<  600  °C 


NajSO,, 

p-sodium  vanadium  bronze  (Na  V60,5) 


650°C  and  700°C:  Na2SQ,, 

P-sodium  vanadium  bronze 

800°C:p-sodium  vanadium  bronze/ 

K-sodium  vanadium  bronze 

950°C:K-sodium  vanadium  bronze  (Na5V12  0  32  ) 


Na2SOt , 

p-sodium  vanadium  bronze 


Corrosive  deposits 


Figure  3.  Composition  of  corrosive  deposits  on  specimens  which  were  exposed  com¬ 
bustion  gas  of  diesel  fuel  contaminated  with  sulfur,  vanadium  and  sodium 
(schematic). 

Heavy  deposits  were  formed  on  the  areas  of  the  specimens  which  were  only  mar¬ 
ginally  exposed  to  the  gas  stream  thereby  reaching  temperatures  lower  than 
approx.  600  °C  (Figure  3).  These  areas  shift  outwards  to  cooler  regions  of  the 
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specimens  when  the  test  temperature  was  increased.  The  heavy  deposits  con¬ 
sisted  mainly  of  sodium  sulphate  ( Na,S04 )  and  /3-sodium  vanadium  bronze 
(/VaV9Ol5)  [2], 

Deposits  condensed  on  the  hot  zone  of  the  specimens,  where  the  temperature 
exceeded  approximately  600  °C,  were  mostly  molten.  Fast  velocities  of  the  gas 
stream  allowed  formation  of  only  thin  deposits  500  nm).  The  deposits  formed 
at  650  and  700  °C  consisted  of  sodium  sulphate  and  /3-sodium  vanadium  bronze. 
Mixed  /?-  and  rc-sodium  vanadium  bronze  were  formed  at  800  °C  while  deposits 
formed  at  950  °C  only  contained  x-sodium  vanadium  bronze  (Na5V,P032)  [2].  The 
deposited  molten  layers  initiate  the  successive  hot  corrosion  process  of  the 
metallic  materials. 
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Figure  4.  Corrosion  attack  data  for  Waspaloy  and  coating  alloys  exposed  to  high 
velocity  gas  stream  at  650,  700,  800,  and  950  °C. 

The  corrosion  attack  of  coated  and  uncoated  Waspaloy  measured  as  surface  loss 
from  central  sections  of  the  test  bars  is  summerized  in  Figure  4.  The  corrosive 
degradation  generally  increased  with  temperature  at  equal  exposure  time.  Espe¬ 
cially  at  the  higher  test  temperatures,  many  coatings  were  corroded  completely 
or  at  least  in  patches,  thus  corrosion  could  spread  to  the  substrate.  The  extent  of 
consumption  depended  on  the  type  of  coating  as  well  as  the  original  coating 
thickness  (see  Table  2).  In  contrast  to  the  corrosion  of  the  coating  alloys,  essen¬ 
tially  Induced  by  vanadates,  Waspaloy  was  additionally  susceptible  to  internal 
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sulphidation  and  oxidation  (Figure  5).  The  maximum  penetration  of  this  kind  of 
internal  corrosion  is  specially  marked  in  Figure  4. 


internal 

oxidation 

internal  outer  scale  of  corrosion 

sulphidation  products  and  deposits 


Figure  5.  Cross  section  (backscattered  electron  imaging)  of  the  corrosion  products 
formed  on  Waspaloy  at  950  °C  (cyclic)  after  80  h. 

In  general,  unprotected  Waspaloy  has  the  highest  corrosion  rate.  All  APS-  and 
LPPS-coatings  tested  at  temperatures  up  to  800  °C  reduce  the  corrosion  rate 
during  the  tests,  which  last  50  h.  When  the  original  thickness  of  PVD-coatings  was 
sufficient  (approx.  300  //m),  then  these  coatings  were  even  superior  to  the  plasma 
sprayed  coatings  as  is  shown  by  those  NJCrAIY(PVD)-coated  specimens  Isother- 
mally  and  cyclically  tested  at  650  °C  and  reothermally  tested  at  800  °C.  Consid¬ 
ering  all  test  temperatures,  FeCrAIY(APS)  coatings  generally  were  the  most  cor¬ 
rosion-resistant.  This  is  clearly  shown  by  tests  at  950  °C,  where  FeCrAIY(APS)  was 
the  only  coating  which  was  not  completely  corroded. 

Typical  microstructures  of  the  scales  formed  on  Ni-base  and  FeCrAlY  coatings  are 
illustrated  in  Figure  6  and  Figure  7,  respectively.  The  scales  consist  of  a  thin 
oxide  layer  adjacent  to  the  metal  and  a  thick  outer  layer  composed  of  deposits  and 
corrosion  products.  The  matrix  phase  of  the  outer  layer  (medium  grey  on  Ni-base 
coatings,  dark  gray  on  FeCrAlY  coating)  represents  the  vanadium  containing 
deposits  mentioned  above.  The  main  corrosion  product  on  Ni-base  coatings  is 
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coating  products  and  deposits 
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Dark 

24.3 

25.2 

50.5 
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Scale  natrix 

2.6 

1.2 

0.5 

0.2 

41  .4 

11.0 

43.1 

Figure  6.  Cross  section  (backscattered  electron  imaging)  of  the  scale  formed  on 
NiCoCrAIY(APS)  at  800  °C  (isothermal)  after  50  h  and  results  of  microprobe 
analysis  (wt.  %). 

nickel  orthovanadate  ( Ni3(VO,)2 )  precipitated  from  the  molten  vanadate  matrix  on 
cooling.  The  corresponding  precipitates  on  NiCoCrAlY  coatings  contain  additional 
cobalt  in  solid  solution  and  may  be  described  as  (Ni,Co)3(VO,)2  (light  grey  in 
Figure  6).  The  dark  phase  in  the  outer  layer  is  shown  by  microprobe  analysis  to 
be  AIPO,  probably  originating  from  phosphorus  in  the  diesel  fuel.  The  thin  inter¬ 
face  oxide  layer  consists  of  various  oxides  of  the  coating  elements  which  mainly 
have  spinel  phases.  Sharp-cornered  precipitates  in  the  scales  on  FeCrAIY-coatings 
(light  grey  in  Figure  7)  are  probably  (Ni,Fe)(Cr,Fe)2Ot  spinels.  The  oxide  layer 
(medium  grey)  adjacent  to  the  metal  consists  of  various  iron  and  chromium 
oxides.  These  oxides  seem  to  be  less  soluble  in  molten  vanadate  than  nickel  and 
cobalt  oxides.  This  may  explain  the  better  corrosion  behaviour  of  FeCrAlY  coat¬ 
ings,  especially  at  950  °C,  compared  with  Nf-base  coatings.  The  respective  mech¬ 
anisms  were  detailed  by  Seiersten  and  Kofstad  [5]. 

When  comparing  isothermal  tests  with  cyclic  tests,  no  clear  effect  of  these  test 
conditions  on  surface  loss  can  be  observed.  So,  temperature  cycles  were  by  no 
means  detrimental.  Only  FeCrAlY  coatings  corroded  faster  on  cycling. 
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Figure  7.  Cross  section  (backscattered  electron  imaging)  of  the  scale  formed  on 
FeCrAIY(APS)  at  950  °C  (isothermal)  after  80  h  and  results  of  microprobe 
analysis  (wt.  %). 


The  High  Temperature  Oxidation  Behaviour  of  the  Single  Crystal  Ni-Base  Alloy 
M002  mod.  with  and  without  Protective  Coatings 

These  investigations  were  accomplished  in  cooperation  with  the  MTU,  MOnchen 
[6].  Turbine  blades  for  advanced  aero  engines  have  been  produced  from  Ni-base 
alloys  in  single  crystal  form.  In  comparison  to  polycrystalline  blades,  their 
improved  creep  strength  allows  a  higher  operating  temperature.  The  surface  tem¬ 
perature  of  turbine  blades  at  the  leading  and  trailing  edge  is  sometimes  in  the 
range  of  1050  to  1100  °C.  Under  these  conditions,  the  surface  attack  by  oxidation 
cannot  be  neglected,  and  protection  by  a  suitable  coating  has  to  be  provided. 

The  single  crystal  alloy  M002  mod.  (composition  (wt.  %):  Ni,  8.5Cr,  5Co,  5.5AI, 
2.2Ti,  9.5W,  2.8Ta)  which  is  identical  with  the  alloy  SRR99  were  used  as  substrate 
material.  Cylindrical  bars  of  this  alloy,  uncoated  as  well  as  coated  with  Al  (Codep), 
PtAI  (RT22),  and  LPPS-MCrAlY  (LC022;  composition  (wt.  %):  Co,  31Ni,  21Cr,  8AI, 
0.5Y),  were  used  for  testing  by  the  high-velocity  burner  rig  (see  Figure  1)  under 
service-like  conditions.  The  specimens  were  cyclically  tested  at  1050  °C  for  400, 
600,  and  1000  h  and  at  1100  °C  for  200  and  400  h. 
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Figure  8.  Weight  change  vs.  time  of  coated  and  uncoated  M002  mod.  obtained  during 
cyclic  testing  in  a  hot  gas  stream  of  Mach  0.3  at  1050  °C  and  1100  °C. 

Figure  8  shows  weight  change  vs.  time  data  measured  at  test  temperatures  of 
1050  and  1100  °C.  At  1050  °C  the  oxidation  resistance  of  the  substrate  is  markedly 
improved  by  the  coatings,  with  RT22  and  LC022  being  more  resistant  to  degrada¬ 
tion  than  Codep.  At  1100  °C  Codep  and  RT22  coatings  show  a  significant  loss  of 
material  within  about  50  h,  whereas  LC022  proved  stable  over  several  hundred 
hours.  These  weight  measurements  are  roughly  confirmed  by  determining  the 
average  surface  loss  of  the  specimens  at  the  zone  of  maximum  temperature  (Fig¬ 
ure  9). 

For  the  Codep  and  RT22  coatings  whose  oxidation  resistance  is  based  on  a  high 
aluminium  concentration  resolved  Al-rich  phases  can  be  taken  as  a  measure  of 
coating  consumption.  Figure  10  shows  patches  of  the  /i-NlAI  phase  (grey)  for  a 
Codep  coating  tested  at  1050  °C  for  400  h.  The  fraction  of  the  Al-rich  phase 
determined  by  relating  the  area  of  the  /1-NiAI  phase  to  the  corresponding  area  of 
the  initial  state  represents  the  consumption  of  the  coatings  (Figure  11).  At 
1050  °C  the  Codep  coating  is  almost  completely  consumed  after  400  h,  whereas 
the  RT22  coating  still  has,  even  after  1000  h,  a  residual  thickness  of  about  40  % 
of  Its  original  value.  At  1100  °C,  Codep  and  RT22  coatings  are  already  consumed 
after  less  than  200  h. 

The  LC022  coating  shows  hardly  any  reduction  In  thickness  by  oxidation  at 
1050  °C  (see  Figure  9).  Also,  alumlnlde  phases  could  not  be  detected  in  this 
plasma  sprayed  coating  even  after  the  shortest  testing  time  of  400  h.  LC022  Is  not 
significantly  oxidized  at  1100  °C  after  400  h,  too.  On  the  other  hand,  voids  were 
formed  in  the  LC022  coatings,  especially  close  to  the  original  coating-substrate 
interface  (Figure  12).  The  void  density  increases  and  the  size  of  voids  grows  with 
longer  testing  times  and  higher  temperatures. 


I 


Figure  11.  Consumption  of  Al  (Codep)  and  RT22  coatings  as  a  function  of  time  at 
1050  °C. 


Figure  12.  Formation  of  voids  in  the  LC022  coating  tested  at  1100  °C  for  400  h  (optical 
micrograph  from  a  cross  section). 
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In  general,  tests  have  demonstrated  that  the  oxidation  resistance  of  the 
M002  mod.  coating  systems  increases  in  the  sequence:  uncoated  -  Al(Codep)  - 
PtAI(RT22)  -  MCrAIY(LC022). 

MOLTEN  SALT  CORROSION 

Figure  13  shows  the  electrochemical  cell  which  is  used  for  experiments  in  molten 
salts.  The  arrangement,  especially  the  electrodes,  was  essentially  developed  on 
the  model  of  an  apparatus  that  had  existed  at  Sulzer  Bros.  Ltd.,  Winterthur,  Swit¬ 
zerland  [7],  [8]. 

A  grounded  gastight  Inconel-601  insert  placed  between  the  furnace  windings  and 
the  cell  serves  as  electrical  shielding  and  protection  against  corrosion.  The  alu¬ 
mina  crucible,  which  contains  the  salt  melt,  is  put  on  the  bottom  inside  this  insert. 
For  experiments  under  a  controlled  atmosphere  gas  can  flow  through  a  alumina 
tube  and  bubble  through  the  melt.  Passing  along  a  coil  of  platinum  wire,  gas 
reactions  can  be  catalysed. 


Counter 

electrode 


Furnace 


Figure  13.  Schematic  assembly  for  electrochemical  studies. 


potential  L  AE  (mV) 
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For  electrochemical  measurements  a  three-electrode  arrangement  including 
counter,  working,  and  reference  electrode  is  used.  The  working  electrode  is  con¬ 
structed  by  sealing  a  metal  rod  with  ceramic  cement  into  one  end  of  an  alumina 
tube.  The  platinum  lead  wire  contacting  with  the  specimen  is  thus  Isolated  from  the 
melt.  A  platinum  foil  cylindrically  bent  is  utilized  as  counter  electrode  and  sur¬ 
rounds  the  working  electrode.  The  Pt(02)/Zr02(Y203)-  electrode,  really  an  indicator 
electrode  for  oxygen,  was  propagated  by  Erdos  et.al.  [7]  as  appropriate  reference 
electrode  in  sulfate  melts.  A  Pt/PtRh-thermocouple  inserted  into  the  Zr02(Y203) 
tube  of  this  electrode  measures  the  temperatures  of  the  melt.  For  comparative 
measurements  the  platinum  coil  in  the  gas  inlet  tube  contacting  with  a  lead  wire 
can  additionally  be  used  as  reference  electrode.  If  the  three  electrodes  are  con¬ 
nected  with  a  potentiostat,  polarization  measurements  can  be  employed  to  deter¬ 
mine  current-potential  curves.  Potential-time  curves  can  be  measured  by  a  poten¬ 
tiometer  which  is  joined  to  the  working  and  reference  electrode. 


molten(NaogKo))2S04,  air,  900°C 


■  f—  I  '  '  f  I  '  '  '  '  1 

0  10‘  10z  103  104 
— •  time  t  (h) 

Figure  14.  Potential  vs.  time  of  nickel  and  Ni-base  alloys  in  a  sulfate  melt  under  air 
atmosphere  at  900  °C  (potential  measurement  with  a  Pt(0,)/ZrOj(YjO,)- 
electrode). 

The  diagram  of  Figure  14  shows  the  time-dependent  variation  of  the  potential  for 
Waspaloy  in  molten  (Na0?K„  ,)2SO«  under  air  atmosphere  at  900  °C  in  comparison 
with  corresponding  measurements  of  Erdfis  et.al.  [8]  for  nickel  and  some  Ni-base 
superalloys.  The  range  of  curves  with  an  approximate  constant  potential  repres¬ 
ents  the  incubation  period  where  the  nickel  alloys  are  protected  by  a  closed  oxide 
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layer.  The  potential  drop  Is  caused  by  breaking  down  of  this  layer  because  fresh 
metal  surface  comes  In  contact  with  the  molten  salt.  Corrosion  can  now  attack  the 
Ni-base  alloys  at  unprotected  points.  In  the  case  of  sulfate  melts,  sulphidation  is 
usually  involved  in  the  corrosion  process. 

The  onset  of  the  potential  drop  depends  on  the  chromium  concentration  of  the 
nickel  alloys.  This  result  confirms  the  increase  in  corrosion  resistance  with 
Increasing  fraction  of  chromla  in  the  surface  oxide  layer. 

The  potential  of  unalloyed  nickel  is  at  all  times  more  negative  than  that  of  the 
nickel  alloys.  Since  the  oxide  layer  formed  on  nickel  contains  no  chromia,  resist¬ 
ance  against  hot  corrosion  is  reduced. 
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A  paper  was  presented  by  Mr.  Garrett  Browne  of  the  U.  S.  Navy  which  covered  various 
fleet  problems  in  the  area  of  high  temperature  oxidation  and  hot  corrosion.  This  is  a 
summary  of  the  responses  to  this  presentation. 

The  discussion  which  followed  Mr.  Browne's  presentation  can  be  grouped  into  the 
following  primary  topic  areas: 

I.  Water  washing  of  aircraft  engines 

A.  Comments  on  the  efficacy  In  reducing  or  preventing  hot  corrosion  problems  by 
washing  away  salt  deposits. 

B .  Comments  on  the  drawbacks  of  water  washing,  including  introduction  of  additional 
corrosion  problems . 

C.  Comments  on  the  implement  * M r  of  water  washing,  including  the  use  of  inhibitors. 

II.  User's  view  of  high  urn  ature  corrosion  problem. 

A.  RAF  (UK) 

1.  T-56  engine 

2.  Pegasus  engine 

3.  RV-199  (Tornado)  engine 

4.  Spey  250  (Nimrod  AEW)  engine 

B.  Canadian  laboratories  (CA) 

1.  F 404  engine 

III.  Selection  and  evaluation  of  coatings 

A.  Standardization  of  testing 

1.  Difficulties  of  standardization,  technical  and  administrative. 

2.  Methods  of  coating  characterization. 

B, .  Choosing  coatings 

1.  Coatings  for  hot  corrosion. 

2.  Difficulties  of  making  general  rules  for  coating  selection. 

3.  Need  for  Independent  data  base. 


At  the  conclusion  of  the  discussion  two  topics  for  future  AGARD  Workshops  were 
suggested*  One  topic  was  in  the  area  of  engine  testing  for  hot  corrosion.  This  was  a 
primary  concern  of  engloe  users  who  questioned  the  adequacy  or  sufficiency  of  existing 
engine  tasting  requirements  for  high  temperature  corrosion.  The  second  topic  was  In  the 
area  of  repai rabi 1 1 ty  of  engine  components  with  regard  to  high  temperature  corrosion  and 
coatings.  This  was  suggested  as  a  relevant  area  since  hot  corrosion  problems  often 
appear  in  local  regions  of  a  component  such  as  the  leading  edge,  trailing  edge,  tip, 
etc  . 


The  following  is  a  summary  of  the  individual  questions  and  comments  which  comprised  the 
discussion  session.  The  comments  written  here  are  not  verbatim  but  rather  paraphrased 
and  condensed.  Every  attempt  has  been  made  to  preserve  the  accuracy  of  the  technical 
content  of  each  response. 
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M.  DcCrescente  (US):  Commercial  engines  don't  show  as  much  of  a  hot  corrosion  problem 
as  Military  engines.  We  spent  a  lot  of  time  in  years  past  looking  at  sulfidation  In 
Industrial  turbines  and  turbines  on  container  ships,  and  much  of  my  personal  experience 
is  based  on  these  Investigations - 

The  following  comprises  my  understanding  of  the  naval  aircraft  gas  turbine  engine  hot 
corrosion  problem: 

The  primary  source  of  the  problem  occurs  when  the  aircraft  is  on  the  deck  of  an  aircraft 
carrier  or  on  an  airfield,  engines  idling.  At  this  point  ingestion  of  salt-laden  air 
occurs.  This  salt  can  deposit  onto  the  compressor  or  pass  into  the  turbine  and  deposit 
on  relatively  cool  parts.  The  aircraft  then  takes  off  and  once  above  approximately 
fifty  feet  there  Is  no  further  ingestion  of  salt.  Therefore  the  damaging  salt  is 
ingested  at  ground  level. 

The  greatest  period  of  concern  for  hot  corrosion  is  when  the  engine  Is  at  full  thrust 
and  the  metal  parts  are  at  their  highest  temperatures.  Two  possibilities  for  the 
salt/metal  interaction  are  as  follows: 

(a)  The  salt  can  evaporate  from  the  hot  part  before  the  incubation  period  expires. 

This  Is  why  that  Incubation  period  is  so  important  and  why  we  are  trying  to  extend  the 
incubation  period. 

(b)  The  salt  can  spall  from  the  compressor  parts-  In  this  case  you  have  pieces  of  salt 
passing  through  the  combustor  rather  that  vapor.  These  then  splash  onto  the  hot  metal 
parts,  typically  the  leading  edges.  This  results  in  extensive  sulfidation. 

In  the  Industrial  turbine  work  we  realized  the  importance  of  the  start-up  period.  The 
turbines  which  underwent  “hot  starts"  experienced  extensive  sulfidation  problems.  We 
also  found  that  water  washing  was  effective  in  the  industrial  turbine  area. 

The  use  of  new  parts  is  highly  recommended  for  a  water  wash  study,  since  the  residual 
sulfur  left  in  refurbished  parts  can  by  itself  cause  the  re-appearance  of  sulfidation. 

UTRC  considered  using  inhibitors  for  preventing  hot  corrosion  in  our  turbines.  We 
decided  against  it  because  of  expense,  logistics,  and  environmental  concerns.  The  use 
of  an  addition  to  a  water  wash  which  would  remain  behind  to  act  as  an  inhibitor  during 
the  start-up  period  might  be  effective. 

Finally,  1  think  that  future  technological  advances  such  aa  better  materials  and  hotter 
engines  should  reduce  the  hot  corrosion  problem,  providing  compressor  shedding  Is 
avo lded  . 


J.  DeLttccla  (US):  The  presence  of  chlorides  above  fifty  feet  has  been  observed  and 
documented  . 


C.  Browne  (US):  A  USAF  study  determined  that  NaCl  can  be  found  at  altitudes  up  to 
30,000  feet  above  the  ocean.  Additionally,  during  Indian  Ocean  deployments  at  monsoon 
season  heavy  concentrations  of  sand  and  salt  particulates  are  found  at  altitudes  up  to 
2500  feet . 


M.  DcCrescente  (US):  What  were  the  relative  concentrations  of  salts  at  sea  level  and 
30,000  feet? 


G.  Browne  (US):  Much  lower  at  30,000  feet,  but  they  are  there.  The  U.  S.  Air  Force  has 
started  rinsing  lta  aircraft.  The  result  la  that  $1.00  was  saved  in  maintenance  costa 
for  each  $0.02  spent  on  washing. 


A.  Gupta  ( CA) :  Has  the  water  wash  effluent  been  analyzed  coming  out  of  the  compressor? 
Z  have  a  study  which  shows  that  NaCl  Is  not  a  primary  contaminant,  so  I  assume  that  It 
makes  its  way  further  Into  the  combustor. 

Also,  the  concent ra t Ion  of  NaCl  In  the  air  la  dependant  on  many  variables  such  as 
temperature,  sea  state,  ship  speed,  etc. 


J.  DeLuccia  (US):  All  envlronnente  are  not  the  same.  The  carrier  deck  is  an  extreme. 
We  were  surprised  at  the  severity  of  our  Indian  Ocean  deployments,  which  we  find  are 
twice  as  severe  as  other  deployments.  We  have  a  lot  of  work  to  do. 


J-P*  Immmrigeon  (CA):  t  would  like  to  dampen  the  enthusiasm  concerning  water  washing 
and  lta  potential  benefits.  The  critical  area  for  hot  corrosion  is  nesr  the  cooling 
holes  in  the  turbine  blades.  Here  you  find  a  temperature  gradient  and  a  lack  of 
protective  coating  both  of  which  favor  hot  corrosion  attack.  This  localised  attack 
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leads  to  swelling  of  the  aetal  and  blockage  of  the  cooling  holes  and  further  damage  due 
to  oxidation  as  the  aetal  teaperature  Increases.  Because  of  the  need  for  cooling 
passages  and  therefore  the  presence  of  such  teaperature  gradients  higher  engine 
temperatures  will  not  necessarily  diminish  the  problem.  There  will  still  be  a  region  on 
the  blade  which  will  be  susceptible  to  hot  corrosion. 

Furthermore,  concerning  the  question  of  incubation  times  for  hot  corrosion  and  water 
washing*  If  the  Incubation  times  are  on  the  order  of  hours,  and  washes  are  performed  on 
the  order  of  tens  or  hundreds  of  hours,  will  the  wash  be  effective  if  corrosion  has 
already  started? 


M.  DeCrescente  (US):  Have  you  tried  water  washing  to  solve  your  problem? 


J-P.  IisarlgeoD  (CA):  The  problem  will  exist  under  any  condition  since  it  is  highly 
localized-  The  location  of  the  problem  will  simply  shift.  The  real  solution  to  the 
high  temperature  corrosion  problem  lies  in  controlling  the  high  temperature  surface 
reactions  by  use  of  coatings  and  alloying. 


J.  De Luce  la  (US):  On  the  subject  of  incubation  time,  Dr-  Bornsteln  clarified  this  the 
other  day.  The  incubation  times  given  were  for  accelerated  laboratory  tests,  not  from 
actual  engine  operating  time. 

It  is  clear  that  the  solution  to  this  problem  does  not  lie  with  water  washing  alone.  It 
1 8  only  a  "band-aid “ ,  not  a  permanent  solution.  We  have  to  approach  the  problem  on  many 
fronts  . 


G.  Browne  (US):  Concerning  the  implementation  of  water  washing-  normally  we  run  the 
engine  for  five  minutes  after  the  fresh  water  rinse.  This  procedure  thoroughly  dries 
the  engine  . 


A.  LeBlanc  (CA):  I  have  a  question  for  the  U.  S.  Navy  concerning  their  experience  with 

the  IPS  (inlet  particle  separator)  on  the  T-700  engine-  Has  the  use  of  the  IPS  had  an 
Impact  on  the  engine  wash  cycle? 


G.  Browne  (US):  We  have  had  no  problems  with  the  IPS.  The  particle  separator  seems  to 
help.  Concerning  water  washing-  the  problem  we  have  with  the  helicopter  engine  is 
during  the  close  hover  to  the  water.  The  rotor  wash  can  result  in  a  continuous  salt 
laden  mist.  Our  documentation  shows  that  the  engine  that  is  washed  Last  longer.  But 
you  have  to  get  the  contaminants  out  after  washing,  by  flushing  the  engine  thoroughly 
with  pure  water.  You  also  must  dry  it  out  by  running  the  engine- 


H.  Gaaaon  (UK):  I  would  like  to  give,  from  a  user's  viewpoint,  the  RAP's  experience 
with  corrosion  problems  in  some  of  their  engines.  These  comments  were  collected  through 
informal  discussions  with  the  various  program  offices  responsible  for  these  engines. 

First,  regarding  the  T-56  Hercules.  With  the  LP1  rotor  blade  we  see  sulfidation, 
oxidation  of  the  internal  cooling  passages,  and  premature  stress-rupture  failure.  Some 
solutions  are  as  follows: 

I.  Reduce  the  crulBe  TIT  from  985  to  932  °C-  This  is  a  possible  short  term  solution. 

2.  Perform  a  half-life  turbine  overhaul.  This  is  a  more  likely  solution.  The  Royal 
New  Zealand  Air  Force  la  looking  at  this  also. 

3.  Change  the  blade  material  from  IN738  to  MM246.  This  is  the  manufacturer's 
recommends t ion  . 

4.  Internal  treatment  of  the  cooling  holes.  This  is  the  best  long  term  solution  but 
development  of  a  process  is  needed. 

Concerning  the  Pegasus  engine,  used  in  the  RAF  Harrier  and  the  Royal  Navy  Sea  Harrier. 

I  have  a  question  for  the  U.  S.  Navy:  This  engine  operates  using  a  water  injection 
system.  Is  this  a  possible  source  for  the  problems  the  U-  S.  Navy  is  experiencing? 


G.  Brown*  (US):  I  really  can't  answer  that.  But  I  do  know  that  this  aircraft  is  used 
by  the  Marines  under  very  harsh  environments  including  sand  ingestion.  There  is  no 
question  that  the  problem  is  not  just  the  engine  design  or  fabrication  but  also  the 
environment  which  the  engine  is  used.  The  environment  is  part  of  the  problem. 


■  .  Gammon  (UK):  The  Pegasus  engine  is  designed  for  a  400  hour  life  for  the 

combustor/ turbine  .  We  are  considering  using  a  TBC  on  the  NGV  and  a  single  crystal  blade 

material . 
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Concerning  the  RVL99  engine  used  in  the  Tornado  aircraft  -  currently  the  HP  turbine  uses 
an  IN100  blade  and  we  are  experiencing  tip  plug  loss*  This  is  basically  corrosion  under 
the  plug  which  forces  the  plug  out ,  followed  by  a  loss  of  blade  cooling*  One  possible 
cause  which  has  been  suggested  is  "gunfiring"  and  re-ingestlon  of  gaseous  propellant* 

One  solution  may  be  to  close  the  tip  by  welding  or  protecting  the  part  with  a  ceramic 
material  ■ 

Concerning  the  Spey  250  engine  used  in  the  Nimrod  AEW  aircraft  -  here  we  see  a  high 
cost  of  spare  parts  due  to  loss  of  engine  parts  to  corrosion.  One  solution  may  be 
double  aluminizing  or  the  use  of  a  ceroetal  sacrificial  coating  on  the  blades  and  disks- 

Concerning  the  RAP  and  compressor  washing  -  the  RAF  has  blown  hot  and  cold  on  this  issue 
over  the  years-  It  is  currently  out  of  vogue,  but  is  being  reviewed  again  for  possible 
implementation  . 

The  IPS  for  helicopter  engines  is  being  reviewed  with  interest  for  use  in  dusty 
env Ironments  - 


K.  Thamburaj  (CA):  Some  comments  for  the  Canadian  laboratories  on  the  F404  HPT-  The 
blades  shown  by  Mr.  Browne  had  a  TMF  count  of  15,700  cycles,  or  about  one-half  their 
expected  life.  The  material  used  is  a  DS  Rene  80,  and  we  are  observing  tip  damage.  The 
exact  mechanism  is  unknown  but  it  is  tip  oxidation  and  not  tip  erosion.  No  sulfur 
compounds  are  observed  in  the  hardware.  The  Australians  also  have  a  problem  with  tip 
oxidation  in  the  HPT  and  we  would  like  to  know  if  the  U.  S.  Navy  also  sees  this  problem- 

The  outside  damage  is  only  half  the  story.  Internal  damage  of  the  blade  is  also 
Important.  As  a  solution  we  are  looking  at  improving  the  tip  oxidation  resistance.  The 
Australians  are  developing  their  own  coating  for  this  blade. 


P.  Patnlak  ( CA ) :  We  see  the  same  problem  with  both  the  GE  and  PWA  blade  at  one-half 
FTC,  about  15,000  cycles-  We  see  tip  oxidation  due  to  plugged  cooling  holes.  There  are 
twenty-two  cooling  holes  in  the  tip  region  of  these  blades-  We  have  examined  fifty  to 
sixty  blades  and  most  had  blockages  In  at  least  sixteen  of  these  cooling  holes-  GE  has 
issued  an  Engineering  Change  Proposal  to  Introduce  two  new  cooling  holes  into  the 
trailing  edge  near  the  tip.  This  will  not  be  sufficient  as  a  solution  since  the  problem 
is  so  extensive  . 

A  cause  of  tip  cracking  in  these  blades  may  be  loss  of  the  aluminide  coating  caused  when 
the  tip  rubs  the  outer  seal.  Remember  that  Rene  80  is  a  relatively  poor  alloy  for 
oxidation  resistance,  but  good  in  hot  corrosion. 

I  have  a  concern  for  coating  technology.  We  have  seen  component  technology  grow  from 
polycrystal  to  DS  to  single  crystal.  Is  aluminide  coating  technology  and  coating 
technology  In  general  keeping  pace? 


J-P  Immarigeon  (CA):  I'd  like  to  expand  a  bit  on  surface  degradation  and  internal 
cooling  holes  of  blades  in  the  F404  and  the  T-56.  The  U.K.  is  having  problems  with  the 
T-56.  The  problem  has  grown  in  size  over  the  last  few  years.  We  are  seeing  damage  of 
this  type  in  Canadian  engines,  although  1  don't  know  of  any  premature  stress-rupture 
failures  at  this  time.  We  are  looking  at  coating  the  internal  cooling  passages.  Let  me 
note  that  an  industrial  version  of  this  engine  has  had  internal  cooling  passages  coated 
by  the  manufacturer  and  has  done  very  well.  We  are  looking  at  this  from  a  metallurgical 
viewpoint,  but  we  would  like  to  try  it  in  Canadian  engines-  There  would  be  no  need  for 
blade  re -design  . 


K.  Doruk  (TU):  The  question  I  have  regards  the  replacement  of  a  polycryatal  component 
with  a  DS  component.  What  effect  can  I  expect  on  the  oxidation  and  hot  corrosion 
behavior? 


P.  Patnlak  (CA):  I  can  comment  on  the  fact  that  such  a  change  can  affect  the  creep 
behavior  of  the  blade.  For  example,  Codep-coate d  DS  Rene  80  will  have  reduced  creep 
properties  and  improved  TMF  characteristics  relative  to  Codep-coated  polycrvstal  Rene 


80. 


I  am  alao  interested  in  hearing  more  about  the  role  of  active  elements  such  as  yttrium 
and  hafnium  in  the  substrate  and  the  relation  to  oxidation  resistance. 


N.  DeCrescente  (US):  I  can  r.mment  on  the  so-called  active  element  effects.  Our 
research  shows  quite  conclusively  that  active  elements  prevent  sulfur  from  diffusing  to 
the  coated  surface  thereby  enhancing  oxide  acale  adherence  . 


A.  Copt a  (CA):  I  would  like  to  broaden  the  horlson  somewhat  and  ask  the  question  - 
there  art  eo  many  coatings.  Which  coating  do  wa  select?  What  about  standard  testing 
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procedures,  such  as  VAMAS?  We  should  be  talking  about  developing  soae  standard  testing 
procedures  . 


J.  De Luce  la  (US):  Perhaps  Dr-  Gibbons  can  give  us  a  few  words  on  that  topic. 

T.  Gibbons  (UK):  1  can  comment  on  the  topic  of  standardization  and  VAMAS  as  an  example- 

Here  is  a  case  where  the  research  institute  can  help  the  user  community.  But  the 
problem  is  also  the  perception  of  corrosion  as  a  "low  tech”  problem-  Topics  such  as 
MMC's,  high  strength  polymers,  and  RST  are  popular.  Hot  salt  corrosion  Just  isn't 
perceived  as  such  an  important  technology  by  the  funding  sources. 

As  far  as  standardization,  we  must  become  more  quantitative  in  our  research.  There  Just 
isn't  a  "magic  solution"  to  the  high  temperature  corrosion  problem.  What  we  need  is  the 
ability  to  make  discrete  and  finely  Judged  differences  between  one  material  and  another 
and  one  coating  and  another.  For  this  we  need  to  be  able  to  make  quantitative 
measurements  and  reliably  perform  standard  procedures. 

What  we  also  must  do  as  a  body  of  researchers  is  to  be  more  public  about  our 
difficulties  and  the  need  for  corrosion  research.  In  particular  this  publicity  needs  to 
reach  the  funding  sources  • 


J.  De Luce la  (US):  1  can  comment  about  the  difficulties  In  developing  standard  test 

procedures  from  my  experience  in  the  area  of  corrosion  fatigue.  Twelve  years  ago  we 
started  an  eight  nation  round-robin  testing  program-  It  took  six  years  to  finish  the 
core  program-  We  had  to  write  our  own  test  manual  which  each  participating  laboratory 
had  to  use  .  It  took  another  six  years  to  complete  a  follow-on  program.  So  you  are 
talking  about  a  long-term  Investment  of  time  to  develop  standardization  procedures. 

That  is  a  good  question  -  should  a  hot  corrosion  round-robin  be  Initiated  within  AGARD? 


A.  Gupta  (CA):  This  still  does  not  answer  the  question  as  to  what  coating  should  I  be 
using.  What  is  the  basis  for  selecting  a  coating?  We  should  start  some  activity  on  the 
test ing  8 lde  . 


I.  Rapp  (US):  I  can  comment  on  the  aspect  of  what  kind  of  coating  would  do  any  good  as 

far  as  hot  corrosion  is  concerned. 

The  following  points  are  Important  regarding  the  nature  of  the  hot  corrosion  process: 

1.  Hot  corrosion  occurs  immediately  when  molten  sodium  sulfate  contacts  the  metal 
substrate.  Metals  are  not  thermodynamically  stable  In  the  presence  of  molten  salts- 
Therefore  an  oxide  barrier  is  necessary. 

2.  The  two  most  important  oxides  are  and  Al^O^-  The  reason  Is  because  gas 

turbines  produce  an  acidic  molten  salt  and  these  are Jthe  two  most  stable  oxides  under 
acidic  condi t  ions  . 

3.  A1 . 0^  films  grow  slowly.  This  is  why  long-term  oxidation  behavior  depends  on  Ai.O- 
formation.  But  increasing  the  chromium  content  in  the  coating  will  help  by  promoting  a 
rapidly-forming  chromia  as  a  transient  oxide  which  will  initially  protect  the  metal  from 
the  molten  sal t  • 

4.  Finally,  one  wants  to  keep  the  salt  acid,  and  keep  the  substrate  beneath  an  acid 

stable  oxide  such  as  or  Cr^O^*  Then  continuous  dissolution  and  re pr ec  1  p  1 1 a 1 1  on 

can  be  avoided  . 

As  far  as  water  washing  is  concerned,  I  think  it  Is  a  fine  idea-  l  could  see  washing 
with  a  hot  water  solution  and  finishing  with  a  solution  containing  an  aqueous  chromate 
inhibitor.  And  as  far  as  the  type  of  coating  one  wants,  aluminide  coatings  form  an 
Al^O^  film  which  grows  too  slow.  I  think  a  coating  such  as  the  c hr om i ze J -a  1 um 1 n i zed 
pack  coating  we  have  developed  would  be  best.  Our  problem  with  this  coating  has  been 
the  "NIH”  factor,  or  the  "not-invented-her e "  factor.  There  can  be  a  problem  in 
tranai tioning  university  research  to  a  coating  manufacturer. 


K.  Hevrel  (PR):  Some  comments  on  how  to  choose  a  coating  -  I  think  there  are  four 
primary  factors  which  must  be  considered.  First,  the  environment  -  the  temperature,  the 
cycle  shape,  the  atmosphere-  Secondly,  the  substrate,  and  its  compatibility  with  the 
coating.  Here  we  mean  chemical  compatibility  (limited  interdlf f us  Loo )  and  mechanical 
compatibility.  Thirdly,  the  application  process  must  be  considered*  Each  process  has 
advantages  and  disadvantages.  For  Internal  cooling  passages  some  type  of  CVD  or 
modified  pack  proceaa  must  be  conaidered.  Plasma  spray  is  restricted  to  simpler 
component  geometries.  Finally,  the  users  requirements  come  In.  Most  users  do  not  want 
a  coating  which  has  only  one  source  .  There  can  be  patent  problems .  And  the  coat  is 
often  not  the  least  Important  factor.  For  these  reasons  it  la  difficult  to  design 
general  rules  for  coating  selection. 


R-6 


A.  Gupta  (CA):  My  question  perhaps  was  ai s unde r s tood .  I  don't  mean  coating 
developaent •  What  I  aean  to  ask  is  that  there  are  so  aany  coatings  available.  I  know 
ay  need,  but  there  is  no  data  for  selecting  from  available  coatings  based  upon  my  need* 
For  example,  we  would  like  an  ASTM  source  book  which  would  tell  me  that  for  TMF 
improvement,  select  this,  for  hot  corrosion  improvement,  select  this. 

1  also  have  difficulty  with  the  definitions  for  hot  corrosion,  sulfidation,  sulfation, 
etc. 


M.  DeCrescente  (US):  There  is  a  need  for  standardization  as  far  as  the  manufacturers 
are  concerned.  At  PWA  there  is  a  push  to  minimize  the  number  of  coatings  in  their 
Inventories.  In  terms  of  coating  selection,  cost  is  often  the  driver.  Diffusion 
coatings  are  better  than  the  overlays  in  this  regard.  Furthermore,  diffusion  coatings 
are  better  in  TMF  than  the  overlays.  We  are  trying  to  improve  the  oxidation  resistance 
of  diffusion  coatings  to  match  that  of  the  overlay  coatings. 


K.  Waterhouse  (UK):  We  have  submitted  a  proposal  for  an  Independent  (unpred judiced ) 
information  center  on  coatings  and  surface  treatments  to  be  set  up  at  Nottingham,  but 
the  proposal  was  not  funded*  There  is  a  national  center  for  information  on  tribological 
coatings  • 


R.  Rapp  (US):  Characterization  of  coatings  is  a  difficult  task.  At  the  minimum  one 
needs  the  following: 

1.  a  good  photomicrograph 

2.  compositional  analysis 

3.  phase  identification 
A.  thickness  on  substrate 

5.  performance  in  a  specific  type  of  test 

So  some  degree  of  sophistication  is  necessary  for  an  "expert  system"  on  coatings. 


A.  Le Blanc  (CA):  From  a  user's  view,  I  don't  care  about  coatings.  1  am  concerned  only 
with  engine  performance.  1  would  like  to  know  if  the  newer  engines,  the  ones  of  the 
past  5-10  years,  show  a  hot  corrosion  problem. 


G.  Browne  (US):  The  Naval  Air  Propulsion  Center,  Trenton,  NJ  will  have  that  information 
for  the  U.  S.  Navy. 


A-  Le Blanc  (CA):  As  far  as  testing  of  engines  concerned,  will  engines  which  pass 
specifications  still  have  a  basic  coating  problem? 


J.  Deluccla  (US):  Yea. 


G.  Browne  (US):  The  problem  goes  across  the  spectrum  of  manufacturers.  The  basic  cause 
is  the  deterioration  of  the  blades,  and  it  is  a  universal  problem. 


J.  De  Luce la  (US):  Oxidation  and  hot  corrosion  problems  will  not  disappear.  It  Is  more 
a  question  of  keeping  them  tractable.  The  problems  we  have  discussed  here  today  show  a 
great  deal  of  commonality,  and  the  solutions  will  in  most  cases  share  a  great  deal  of 
commonality.  We  are  looking  for  new  directions  for  research,  and  for  new  directions  for 
maintenance  . 

Some  of  the  ideas  we  have  discussed  are 

1.  water  washing  -  the  U.  S.  Navy  has  a  severe  enough  problem  that  water  washing  is 
necessary  . 

2.  research  approaches  and  the  need  for  a  central  repository  for  information. 

I'm  not  sure  how  AGARD  figures  into  this  at  this  time.  Any  other  comments? 


J-P  Immarlgeon  (CA):  I  would  like  to  emphasise  the  need  for  s  data  base.  I  believe  the 
national  laboratories  are  the  place  for  this  effort.  And  we  need  more  than  Just  burner 
rig  data.  We  alao  need  quantification  of  interactions  between  the  costing  and 
substrate,  etc.  What  we  really  need  is  a  standard  procedure  for  coating  evaluation. 


9.  Patniak  (CA):  1  see  three  types  of  coatings  in  the  field  today  -  diffusion,  overlay 
and  T0C.  I  would  like  to  see  a  thrust  in  AGARD  concerning  the  repai rabl 1 it y  of 
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diffusion  coatings.  This  is  especially  important  since  80-90Z  of  the  problems  with 
oxidation  and  hot  corrosion  are  discovered  after  the  fact,  that  is,  after  the  engine  is 
lesigned  and  qualified. 

Since  many  of  the  problems  are  localized  to  certain  regions  of  the  blades,  such  as 
leading  edge,  trailing  edge,  and  tip,  1  believe  that  a  workshop  on  local  repair 
techniques  for  coatings  would  be  highly  received  and  worthwhile. 


J.  DeLuccla  (US):  Perhaps  we  should  consider  an  AGARD  Workshop  on  re  pa i ra b 1 1 i t y  of 
engine  components  with  regard  to  high  temperature  corrosion  and  coating^. 


T.  Gibbons  (UK):  I  would  like  to  offer  a  comment  in  support  of  Dr.  Immarigeon.  If 
standardization  is  needed,  don't  think  that  it  will  just  happen  by  itself.  And,  don't 
underestimate  the  power  of  a  group  such  as  ourselves,  the  user  group,  to  influence  the 
engine  community* 


A.  LeBlanc  ( CA ) :  My  observations  are  from  the  perspective  of  the  user,  someone  who  buys 
engines.  My  question  is  still  the  same  ~  are  the  requirements  for  engine  hot  corrosion 
testing  sufficient? 


J.  DeLuccla  (US):  Unfortunately  that  question  falls  outside  the  scope  of  the  present 
Workshop.  We  could  consider  an  AGARD  Workshop  on  engine  testing  requirements.  An  AGARD 
Workshop  on  re  pal rab 1 1 1 ty  could  also  be  considered* 
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